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Foreword

The foundation to this project was laid in summer 2005, when the well known German IT newsticker
heise.de reported that the Jülich research center will install a IBM Blue Gene/L. The group had used the
IBM p690 (Regatta) successfully for quite some time for extended density functional theory calculations
and since you can never have enough computing time, a fraction of the newly installed 4.7 Teraflops seemed
just the right opportunity to head for larger problems. The close look into the specs was disillusioning. In
order to keep the machine compact and power efficient, the compute nodes were poorly equipped with
main memory (256 MBytes per processor core) and only ran a restricted operating system. Virtual memory
was not present on the nodes. Thus it seemed, that the machine was dedicated for special purposes only
– for instance, lattice Monte Carlo or classical molecular dynamics – and was most probably not a good
object of desire for extending our computing capabilities for our DFT problems, as ab initio theory was
generally considered as an inflexible and rather resource consuming computational problem. But these
rather practical concerns did not prevent Peter Entel to pick up the phone and ask whether we could get
test access and I got the job to make our code run. What followed was what nobody (including me, in the
beginning) really expected: A little success story. The code, which we have chosen to be our main work
horse, the Vienna Ab-initio simulation package, VASP, compiled well on the machine, the restrictions
turned out to be manageable with some experience. This required a little practical knowledge of IBM RISC
machines, since, for instance, compiler messages and run time errors were not issued in human-accessible
text form in the beginning. Nevertheless, extensive changes to code and external libraries turned out not to
be required. With help from the local staff (in particular Dr. Inge Gutheil, who provided tested versions
of the important parallel linear algebra library SCALAPACK) I was able to install VASP and finally run
stable jobs. With this our project belonged to the first ones being able to do real production work on
the machine and eventually also showed a quite agreeable scaling behavior, even on 103 cores at once
(as will be discussed later). Strong support came also from Dr. Pascal Vezolle of IBM, who themselves
got interested in optimizing since other customers have meanwhile discovered the Blue Gene as a good
platform for DFT calculations with VASP, as well. In the end we were able to “survive” the serious project
evaluation procedure for the Blue Gene/L (JUBL) and its successor, the Blue Gene/P (JUGENE), during
the whole lifetime of both machines, providing us with the large amount of high-performance massively
parallel computing power, which was essential to carry out the work, which is presented in the following.

Being able to calculate on big machines is one step, solving urgent scientific problems another one.
Thus I faced critical comments from various sides, expressing skepticism that such huge calculations of
several hundreds of atoms will be good for anything and yield a scientific outcome which is only half-
way worth the effort: Computing time is expensive, one has to account for the cost of the machines (which
roughly run only four years), the energy they consume and not at last the staff operating them. For instance,
considering only the installation of a large supercomputer such as JUGENE accounts to more than 10
Million Euro. Considering in turn the computing time granted to my projects, which amounted to 2 . . .3 %
of the total available capacity of JUBL and the initial stage of JUGENE, we might end up in a medium
six-digit equivalent in Euro for the calculations carried out in the course of this work. Also, the possible
pitfalls are manifold. Starting from simple accuracy considerations – one definitely has to make the right
kind of compromise, if one wants to treat big problems in a finite amount of time – the concerns tackled
the question whether it is realistic to expect to be able to compute on thousands of cores for an extended
time span to solve a sufficiently large problem – the computing time of conventional DFT implementations
scales with N3, with N being the number of electrons – and finally of how to analyze and interpret the data,
if several hundreds of atoms (respectively, thousands of electrons) are involved.

The appropriate scientific problems emerged first from projects related to the collaborative research
center SFB 445, nanoparticles from the gas phase – formation, structure, properties. Here, the questions
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concerning the magnetic and structural problems and build-principles of nanoparticles emerging from small
gas-phase cluster played a central role. The concrete project tasks were tackled by my colleagues Georg
Rollmann, Alfred Hucht and Sanjubala Sahoo at this time, whom I assisted with my large-scale calculations
in the beginning. From the materials side, a large focus was set to iron and its alloys. Since the description
of iron and its magnetic phases was – at least at that time – not satisfactory with classical model potentials,
a DFT description was inevitable. The identification of size-related trends in the nanometer regime then
consequently requires the treatment of zero-dimensional systems with hundreds of atoms. In the end,
the supercomputer-based large scale calculations lead us as to the physical explanation of the structural
distortion pattern. This first success together with the insight that the world-wide growth of computing
power is still following an unbroken Moore’s law, i. e, an exponential behavior, brought me to the firm
conviction that massively parallel ab initio computing will soon evolve as a kind of complementary standard
tool for predictive materials screening, in particular on the nanometer scale, where experimental methods
(still) come to their limits.

Based on this first success, the idea evolved to make the next big step and turn from single-element
systems to binary particles which offer another configuration degree of freedom. Here, hard magnetic FePt
turned out to be an appreciable choice, since this alloy was considered a hot candidate as a future ultra-high
density magnetic recording medium and thus of utmost technological relevance (which, of course, fosters
the interest to study such a material). This work had strong overlap with the experiments of carried out in
Michael Farle’s and Heiko Wende’s groups at the University of Duisburg-Essen.

Occasionally, my main focus of my occupation shifted to magnetic shape memory alloys (MSMA),
when I took over a position in Peter Entel’s research project on Heusler MSMA in the DFG funded priority
program SPP 1239, Change of microstructure and shape of solid materials by external magnetic fields.
Here, my work was benefitting from the previous efforts of Alexey Zayak and Waheed Adeagbo, who
were extensively studying structure and lattice dynamics of Heusler systems. Two years later I was able
to acquire funding with my own project in the same SPP (which lasted for four more years) and the focus
shifted again from Heusler to Fe-based MSMA as Fe3Pt and Fe70Pd30 and involved close interactions
with experimental groups, in particular the groups of Sebastian Fähler (IFW Dresden) and Alfred Ludwig
(Ruhr-Universität Bochum), in the case of the Fe-based systems as well as Mehmet Acet (University of
Duisburg-Essen) for the Heusler alloys. In the six years of the SPP 1239 the main body of this work was
developing, while in 2009 Europe was entering the Petaflop age with the world’s second largest computer,
the IBM Blue Gene/P, JUGENE, installed Forschungszentrum Jülich.

The fact that the access to functional properties of Fe-Pd alloys need atomic (even electronic) resolution
necessitated again the simulation of large systems with hundreds of atoms, but required now a significantly
higher level of accuracy, which again increased the computational demands roughly by an order of mag-
nitude. The scientific essence of these investigations is that both classes of MSMA, Fe-based and Heusler
systems can be explained in the same fashion involving a special kind of self-stabilizing nanostructure,
which will be termed adaptive nanotwinning in the course of this work. This turned out to play a decisive
role for the functional efficiency of such materials. The importance of the structure on the nanoscale finally
closes the circle to the nanoparticle systems, where structural aspects, especially twinning, form a relevant
aspect determining their functional failure. The close relation between functionality and nanoscale prop-
erties justifies summarizing both, small isolated nanoparticles and nano-textured bulk materials under the
common term nanostructures, as done in the title to this work.

Meanwhile, the developers of the most popular DFT packages have included support for massively
parallel calculations with thousands of cores on state-of-the-art supercomputing hardware. Approaching
the Exaflop age (which is expected to come at the end of this decade), there are now strong efforts to take
the next big step and to develop codes which can engage even millions of processor cores efficiently. While
from the code development side things seem to be on track, the application side still needs to be addressed
to convince experimentalists that computational methods, in particular ab initio screening should be taken
up into the standard canon of materials’ characterization techniques – on eye-level with state-of-the art
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Table 1: List of correspondence between the author’s publications relevant for this work and the specific chapters.
The letters in the third column indicated, whether the correspondence exists mainly with respect to results and data
(d), reprinted figures (f) or the main text (t) of the article.

experimental methods. It is thus a main concern of this work, to demonstrate with concrete examples, how
large-scale computing, which becomes available for the public at an amazing exponential pace will make
an important contribution in the search for novel materials, which relies on a thorough understanding of
their functional properties.

The present manuscript completes an early outline of this idea given in a previous review article [1].
Consequently, it covers additional contributions of the author, which are published in the following research
and review articles: Refs. 2–5 concerning the elemental nanoclusters, Refs. 6–14, 28 concerning binary
nanoparticles for data recording and Refs. 15–17,19–27 concerning magnetic shape memory alloys as well
as new and unpublished work which is laid out in some more detail than necessary for a cumulative review
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article. The latter work was carried out to fill some logical gaps and many of these pieces have made it into
publications of their own meanwhile. Nevertheless, I decided not to restructure this work (which would
have taken considerable amount of time in addition) but to collect all relevant work in logical order, update
and amend it by additional explanatory paragraphs and sections in order to provide a coherent impression
of the underlying research goal, which accompanied all three topics from the start to the very end. This
implies a close and in several cases also literal correspondence between some sections of this manuscript
and the published articles, with respect to the parts authored by myself. The advantage is that all relevant
material is kept together in one monograph. For the reader’s convenience, the correspondence between the
articles and respective sections is listed in the table above.

The end of this foreword is presumably also the appropriate place to pay a more extensive tribute to the
many collaborators and discussion partners I was involved with over the time, in addition to those already
named earlier. They helped decisively to shape this work as it is now. As the list has grown long over the
years, here is my precautionary apology to those I missed to include here – but this is probably unavoidable.

My first thanks go again to Peter Entel who brought me into contact with all three fundamental topics.
In particular with the shape memory Heusler systems we were involved in countless discussions about the
electronic origin of the anomalies in the MSM Heusler systems which give rise to their functional behavior.
A large part of Chapter 5 would not have been feasible without this close exchange. Similar importance
owes to the close interaction with Sebastian Fähler, who introduced the formation of adaptive martensite

as an alternative interpretation of the modulated phases of Heusler MSMA. This encouraged me to explore
the success and limitations of this concept by first-principles approach, which is in my view – so far – the
only way combining atomic (electronic) resolution with the necessary accuracy. Certainly, the applicability
of the adaptive concept with respect to every detail of the martensitic transformation sequence is still under
debate (and might undergo a revision). But a central achievement is undoubtedly its unifying character, as
it helps to understand the pronounced magnetic shape memory behavior in systems as different as ordered
Ni2MnGa Heusler compounds and metastable Fe70Pd30 solid solutions on the same footing which I will
point out in this work. Concerning my work on the Fe70Pd30 system, I very much enjoyed the intense
collaboration with Sven Hamann and Sandra Kauffmann-Weiß, who were filling the related projects of
Alfred Ludwig and Sebastian Fähler with life and also the discussions with Ingo Opahle. The work on
Heusler compounds involved important contributions from the our local Ph.D. students Mario Siewert and
Antje Dannenberg and important discussions with Heike Herper, Semih Ener, Jürgen Neuhaus, Winfried
Petry, Tilmann Hickel, Jörg Neugebauer and Ulrich Rößler.

Many ideas shaping the work on binary nanoparticles arose from the very constructive discussions with
Michael Farle and his team, here in particular Olga Dmitrieva, Daniela Sudfeld, Marina Spasova, Nina
Friedenberger and Zi-An Li. The work concerning orbital magnetism in FePt strongly benefitted from the
close exchange with Carolin Schmitz-Antoniak and Heiko Wende. Antje Dannenberg (during her diploma
work) and Sanjubala Sahoo contributed with respect to surface energies and structural aspects of free and
deposited transition metal clusters to some of the conclusions presented in the following.

To Alfred Hucht of Jürgen König’s group I owe (in addition to the scientific discussions) for his in-
genious visualizations of complex data with the MATHEMATICA toolkit, which highlight several Figures
in this work. Charles Henriet provided a highly optimized Version of VASP for the Cray XT6/m super-
computer operated under the auspices of the Center for Computational Sciences and Simulation at the
University of Duisburg-Essen; many thanks also to the people involved here, too. Magnus Kreth wrote
the C++-toolkit used for the common neighbor analysis of the iron clusters. Occasional but nevertheless
important discussions had been taking place with (in arbitrary order) Aleksey Laptev, Bernd Rellinghaus,
Gerhard Jakob, Gustavo Pastor, Hisazumi Akai, Hubert Ebert, James R. Chelikowsky, Jan Minár, Jörg
Buschbeck, Karlheinz Schwarz, Manfred Wuttig, Manuel Richter, Masako Ogura, Mikhail Fonin, Oleg
Heczko, Rudolf Zeller, Sergej Mankowsky, Ulf Wiedwald, Vasiliy Buchelnikov and Vladimir Sokolovskiy.
Last but not least I want to thank the collaborators and principal investigators of the collaborative research
center SFB 445, the Center for Nanointegration, CeNIDE, and the priority program SPP 1239, who formed



vii

the necessary framework formulating the relevant problems to be solved and proved to be helpful critical
test-ground for the ideas presented at our regular meetings. There are certainly more persons who deserve
to be named here explicitly, but I beg for understanding that I will stop here, not distracting the reader any
further from the scientific part which is now to come.

The present version of this work underwent a slight revision, since in the course of time a quite consid-
erable number of typos or language errors became apparent. I also used this opportunity to resolve some
minor inaccuracies, which of course do not change the essence of this work in neither way. Meanwhile also
some late publications listed in the table above got a proper bibliographic reference. And finally, I added
for completeness two manuscripts [14, 18] to the table, since these are closely related to the respective
sections. These were, however, submitted after finalizing this work.

Markus Gruner Duisburg, November 2012 and July 2014
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Chapter 1

Introduction

The steady miniaturization of everyday-life goods provides smart materials with an increasingly important
role in technological applications. A specific group of smart materials are functional magnetic materials,
where in the widest sense of the definition the magnetic properties decide over the functional applications.
In many cases, the desired functional magnetic properties of these materials are connected with a specific
structural conformation relying on the absence of structural defects and sometimes also intimately on their
presence, for instance in form of a specific microstructure (for an overview, see, for example [29]). The
detailed understanding of the specific interplay of magnetic and structural properties is thus decisive for the
optimization of functional materials or even the design of new alloys and compounds for a given purpose.

Magnetic nanoparticles, for instance, play an important role in biomedical applications, as carriers for
targeted drug delivery within the human body or as heating agent for local hypothermic cancer treatment
strategies [30–32]. Other potential applications envisage their use as building blocks for ultra-high density
magnetic data storage media [33, 34]. In particular, a large magnetocrystalline anisotropy is required,
here, assuring a stability of the stored information in the order of decades. For the case of Fe-Pt and Co-
Pt, the largest magnetocrystalline anisotropy is expected for single-crystalline particles of the L10 phase,
which exhibits extremely large values in the bulk [35]. The values obtained in experiment are, however,
disappointingly lacking behind by not less than one order of magnitude [36,37]. One common explanation
is related to surface induced disorder, which relates to the lack of stabilizing bonding of the surface atoms
thereby effectively reducing the thermodynamic driving force to establish L10 order in the layers close
to the surface or ordering kinetics [38–42]. Other explanations refer to energetic contributions from the
surface atoms, as one species may tend to segregate or strong differences in the surface energy of different
kinds of facets may lead to the formation of particles of particular shape [43–46]. The occurrence of
so-called multiple twinning, which is induced by a competition between surface and core energies and
typical for small particle sizes, counteracts the required large magnetocrystalline anisotropy and thus the
miniaturization of the bits by reducing the particle sizes down to a few nanometers.

Magnetic shape memory materials are of particular interest for actuation or sensing devices, since
changes in their external dimensions of several percent can be induced through the application of moderate
external magnetic fields (see, e.g., [29, 47–50]). A prerequisite for this functionality is the presence of
a martensitic instability, which induces below a critical temperature a solid-solid transformation of the
lattice structure from the high symmetry (in our case cubic) so-called austenitic phase to a lower symmetry
(e. g., tetragonal) martensitic phase. The transformation path allows for ambiguous orientations of the
proper martensite lattice with respect to the austenite. In consequence this results in internal interfaces,
so-called twin boundaries, which appear between the differently oriented variants of the low temperature
low symmetry phase. These are extremely mobile and can be shifted by moderate magnetic fields of the
order of one Tesla. This is possible due to a considerable but not extraordinarily large magnetocrystalline
anisotropy, which couples magnetic and lattice degrees of freedom. A technological relevant magnetic field
induced strain of several percent is achieved in a particular low-symmetry phase, which is characterized by
long-range modulations which shear the atomic planes coherently in [110] direction with a period of a few
lattice constants. For the prototype material, the Heusler alloy Ni2MnGa, these phases have been explained
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Figure 1.1: Left: Double logarithmic plot of the computation time per CPU needed on JUBL for a full geometric
optimization of Fe-Pt nanoclusters of magic cluster sizes according to Eq. (3.4). Originally published in [5]. Right:
Evolution of the accumulated available theoretical performance (maximum measured linpack power in units of 109

floating point operations per second) and averaged performance per processor (as given by the accumulated perfor-
mance divided by total number of processors) of the world’s 500 fastest supercomputers within the last 15 years.
The collection comprises academic as well as non-academic (e.g., commercial and military) sites, see the TOP500
web-site for more information [69].

as a specific microstructure a nano-twinned representation of a non-modulated ground state structure.

The investigation of atomistic processes in the above mentioned materials should cover at least a few
nanometers, requiring system sizes of the order of 102 to 103 atoms. Traditionally, this is the realm of
classical statistical methods as molecular dynamics simulations using empirical inter-atomic potentials
or semi-empirical quantum-mechanical approaches such as tight-binding schemes (e. g. [51–56]). These
methods usually rely on careful fitting procedures to material specific quantities, which must be obtained
from experiment or ab initio calculations, and lack in general the accuracy to give a definitive account on
the interrelation of the electronic and structural properties, without benchmarking against a higher level of
theory or experiment. This is especially true for systems with a strong interplay of magnetic and structural
properties as those which are the main topic of this review. For gaining insight in dynamical processes
on realistic time scales or the investigation of thermodynamic properties, calculations based on classical
empirical methods are indispensable, nevertheless. Ab initio calculations in the framework of the density
functional theory provide the required accuracy but are on the other hand computationally expensive and
thus traditionally limited to rather small system sizes. Therefore, in recent times, efforts have been made to
improve the classical simulation schemes, e.g., by incorporating magnetic degrees of freedom into classical
and semi-classical simulations of real materials on a systematic basis [57–60].

A very promising route is the development of so-called O(N) DFT methods [61–68]. These provide as
classical molecular dynamics a linear increase of the computational demands with the system size, allowing
system sizes N larger than 105 to be considered. Most of these approaches work best for semiconductors
and insulators, as they require a rather close localization of orbitals at the atomic positions. To the authors’
knowledge, extensive investigations of structural properties of large transition metal systems have not been
reported at the time of writing.

For problems like the ones discussed in this work, it is therefore still unavoidable to come back to
traditional DFT implementations, although they are hampered by a much worse scaling behavior. For the
example discussed in Sec. 4, this is shown in Fig. 1.1 (left). A full structural optimization of a Fe-Pt nan-
ocluster with 561 atoms would require several years of computing time, if performed on a single processor
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machine, a particle of the order of 103 atoms would even take decades. This clearly demonstrates that such
calculations are only possible on massively parallel supercomputers, using thousands of processors at once.
This has become possible by the recent development in the supercomputing sector over the last 15 years
leading to an amazing exponential overall increase in capacity. The black regression line in Fig. 1.1 (right
panel) corresponds to a doubling of the world-wide available computing power every 13.5 months which
amounts to an increase of a factor of ten within 3 3/4 years. On the other hand, the improvement in the av-
erage performance per processor lost momentum during the past decade in favor of massively parallelized
machines containing thousands – and nowadays even more than a million – of processor cores.

The increasing availability of large computational resources has allowed the physical problems to grow
larger over time, as several examples from materials science impressively demonstrate, e.g., the simulation
of extended Carbon nanostructures [70], the investigation of Pd-nanowire self-assembly from individual
Pd225 nanoparticles [71], the simulation of structural phase transitions in Ge/Sb/Te phase-change materials
for optical data recording purposes [72, 73] with up to 460 atoms or the exemplary electronic structure
calculation of a supercell containing 1000 Molybdenum atoms [74, 75]. Another outstanding work is the
determination of structural and electronic properties of a boron-nitride nano-mesh placed on a Rh sub-
strate considering more than 1100 atoms within a full potential approach [76, 77]. More recent examples
were, e. g., designed to understand the complex electronic structure of large organic molecules on magnetic
surfaces [78] or functionalizing defects and quantum confinement in semiconductor nanostructures [79].

This work will present three showcases, where large-scale DFT calculations contribute to the advance
in the field of materials science, with a special emphasis on functional magnetic materials. The calcula-
tions were performed on more than 1000 processors on the IBM Blue Gene installations of the John von
Neumann Institute for Computing at Forschungszentrum Jülich and cover ab initio structure optimizations
of up to 1415 spin-polarized transition metal atoms.

The first example, introduced in Chapter 3, will deal with the size-dependent evolution of structural
and magnetic properties of magnetic transition metal nanoparticles consisting of one elemental species, as
Fe, Co and Ni, which is subject to a long-standing scientific debate. Here, large-scale calculations provide
the central key-stone to identify the origin of a recently proposed structural modification of so-called magic

number Fe-clusters.
The second topic, introduced in Chapter 4, is dedicated to hard magnetic nanoparticles for data record-

ing purposes. The center of this research constitutes stoichiometric FePt, as this is still the material with
the best prospects for later application. We will explore to which extent the functional properties can
be improved through alloying and encapsulating in a protective shell. The investigations comprise a size
dependent comparison of paradigmatic structural motives and their relation to specific features of the elec-
tronic structure as well as the systematic comparison of magnetocrystalline anisotropy and orbital moments
with atomic resolution.

Finally, Chapter 5 deals with another type of functional materials with a well established application
as magnetomechanical actuators or sensors based on the magnetic shape memory effect. Here we will
compare two classes of magnetic shape memory materials. The first is based on the prototype compound
Ni2MnGa which is – despite a number of shortcomings – still the best suited material for potential mass-
market use. The second comprises Fe-based alloys with Pt-group elements. These are discussed as alterna-
tive materials but still lack behind in applicability, which is mostly due to their rather impractical operating
range. Both classes are fundamentally different in many respects (starting with the lattice structure of the
austenite and the functional martensites), but it is the purpose of this work to distill the common features
which are essential for the shape memory behavior the materials. This yields list of functional ingredients
which enables us to propose a cooking recipe for improved Fe-based magnetic shape memory systems.

The central concern of this work is to demonstrate with these examples that large-scale density func-
tional theory can (and already does) provide a decisive contribution to the understanding and development
of novel functional magnetic materials. Experimental work is discussed in depth, but most arguments are
developed on the basis of the electronic structure calculations – although experimental work leading us to
the same conclusion might have been available, as well. The purpose is to illustrate that due to the ongoing
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exponential development on the hardware sector, atomistic computational approaches will soon become
a widely accepted tool for the analysis of nanoscale problems. In particular modern electronic structure
methods have the potential to complement experimental characterization techniques on eye level. Their
combination will give full access to the site and element specific properties with electronic resolution,
which govern the functional context of a significant fraction of so-called smart materials.



Chapter 2

Computational methods

The following section is intended to provide the reader a short overview on the conceptual basics and the
technical information on the calculations which allow reproducing the presented results and provide an
impression of the approximations which had to be made in obtaining them. This section is thus not meant
to serve as a reference to density functional theory and numerical methods but rather to allow the casual
reader a glimpse on the prospects and shortcomings of the employed methods. It is kept as short as possible,
thus it necessarily contains several over-simplifications. The interested reader is therefore advised to refer
to the overwhelming number of excellent review articles and monographs on this topic [80–84].

2.1 Computing materials properties by density functional theory

To determine materials properties from first-principles requires nothing less than solving the Schrödinger
equation for a system of several thousands of electrons interacting with the nuclei and each other. The
solution is described in terms of a many-body wavefunction, depending explicitly on the coordinates of all
considered electrons. In practice, this can be approximated by a finite combination of single electron wave-
functions. Modern quantum-chemical methods can accomplish this task with nearly arbitrary accuracy, but
the price is a prohibitive scaling of the computational resources with the system size. The elegant way out
is to describe the problem in terms of the electronic density, n(r), instead, which is sufficient to uniquely
determine the ground-state energy as laid out by Hohenberg and Kohn nearly half a century ago [85, 86].

E[n(r)] = T0[n(r)]+
∫

dr n(r)

(

Vext(r)+
1
2

VH(r)

)

+Exc[n(r)] . (2.1)

The expressions given here are referring to the non-spinpolarized case, but generalization is straight-
forward; VH denotes the Coulomb potential of the electrons and Vext the external potential, including the
interaction with the ions. While the existence of the functional itself is proven, the exact form of the
exchange-correlation functional Exc is unknown. Nevertheless, working approximations have been pro-
posed on the basis of the homogeneous electron gas, which have contributed to the overwhelming success
of this method in the past decades. The most famous is certainly the local density approximation (LDA),
which approximates the exchange-correlation energy by the expression for the homogeneous electron gas,
which can be obtained analytically (exchange part) and by quantum Monte Carlo simulations (correlation
part). The resulting functional relations are parameterized in analytical expressions. Here, several formu-
lations are available, which are usually named after the authors (or corresponding abbreviations generated
from their initials).

Due to its simplicity, the classical LDA is subject to some severe shortcomings, which, however, do not
limit its applicability to many fields of research. Although, by its construction the LDA is predominately
suited to describe systems with homogeneous charge distribution, it has been successfully employed to
treat systems with strongly varying charge densities, such as molecules. One major issue, however, which
is important in the context of the present work, is its tendency to show over-binding, i. e., the equilibrium
lattice constants of 3d transition metals tend to come out a few percent too small. While this does not matter
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much in many cases, it can become decisive for magnetic metals, as a smaller volume by trend suppresses
magnetic solutions according to the Pauli exclusion principle. This contributes decisively to one major
failure of the LDA, the prediction of the wrong ground state of crystalline Fe, as it results in a nonmagnetic
hexagonal close packed (hcp) instead of the observed ferromagnetic body centered cubic structure [87,88].
As ferrous alloys are a major topic of this work, the use of LDA exchange-correlation functionals is largely
ruled out for the present study.

This problem has been overcome by the exchange correlation functionals in the so-called generalized
gradient approximation (GGA). Here, Exc is described as a functional of the charge density and its local
gradient, which requires only limited additional numerical effort compared to the LDA. The most popular
formulations of the GGA, which are also used throughout this work, are the implementations by Perdew and
Wang (PW91) [89, 90] and Perdew, Burke and Ernzerhoff (PBE) [91]. In contrast to the LDA, the GGA
rather shows slight over-binding, i. e., too large lattice constants, which, however, can become significant
for the 5d elements (where the LDA seems to be the better choice again). Nevertheless, the GGA apparently
solves the Fe ground state problem and provides reasonable energy differences between the various phases
for practical purposes, which can be related to the observed phase transitions. Therefore, the GGA has
evolved as the approximation of choice for ferrous systems.

The development of course does not stop here. The search for improved functionals presents an exten-
sive field of current research. In the mean time a wide variety of functionals have been presented. These
appear sometimes predominately suited for a use in specific environments, as, e. g., surfaces and small
clusters (PBESOL, AM05), while providing no advantage or even worse results for the classical bulk case.
On the other hand there are also large efforts in climbing up “Jacobs ladder”, i. e., reaching a better overall
accuracy by an improved description of the many body effects using a higher level of theory. A large effort
is spent to find a better formulation of the many body effects in the correlation part of Exc. These are often
prone to a largely reduced numerical performance, decreasing the nominal scaling with system size from
O(N3) to O(N6) in extreme cases as, e. g., for the correct description of van der Waals energies through
nonlocal functionals [92,93]. Commonly used approaches to handle such problems are the on the one hand
the so-called LDA+U (or, respectively, GGA+U) approaches [94,95], which take care of correlation effects
by adding a term to the Hamiltonian in the spirit of the Hubbard model. This approach is valid in the limit
of large coulomb repulsion U compared to the band width W , U ≫ W , but it compromises the ab initio

nature of the approach, as apparently a free parameter enters the game. In many cases, however, the goal is
to correct for a physically wrong energetic order of electronic sub-bands due to the neglect of correlation
effects, such that the solution does not depend vitally on the specific choice of U . Another widely discussed
approach in this respect is the so-called dynamical mean-field theory (DMFT), which is suited for situations
where U and W are in of the same order [96,97]. DMFT codes are under heavy development but a number
of working versions are available right now, nevertheless, they are, again, prone to a significantly increased
numerical effort, limiting their practical use to fairly small systems.

In numerical practice, the problem described by Eq. (2.1) can be expressed by a set of eigenvalue
equations, which formally resemble the Schrödinger equation but act on single-particle wavefunctions.
The Kohn-Sham equations are solved iteratively in a selfconsistency approach, as the electronic density
reenters the potential of the Hamiltonian.

2.2 Spin-orbit interaction and magnetocrystalline anisotropy

In relativistic quantum mechanics, the place of Schrödinger’s equation is taken over by the Dirac equation:

ih̄
∂

∂t
Ψ =

(

cα
(

p− e

c
A
)

+βmc2 + eΦ
)

Ψ = HDirac Ψ . (2.2)

Here, p and A are momentum and vector potential, e and m the particle charge and mass, Φ the external
electrostatic potential and c the light velocity. This requires Ψ to be described as a four component spinor,
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and the components of α as well as β to be 4×4 matrices of the form:

Ψ =

(
ψ

φ

)

and αi =

(
0 σi

σi 0

)

and β =

(
1I 0
0 −1I

)

, (2.3)

where the σi denote the usual Pauli spin matrices and 1I the 2×2 identity matrix, while the four component
wavevector Ψ can be understood as a combination of two spin-1/2 wavefunctions ψ and φ coupled by the
matrix vector α. This can be resolved applying the Foldy-Wouthuysen transformation [84, 98–100]. The
Dirac Hamiltonian becomes now, assuming ∇×∇Φ = 0 and neglecting higher terms in 1/m2:

HDirac−FW = β

(

mc2 +

(
p− e

a
A
)2

2m

)

+ eΦ− e

2m
βBσ− p4

8m3c2
︸ ︷︷ ︸

HMC

+
eh̄

4m2c2 σ (∇Φ×p)
︸ ︷︷ ︸

HSO

+
eh̄2

8m2c2 ∆Φ
︸ ︷︷ ︸

HDarwin

,

(2.4)
Here, B describes the external magnetic field. The terms HMC, HSO and HDarwin refer to the relativistic
mass correction, the spin-orbit coupling and the Darwin term, respectively, which are – together with the
Lamb shift and hyperfine interaction – responsible for the fine structure of the atomic levels. Assuming a
potential with spherical symmetry and introducing spin s = σh̄/2, the spin-orbit-term becomes

HSO =
e

2m2c2

1
r

∂Φ(r)

∂r
l · s = ξ(r)l · s , (2.5)

where the spatial average of ξ(r) over r is defining the material dependent spin-orbit coupling constant ξ.
Eq. (2.5) neither commutes with the spin operator sz nor with the angular momentum operator lz. Thus, if
the spin-orbit term is included, both are not good quantum numbers anymore and the decoupling of the two
spin channels is lifted. This is not the case for the other two relativistic correction terms, which are therefore
frequently included by standard in density functional theory calculations as the so-called scalar-relativistic
approximation.

For the solution of the fully relativistic problem, several approaches have been realized. A number
of codes treat the problem by the solving the four component Kohn-Sham-Dirac equation, which has the
form of the single particle Dirac equation (2.2). These are, e. g., the Full Potential Localized Orbital code
(FPLO), developed in the group of H. Eschrig at IFW Dresden [101], which uses Slater type orbitals and
Wannier functions as local basis and the Munich SPR-KKR code, developed in the group of H. Ebert
at LMU München, which is based on the Korringa-Kohn-Rostoker Green function approach [102, 103].
Other widely used and accepted approaches are the so-called second variational method [104] or the so-
called magnetic force theorem [105, 106]. Here, fully selfconsistent Kohn-Sham orbitals are first obtained
in a scalar-relativistic calculation. Later on, in a second step, the spin-orbit term (2.5) is added retaining
the scalar-relativistic basis set, yielding in this way relativistic quantities as orbital moments. In most
common cases, both approaches do not yield significantly different results, which serve at least a qualitative
discussion.

Concerning the functional materials which are subject to this work, spin-orbit interaction provides a
direct coupling between the direction of magnetization and the crystal lattice which is an essential part
of the physics and defines their technological merit. In the field of data recording, magnetic anisotropy
is the key property providing the stability of the information, which is stored in the material in terms of
the specific direction of magnetization. Magnetic anisotropy can arise essentially from two sources, the
classical (or quantum-mechanical) interaction of the atomic magnetic dipoles. This contribution becomes
important if the specimen is elongated in one or two directions. In the case of nano-sized or nearly spherical
objects this contribution is small and also the quantum-mechanical treatment of the dipolar interaction has
shown to be of minor importance [107]. The contribution of interest here is thus the magnetocrystalline
anisotropy energy (MAE), which arises from spin-orbit coupling. The MAE is frequently defined as the
energy to be overcome if one rotates the magnetization from the easy direction to a hard direction. Both
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are given relative to the crystallographic axes of the crystal:

∆EMCA = E(M||hard axis)−E(M||easy axis) (2.6)

Again, it can either be calculated fully selfconsistently or by making use of the aforementioned magnetic
force theorem [105, 106]. Here, the energy difference between two magnetic orientation is expressed as
the corresponding difference in band energy, i. e., the sum of the eigenvalues of the occupied states, calcu-
lated non-selfconsistently using the full Hamiltonian and a selfconsistent charge density from a previous
scalar-relativistic run. The validity of this approach has been proven by Daalderop et al. [108] and Wand
and Freeman [109] for the case of systems with lower than cubic symmetry (e. g. tetragonal systems or
surfaces).

2.3 Ab initio lattice dynamics

Dynamical properties of bulk crystals such as phonon dispersions can be obtained from electronic structure
calculations either by perturbation theory or by directly determining the force constant matrix [110–114].
Within the harmonic approximation, the contributions of lattice vibrations to the Hamiltonian are given by:

Hphonon = ∑
α

p2
α

2Mα
+∑

α,β

uα Φ(Rα −Rβ)uβ + . . . (2.7)

The first term refers to the kinetic energy of the ions, while the u in the second term describe the displace-
ments of the ions α and β from their equilibrium positions, coupled by the force constant matrix Φ. The
latter can be determined from the force acting on ion α after displacement of ion β:

Fα =− dE

duα

=−∑
L

∑
β

Φ(Rα −Rβ +L)uβ . (2.8)

In highly symmetric systems only few displacements are necessary to completely determine Φ. The sum-
mation over the distance vectors L takes care of the fact that the infinite crystal is represented by periodic
repetition of finite supercells separated by L. Fourier transformation of the force constant matrix yields the
dynamical matrix:

Dαβ(q) =
1

√
MαMβ

∑
L

Φαβ(Rα −Rβ +L)eiq(Rα−Rβ+L) . (2.9)

The squares of the phonon frequencies ω(q) are now given by the eigenvalues of the dynamical matrix.
For the Fourier transform, the summation over L is usually omitted for practical reasons, so that the final
result is only exact for wavevectors q that are commensurate with the supercell. A simple but in many cases
sufficient procedure to determine finite temperature properties is the quasiharmonic approximation. The
(properly normalized) phonon density of states g(ω,V ) obtained from ground state phonon calculations at
different volumes can be used to obtain an approximation of the free energy at finite temperatures:

F(V,T ) = −kBT ln(ZPhonon) (2.10)

=
∫

dωg(ω,V )

(
h̄ω

2
+ kBT ln

(

1− e−h̄ω/kBT
))

(2.11)

It should be noted that the entropy contributions derive solely from the changes in g(ω,V ) at different
volumes; many particle contributions such as phonon-phonon-interactions are not included. To calculate
temperature induced changes of the phonon dispersions from first principles, more expensive methods as
the selfconsistent phonon renormalization proposed by Petros Souvatzis [115] must be employed.
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2.4 Technical details

Most of the calculations (if not indicated otherwise) were carried out using the Vienna Ab-initio Simulation
Package (VASP) [116], which expands the wavefunctions of the valence electrons in a plane wave basis
set. The interaction with the nuclei and the core electrons is described within the projector augmented wave
(PAW) approach [117] yielding an excellent compromise between speed and accuracy.

As mentioned above, for the accurate description of structural properties of ferrous alloys, the use of the
generalized gradient approximation (GGA) for the representation of the exchange-correlation functional
is mandatory. For the metallic nanoparticles, the formulation of Perdew and Wang, PW91 [89, 90], in
connection with the spin interpolation formula of Vosko, Wilk and Nusair [118] was used. Since the
objects under consideration are zero-dimensional and thus non-periodic, k-space sampling was restricted
to the Γ-point. The description of the electronic properties with a plane wave basis requires a periodic
setup, thus the clusters were placed in a cubic supercell, with a sufficient amount of vacuum separating the
periodic images. The supercells for the smaller systems were cubic, with a typical edge length of 22Å,
28Å and 32Å for systems containing 147, 309 and 561 atoms, respectively, warranting a separation of
about 9 Å of the periodic images. In order to check the convergence of the results with the supercell size,
selected N = 561 clusters were studied within a 35Å supercell, leading to an overall change of the absolute
energy per atom of about 0.1 meV/atom. The effect on the energy difference between the clusters was of
one order of magnitude smaller. The clusters with N≤923 were placed in a unit cell with fcc basis vectors
(lattice constant: 38.1 Å). This provides a more efficient use of resources as it allows a smaller volume
of the simulation cell, while maintaining sufficient separation of the periodic images. A cutoff for the
plane wave energy of 268eV was used for the ferrous systems. Gaussian finite temperature smearing with
σ=50meV was used to speed up convergence. For the isomers with competitive energies, σ was reduced to
σ=10meV in a second step. The 3d6 4s1, 3d7 4s1, 3d8 4s1 electrons were treated as valence for Mn, Fe, Co
and 3d9 4s1 for Pt, respectively. In most of the calculations, the symmetrization of wavefunctions and forces
was switched off allowing for symmetry-lifting changes of the structure. The geometrical optimizations
were carried out on the Born-Oppenheimer surface using the conjugate gradient method. The structural
relaxations were stopped when the energy difference between two consecutive relaxations was less than
0.1meV leading to a convergence of forces down to the order of 10 meV/Å.

The phonon dispersions in Sec. 5 have been obtained within the direct force-constant approach using
the PHONON package by Krzysztof Parlinski [119] and the PHON package by Dario Alfè [120, 121].
The latter was mainly employed for the calculation of full phonon dispersions in the Heusler and Fe-based
magnetic shape memory alloys. Here, the displacements were applied to a supercell of up to 5×5×5 unit
cells (500 atoms). For sufficient accuracy of the forces a k-mesh of 4×4×4 points in the full Brillouin zone
was employed in connection with the Methfessel-Paxton finite temperature integration scheme (smearing
parameter σ=0.1 eV). First-principles calculations of this size are computationally very demanding and
can, so far, only be performed on world leading supercomputer installations. The forces were calculated
for three independent displacements of 0.02Å in size each. From these calculations the phonon dispersions
along the lines connecting the main symmetry points and the vibrational density of states (VDOS) were
calculated. For the latter, a mesh of 61×61×61 points in reciprocal q-space was used and additional
Gaussian broadening with a smearing parameter of σ=0.1 THz was applied.

The calculations of the magnetization dependent changes of the soft phonon branch in Ni2MnGa, was
economically restricted to the [110] direction. For this, an orthorhombic supercell was constructed con-
sisting of 40 atoms formed by five tetragonal unit cells stacked in [110] direction. This corresponds to
the direction along which the phonon softening of the TA2 branch is found in experiment. The dynamical
matrix is constructed from the Hellmann-Feynman forces obtained by ab initio calculations from specific
displacements of the atoms in the supercell using the VASP code. For the 1×5×1 supercell the mesh for
the integration in reciprocal space was set to 10× 2× 8 Monkhorst-Pack grid points. All phonon disper-
sions were calculated for the volume corresponding to the equilibrium lattice constant at zero magnetic field
and zero temperature, a0 = 5.8067Å. We used pseudopotentials with 3d94s1 as valence for Ni, 3d64s1 for
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Figure 2.1: Left: Scaling behavior of a nanocluster with 561 Fe atoms on the IBM Blue Gene/L obtained with
the VASP code. The performance given by the inverse average computation time for an electronic selfconsistency
step, τ−1

SC , is shown as a function of the number of cores (black circles). The dashed lines describe the ideal scaling
behavior. The inset shows a double logarithmic plot of τSC. The open symbols in the inset refer to the scaling of
the most time consuming subroutines (originally published in [5]). Right: Scaling behavior of a nanocluster with
Fe265Pt296 (561 atoms) on an off-the-shelf PC-cluster (eight boards with 2 × 2.2 GHz quad-core AMD Opteron
processors and Infiniband interconnect). The performance data were obtained with the same code in the same fashion
as for the Blue Gene/L. Figure reprinted from [1]. Copyright by IOP Publishing Ltd.

Mn and 4s24p1 for Ga and a cut-off energy Ecut = 353eV. For the simulation of the twin boundary motion
processes, k-point sampling was restricted to the Γ-point only as a consequence of the large simulation cell.
The plane wave cutoff was set to 337eV and exchange correlation potential in the formulation of Perdew,
Burke and Ernzerhoff [91] was used. Again, the geometric relaxations performed using the conjugate gra-
dient method were carried out until difference between total energies of two consecutive steps fell below
0.1meV.

2.5 Parallel performance

Parallelization is implemented in the VASP code using calls to the Message Passing Interface (MPI) library.
Parallel linear algebra routines (e.g., eigensolver) are used from the SCALAPACK library. The installation
on the IBM Blue Gene did not require major changes in the code. The peculiarity of the IBM Blue Gene
concept is the huge packing density, which already allowed, in the case of the first machine of the series,
the Blue Gene/L, 1024 double processor (700 MHz PowerPC 440d) nodes with a peak performance of
5.6 GFlop/s to be placed into one rack (for an overview, see [122]). Its successor, the Blue Gene/P provides
4096 cores per rack (850 MHz PowerPC 450d), where four cores make up one node. To allow sufficient
air cooling, power consumption was kept low by reducing the clock frequency of the CPUs and providing
only a limited amount of main memory 512 MB per node (2 GB for the Blue Gene/P).1 The Blue Gene/L
hardware allowed the memory to be divided between both CPUs (’virtual node’ mode) or to be dedicated
to one processor alone, while the other takes care of the communication requests (’communication copro-
cessor’ mode), while the Blue Gene/P provides for each node true four-fold symmetrical multiprocessing

1The numbers for the main memory provided here apply to the Blue Gene installations at Forschungszentrum Jülich, configu-
rations with two times larger memory are available from IBM.
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on request. The newest machines provide a more flexible symmetrical multiprocessing on the nodes, still
with a limited number of threads. To increase scalability, a threefold high-bandwidth, low-latency network
was implemented. In fact, the quality of the high-speed interconnect plays a decisive role for the successful
usage of the DFT code on a massively parallel system, which is demonstrated by scaling benchmarks in
Fig. 2.1.

Although DFT calculations are generally considered to be demanding with respect to memory and I/O
bandwidth, we could show early that large systems can be handled efficiently even on the Blue Gene/L
despite its severe restrictions concerning operating system, partitioning and main memory per node. So far,
systems of up to 1415 spin polarized transition metal atoms – a Fe679Pt736 nanocluster with 12792 valence
electrons – have been successfully treated on the Blue Gene/P including geometric optimizations. Figure
2.1 (left side) demonstrates that the VASP code could already achieve 69 % of the ideal performance on
1024 processors of the Blue Gene/L for a Fe561 cluster; in this case, the coprocessor mode was used to make
use of the full memory per node on one processor. Especially the optimization of the trial wavefunctions
according to the residual vector minimization scheme (labeled ’RMM-DIIS’ in Fig. 2.1, left panel) scales
nearly perfectly, even at the largest processor numbers under consideration. However, with increasing
number of processors, its computation time gets outweighed by other routines (’EDDIAG’ and ’ORTCH’)
providing the calculation of the electronic eigenvalues, subspace diagonalization and orthonormalization of
the wavefunctions, making use of linear algebra routines from the SCALAPACK library and performing
fast Fourier transforms. The scaling of these routines may become the primary obstacle, when attempting
to run the VASP code on O(104) processors as provided by next-generation supercomputers.

A comparable benchmark with the VASP code on contemporary off-the-shelf PC-hardware, however,
leads to a rather disillusioning result (Fig. 2.1, right panel). Despite extensive tuning, acceptable scaling
was achieved only with up to 100 cores. This demonstrates that it is not necessarily the code which should
be made responsible for a dissatisfying parallel performance. When attempting to touch the current limits,
special care must be taken in the selection of the appropriate computer hardware, too.
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Structure and magnetism of elemental

nanoclusters

Although elemental 3d transition metal nanoclusters – in contrast to binary or multi-metallic systems –
hardly fulfill the criteria for functional magnetic materials even in the widest sense, we will devote our
first section to this topic as structure and magnetism may be delicately related even in these seemingly
simple systems (for reviews in this field, see, e.g., [123–126]). Elemental nanoparticles have raised much
attention since they allow, e. g., in gas phase experiments, the direct observation of the crossover from
bulk to atomic properties, circumventing the two- and one-dimensional (surface and chain) cases, which
require substrates to stabilize the low dimensional structures experimentally. Prominent examples are the
crossover behavior of magnetic moments observed in 3d transition metal nanoclusters as a function of the
cluster size, which was studied in the seminal experiments of Billas et al. [127–129] or the discovery of
significant magnetic moments in small gold nanoparticles or clusters of 4d and 5d transition metals as Rh,
Pd, or Pt, which are non-magnetic in their bulk phases. Not only magnetism, but also the structure of small
nanoparticles is strongly affected by the increased surface-to-volume ratio at smaller sizes. This leads
to a competition between surface energies and contributions arising from the core structure and internal
interfaces and consequently to a crossover between different structural motifs as a function of the cluster
size. This has been extensively studied and understood in the framework of simple model systems such
as Lennard-Jones-clusters [130–133], which can be easily handled in the framework of classical molecular
dynamics and also with empirical model potentials [124, 134]. Here, multiply twinned icosahedral and
decahedral structures are favored at smaller sizes, while single crystalline morphologies prevail for larger
sizes. A simple motivation can be given on the basis of a phenomenological third order polynomial law,
expressing the binding energy as a function of the lateral system dimension, i. e. the third root of the system
size N (e. g. [124]):

E(N) = aN +bN2/3 + cN1/3 +d . (3.1)

Here, a, b, c, and d describe the contributions to the binding energy arising from the particle volume, the
facets, the edges and the vertices, respectively. These coefficients depend on the material itself, but also on
the shape of the particle. With decreasing system size, the terms located on the right become increasingly
important and it is straight-forward to conceive that a multiply twinned morphology with higher coordinated
surfaces and thus lower surface energy as the icosahedron may become competitive with single-crystalline
isomers which lack the adverse contributions arising from the appearance internal interfaces and strain
in the volume part. Another example, where classical schemes provide fundamental insight in particle
shape and formation are simulations of closed-shell non-magnetic Al clusters in the truncated octahedron
structures showing superheating behavior with respect to the bulk melting temperature and coexistence of
melting and non-melting surfaces [135].

Heavier elements as Au and Pt furthermore form planar or even amorphous structures at smaller cluster
sizes. Especially for these elements, but also for systems which are expected close to magnetic or magneto-
structural instabilities, it may be doubted whether classical molecular dynamics based on empirical pair
potentials – despite their undeniable merits in cases like the above mentioned – can give a reliable account
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on structural properties without benchmarks against parameter-free first-principles calculations. Due to the
large computational demands, early ab initio investigations have been performed for small systems with
around 50 atoms or less or without structural optimizations (see, e. g., [136–140] for the case of iron clusters
or [141, 142] for a comprehensive investigation of small Ni-group clusters). Nevertheless a couple of early
exceptions exist, e. g., for Pd147 [143] and Sr147 [144]. Calculations of Pd isomers with size N = 309 in
an icosahedral and octahedral symmetry have also been reported using the TURBOMOL package [145]. An
early DFT report on the size dependence of magnetism in unrelaxed Fe-clusters of up to 400 atoms has been
published by Tiago and coworkers [146] reproducing the experimental results in the considered size range.
Similar results were found previously from semi-empirical tight-binding calculations [147, 148]. It should
be noted at this point, that the size dependence of magnetic moments in the late 3d transition metal clusters
are usually not well described by simple phenomenological expressions separating the core contribution,
µbulk, and the surface contribution, µsurface, to the magnetic moment, which is expected to hold in the limit
of large cluster sizes N:

µcluster(N) = µbulk +(µsurface −µbulk) N−1/3 . (3.2)

Especially in the case of iron, also more elaborate models of bcc clusters, taking into account details of the
atomic cluster structures, as the variation in the coordination number of the surface atoms due to, e. g., par-
tially filled geometric shells, cannot reproduce the experimental trend properly [123, 149, 150]. The strong
deviations from the experimental findings were confirmed by a later ab initio study with participation of
the author covering structurally optimized Fe-clusters with sizes of up to 641 atoms [3]. Xie and Black-
man [151, 152] argued that the neglect of the magnetocrystalline anisotropy of the clusters and thus the
coupling of magnetism to the rotational degrees of freedom can lead to a significant underestimation of the
moments in the analysis of the time of flight experiments and may thus account for the observed behavior.
The present investigation, on the other hand, gives evidence that the experimental trend may alternatively
be related to the occurrence of a previously unreported shell-wise Mackay-transformed (SMT) modifica-
tion at icosahedral magic cluster numbers. This concept was developed by Georg Rollmann and Alfred
Hucht on the basis of small Fe particles, verified and jointly explained later with the help of the large-scale
DFT calculations introduced in the following. The SMT structure is characterized by an icosahedral outer
shape, bcc-like coordinated outer shells and a ferrimagnetic face centered cubic (fcc) cluster core [3–5].
Intermediate shells are transformed partially between the two structures according to the construction of
Alan Mackay [153]. Such particles may be stabilized kinetically during the gas phase growth process [154].
The origin of this deformation can be well understood from the electronic structure which is laid out in the
following section in detail.

3.1 Structure and magnetism of iron clusters

Iron is certainly one of the most important materials of our time. Not only that it is omnipresent as one of
the central constituents of our planets but also due to its manifold applications arising not at least from its
unusual allotropy. Iron possesses a complex structural phase diagram, with the body centered cubic (bcc)
α- and δ-phases below 1185 K and above 1667 K, the face centered cubic (fcc) γ-phase in between and the
hexagonal close packed (hcp) ε-phase at high pressures. In the fcc γ-phase a variety of competing magnetic
states have been discovered, which were brought in connection with magneto-structural anomalies as the
Invar effect and the magnetic shape memory behavior in Fe- rich Fe-Ni, Fe-Pd and Fe-Pd alloys, where the
fcc structure is also present at ambient conditions. Also in the form of nanoparticles, iron provides a lot of
interesting applications, especially in the field of biomedicine (for an overview, see, e.g., [155]).

The systematic scan of the potential energy surface in order to find the most stable morphologies is a
demanding task even for small clusters containing a hand full, possibly up to few tens of atoms [156]. But
the numerical effort increases exponentially with the size and becomes exceedingly large in the nanometer
range. Therefore, it is necessary to restrict the investigation to a subset of paradigmatic morphologies. As a
consequence, so-called magic-number clusters have evolved as the Drosophila of size dependent structural
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investigations in nanoparticle physics. Their size N is a function of the number ns of closed geometric
shells:

Nmagic = 1/3
(
10n3

s +15n2
s +11ns +3

)
(3.3)

= 13,55,147,309,561,923,1415, . . . (3.4)

Magic cluster sizes appear to be particularly stable for the late 3d elements [157], especially Ni and Co.
Magic number clusters according to Eq. (3.4) allow for a comparison of several paradigmatic geometries:
Single-crystalline cuboctahedra with face centered cubic (fcc) structure, perfect Mackay-icosahedra [153]
and Ino-decahedra [158], i.e., pentagonal bi-pyramids with symmetrical truncations of their ten faces. Iso-
mers with a body centered cubic (bcc) lattice, which are indispensable for ferrous systems, can be obtained
from cuboctahedra by a Bain-transformation [159].

In contrast to the ideal morphologies according to Eq. (3.4), the geometries observed in experiments
are often showing modifications which reflect the competition between obtaining spherical shape and a
favorable ratio between facets with different crystallographic orientations and different surface energies.
Improved fcc isomers (e. g., truncated octahedra which follow a different formation law) can be obtained
from a Wulff construction [160], according to which the most favorable truncated structure fulfills the
following relationship between surface energies γ and the distances d of the facets to the center of the
cluster:

γ(100)/γ(111) = d(100)/d(111) . (3.5)

As contributions from edges and vertices in Eq. (3.1) are neglected in this reasoning, the Wulff construction
is expected to hold for larger sizes, but introduction of higher order faceting making the cluster shape
more spherical may also lead to deviations in this case [124]. Also, Marks-decahedra [161] with smaller
truncations and reentrant cuts at the edges are often found to be more favorable than Ino- decahedra.

The optimized morphologies usually harbor a different number of atoms for each geometrical motif.
For instance, single crystalline truncated octahedra (TO) are given by the following construction law [162]:

NTO = 1/3
(
2n3

l +nl
)
−2n3

c −3n2
c −nc . (3.6)

These are characterized by two indices, the edge length of the complete octahedron, nl, and the number of
layers cut off at the respective vertices, nc. Here, the conditions nl=2nc+1 and ns=nc+1 yield perfect
magic number cuboctahedra according to Eq. 3.4. For a quantitative prediction of the most likely surface
truncations improving the relative stability, the surface energies γ of the competing facets needs to be known
in detail. For multiply twinned morphologies, also strain and twin boundary energies must be taken into
account (for a detailed discussion, see [44]):

E(N) = N (Ebulk +∆Estrain)+ATB(N)γTB + ∑
(hkl)

A(hkl)(N)γ(hkl) , (3.7)

where Ebulk and ∆Estrain are the cohesive energy of a bulk atom of the respective crystal structure and
the corresponding correction due to internal strain and A the respective (size dependent) areas of the twin
boundaries (TB) or surfaces denoted by the respective indices. Again, contributions from edges and vertices
are neglected. The accurate determination of surface and twin boundary energies is a methodologically
and computationally demanding task, especially for the case of materials with a strong interdependence
between structure and magnetism as iron or in binary alloys. Magic cluster sizes, on the other hand, allow
for the direct comparison of the most important structural motifs and are thus at least good for drawing a
coarser, more qualitative picture.

Until recently, the structural evolution of iron clusters as a function of particle size had not been re-
solved: Transmission electron micrographs (TEM) of 6 nm particles suggest a bcc structure [164], while for
13 atoms, first principles calculations predict a Jahn-Teller distorted icosahedron [165, 166]. For the next
closed-shell magical number, i.e. 55 atoms, a previously unreported morphology was found to provide a
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Figure 3.1: Comparison of the energies of various
isomers of elemental iron nanoclusters as a function
of the number of closed geometric shells n (figure
taken from [1]; copyright by IOP Publishing.
The data were originally published in [3]. The
calculations for n=1 and n=2 were originally
carried out by Georg Rollmann). The bcc isomer
has been chosen as reference and thus represents the
abscissa. Open circles denote SMT isomers with
alternative magnetic configurations which are not
lowest in energy. The lines are intended as guide to
the eye, broken lines refer to instable structures. The
horizontal dashed line marks the bulk value for the
fcc-bcc energy difference [163]. The inset shows
the variation of the average magnetic moment of the
different isomers as a function of the cluster size
(experimental moments taken from [128]). Open
squares represent non-magic number bcc isomers.
The solid line connecting the bcc values is a fit to
Eq. (3.2).

good candidate for the ground state [3,154]. Based on this discovery, the concept of the so-called shell-wise
Mackay-transformed (SMT) morphologies was introduced by Georg Rollmann and Alfred Hucht, which
will be explained in more detail below.

On a larger size scale, estimations of the energetic order between the different paradigmatic cluster
morphologies were only available from structure optimizations with classical empirical potentials [167],
predicting a crossover between icosahedral and bcc morphologies at sizes around 2000 atoms, while the
binding energies were reported to be comparatively close for these morphologies. Keeping in mind that
these calculations largely neglect the influence of magnetism on structure, which is especially important
in the case of iron, this result can hardly be considered conclusive. A detailed analysis based on first-
principles electronic structure methods was thus launched by us to settle this fundamental question [3].
The investigation comprised icosahedral, cuboctahedral and bcc (Bain-transformed cuboctahedra) clusters
with up to five completed geometrical shells according to Eq. (3.4), i.e. N=561 atoms corresponding
to, approximately, 2.5 nm in diameter. In addition, more spherical bcc geometries were considered with
non-magic sizes up to N=641 atoms. Technically, the calculations were carried out using the VASP
code in the fashion described in the preceding section including unconstrained geometric optimizations
on the Born-Oppenheimer surface. The total energies resulting for different geometries as a function of the
number of closed geometric shells displayed in Fig. 3.1 reveal that for three closed shells (147 atoms) and
larger, the bcc isomer marks the lowest energy conformation, especially in comparison to (high-symmetry)
icosahedral and the cuboctahedral isomers, which rapidly approach with increasing n the energy difference
between the bcc and fcc phases obtained by bulk ab initio calculations [163]. An extensive comparison
between the total energies of a larger number of unrelaxed geometries at intermediate sizes obtained with
the PARSEC [168] real space DFT method suggests that bcc isomers supersede icosahedral and fcc motifs
already below N=100 [3, 146]. The average magnetic moments obtained by both approaches agree well
for the bcc case, while for cuboctahedra and icosahedra, the fully optimized structures rather exhibit an
onion-ring type ferrimagnetic ordering of the closed geometric shells. This reduces the average moment
considerably as shown in the inset of Fig. 3.1. The magnetic ordering of Fe cuboctahedra as a function of
the lattice spacing has been investigated recently in more detail [169, 170]. The theoretical data follow the
experimental trend reported by Billas et al. [127,128] up to sizes of N=400 atoms but deviate significantly
beyond. This also applies for magic number clusters as well as for more compact bcc clusters up to
N=641 atoms, which possess an improved surface-to- volume ratio as compared to the Bain-transformed
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Figure 3.2: Ferrimagnetic spin configurations of the Fe309 (left) and Fe561 (right) SMT isomers (n=4 and 5, re-
spectively) shown as cross sections. The arrows refer in length and orientation to the atomic moments. The upper
isomers correspond to the high-moment structures with the lowest energy. The isomers on the bottom correspond to
low magnetization structures marked by the open circles in Fig. 3.1. Figure originally published in [1]. Copyright by
IOP Publishing Ltd.

cuboctahedra, and is in accordance to previous results obtained by other approaches [123].

For all sizes, cuboctahedral and icosahedral shapes are maintained during the optimization procedure,
if the atoms are strictly kept in their symmetric positions, which can be enforced by additional symmetry
constraints imposed on charge densities and forces. Already small distortions along the Mackay-path [153]
are sufficient to induce a transformation, which finally leads to the above mentioned shell-wise Mackay-
transformed conformation. The SMT state is very robust and can be obtained from different initial con-
figurations [171] and has recently also been reproduced by classical molecular dynamics simulations with
empirical EAM potentials [172] for clusters with up to 15 closed geometric shells [173].

The Mackay-path should be seen in analogy to the Bain-path [159]. The latter connects fcc and bcc bulk
phases by changing the extension of the c-axis with respect to the equal a and b axes of the crystal. The other
is again a diffusionless, displacive mechanism and relates the cuboctahedron with a single-crystalline fcc



3.1 Structure and magnetism of iron clusters 17

B

A C

D

A

D

B

C

(a) (b) (c) (d)

Figure 3.3: Edge models of the optimized Fe561 icosahedron (a), cuboctahedron (b) and SMT isomer (c). Separately
for each shell, the corner atoms of the faces are connected by lines, the atoms themselves are omitted for clarity.
The complete SMT isomer including all atomic positions is shown in (d). For icosahedra and cuboctahedra, shells
of the same shape but different sizes are stacked into each other. For the SMT isomer, the shape of the outermost
shell is icosahedral and continuously changes towards the inside along the Mackay-path to a cuboctahedron, which
represents the shape of the innermost shell, which is reflected by the gradual change of color from red to blue in
(c) and (d). The Mackay transformation works by stretching the bond AC of the icosahedron and turning the two
adjacent triangular faces ABC and ACD into the same plane producing the square face ABCD of the cuboctahedron.
Illustrations partially taken from [4]. Figure originally published in [1]. Copyright by IOP Publishing Ltd.

Figure 3.4: Cross sections of optimized geometries of 561-atom iron nanoparticles. The color coding describes the
local coordination of the atoms obtained by a common neighbor analysis. Bright colors refer to perfect matching of
the CNA- signatures with the ideal bulk and surface configurations. With increasing number of deviations the colors
turn into grey. Figure originally published in [1] (Copyright by IOP Publishing Ltd) with images adapted from [5].

structure to the non-crystallographic icosahedron.1 During this process twelve pair-wise adjacent triangular
(111)-faces of the icosahedron stretch along their common edge and turn into the same plane to form the
six square (100)-faces of the cuboctahedron. An illustration of this process is given in Fig. 3.3 for the case
of the N=561 isomers. The original Mackay process affects all shells simultaneously. Such homogenous
transformations have been recently studied in detail for magic number Pb clusters of different sizes with
ab initio methods [174]. In the SMT isomers, however, the degree of transformation varies gradually from
shell to shell, from a perfect cuboctahedron in the particle core, to a nearly icosahedral shape of the surface
shell. This is slightly distorted by the inward bending of the common edge between the two triangular

1Mpeg-animations which visualize the the Bain- and the Mackay-transformation pathways can be downloaded via
http://www.thp.uni-due.de/~me/Movies/Bain.mpg and
http://www.thp.uni-due.de/~me/Movies/Mackay.mpg, respectively.

http://www.thp.uni-due.de/~me/Movies/Bain.mpg
http://www.thp.uni-due.de/~me/Movies/Mackay.mpg
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facets which correspond to the square face of the cuboctahedron. The SMT represents the lowest energy
isomer for n=2 and is only slightly higher in energy than the Jahn-Teller distorted icosahedron with only
one closed shell for N=13. For n≥3, however, the bcc isomers form the ground state. Nevertheless,
the energy of the SMT is largely reduced compared to the symmetric icosahedra and cuboctahedra and
still in the range of thermal energies to the bcc isomer for N=561. Also the magnetic structure differs:
While still being ferrimagnetic with an onion-type (shell-wise) alternating arrangement of layers in the
particle core, the average moment of the SMT is systematically larger than the moment of icosahedra and
cuboctahedra: For the SMT the outermost three shells are ferromagnetic (cf. Fig. 3.2), while the interior
moment alternate shell-wise. For the icosahedra and cuboctahedra only surface and sub-surface shells have
the same magnetization direction. Due to its ferrimagnetic spin structure, the average moment of the SMT
isomer is considerably smaller than the average bcc moment and agrees therefore much better with the
experimental data. It is probably too speculative to conclude from this evidence that the occurrence of
SMT isomers around N=561 explains the dip in the cluster moments in the experiments of Billas et al.,
but it should be kept in mind, that icosahedral features are frequently observed in many materials during
solidification from the melt or during gas phase synthesis [175]. Also, from recent DFT calculations,
icosahedral or, respectively, SMT-growth has been proposed as a likely growth mode for small Fe-clusters
from the gas phase [154].

The search for the origin of this unusual transformation requires a more detailed structural analysis. For
several hundred atoms, the inspection of the structural environment at the atomistic level may, however,
become a tedious and fallible task without appropriate statistical means. A well corroborated approach
has been developed in the classical molecular dynamics community where the classification of structural
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Figure 3.6: Pair distribution functions (PDF) of the Fe561 isomers discussed in Fig. 3.4. For comparison also a linear
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Fe-film produced condensation of evaporated iron [178] is shown (Figure originally published in [1]; copyright by
IOP Publishing Ltd. Theoretical data partially taken from [4]).

transformations in large systems is a common request. The so-called common neighbor analysis (CNA)
[176,177] allows a comprehensive comparison of the SMT structure with other morphologies. If we restrict
ourselves to the first (for bcc up to the second) neighbor shell, a set of three-index-signatures provides a
classification of the local structural environments of the atoms in the cluster. The indices refer – in the
respective order – to the number of nearest neighbors both atoms have in common, the number of bonds
between those neighbors, and the longest chain of bonds connecting them. Each ideal bulk structure is
characterized by a specific set of 12 to 14 individual signatures. For surface and sub-surface atoms different
signatures apply. A comparison of the CNA of atoms of the SMT with the respective positions in the other,
ideal isomers can now attribute for each atom a specific characterization of the local environment. Figure
3.4 shows the result of a CNA applied to the optimized isomers, the colors indicating the local structural
environment. In many cases, the coincidence is not perfect and few signatures differ with respect to the ideal
cases. With increasing number of non-matching signatures, the colors turn into grey, which consequently
marks an unidentified environment. While the bcc and fcc clusters are uniform in structure, we find for
the icosahedron the typical mixture of fcc, hcp and – along the five-fold symmetry axes – icosahedral
environments. The SMT isomer, however, shows a rather unexpected pattern: While the central atoms are
fcc coordinated according to the nearly completed Mackay- transformation of these shells, we find no trace
of the typical icosahedral signatures in the outermost shells which, however, retain their overall icosahedral
shape. Instead, their signatures show typical signs of the energetically favorable bcc-like coordination,
suggesting that the affinity of bulk-Fe to form a bcc lattice at low temperatures is also responsible for the
stabilization of SMT structures in nanoparticles. In this case bcc-specific features should also show up in
the electronic density of states (DOS).

A comparison of the DOS for different N=561 morphologies is presented in Fig. 3.5. For the bcc
isomer, the site-resolved DOS of the core and subsurface atoms exhibit the typical valley in the center of
the d band – a characteristic feature for bulk bcc alloys. While the majority d band is nearly filled, the Fermi
level locks into this valley in the minority channel, providing a motivating argument for the extraordinary
stability of the ferromagnetic α-phase of bulk iron (see the book of Kübler [179] for a detailed discussion).
In fact, the contributions of sub-surface and surface shells bear strong similarities to the bcc case, while
the contributions of the core atoms with their ferrimagnetic alignment rather resemble the result for the



20 Chapter 3 Structure and magnetism of elemental nanoclusters

0 100 200 300 400 500 600

Cluster size  N

0

20

40

60

80

E
C

ub
o -

 E
Ic

o  (
m

eV
/a

to
m

)

Co

Ni

Fe

0 100 200 300 400 500 600

Cluster size  N

0.5

1.0

1.5

2.0

M
ag

ne
tic

 m
om

en
t  

(m
B
/a

to
m

)

Co icosahedron

Co cuboctahedron

Ni icosahedron

Ni cubocthaedron

Figure 3.7: Left: Energy difference between cuboctahedra and icosahedra of Co, Ni and Fe as a function of the
cluster size. The lines are only guide to the eye. Right: Size dependence of the averaged magnetic moment of Co and
Ni clusters. Figures originally published in [1]. Copyright by IOP Publishing Ltd.

cuboctahedral or icosahedral morphologies.
While the density of states can in principle be detected by photoemission experiments, the particular

examples provided in Fig. 3.5 may – except for the case of the bcc cluster – not provide sufficiently distinc-
tive features to discriminate between the structural motifs. An experimentally accessible quantity, which
is directly related to the structure, is the pair distribution function (PDF). The inhomogeneous structural
environment of the SMT results in a PDF which is qualitatively different from the other morphologies (Fig.
3.6). It neither compares well to a linear combination of fcc and bcc PDF, as could have been guessed from
the CNA, results but rather to the experimental results of Ichikawa et al. [178] obtained from a thin film
produced by low-temperature condensation of evaporated iron. These exhibit features which are typical
for amorphous alloys and were thus interpreted in this sense. Other related experiments are based on a
sonochemical approach [180].

It has to be noted at this point, that while the existence of certain amorphous Fe-based alloys is well
established in literature (see, e. g., [181] and references herein), the possibility of amorphous pure iron is
highly debated. While the SMT isomer is not amorphous in a literal sense, the transformation may be
compared to the rosette-like structural excitations which were recently discussed as amorphization mech-
anism for Pt and Au nanoclusters [182]. Recently, an intermediate amorphous-like phase was reported
from empirical molecular dynamics simulations of 2.5 nm Fe80Ni20 clusters [183], which shows striking
similarities concerning its PDF and other structural motifs as the wave-like bending of atomic columns and
planes, which is visible in Fig. 3.3. This can be seen as a further indication that SMT morphologies may in
fact be realized in the experiment under certain environmental conditions.

3.2 Cobalt and nickel nanoparticles

Due to the multitude of different possible bulk phases with distinct magnetic properties, iron is certainly
an exceptional case, also with respect to its properties on the nanoscale. For the other elements showing
ferromagnetism in their bulk phases a comparably rich behavior is not expected. Figure 3.7 (left panel)
compares thus only the two most important magic number morphologies, icosahedra and cuboctahedra.
For Ni and Co, icosahedra are strongly preferred over the whole size range, the energy difference being
much larger as compared to Fe, especially in the case of Co. The magnetic properties (Fig. 3.7, right
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panel) approach the bulk values faster with increasing cluster size as it is the case for iron, agreeing well
with combined time-of-flight mass-spectroscopy and Stern-Gerlach measurements [129] and the results
of the extensive tight-binding studies of Xie and Blackman [55, 184, 185]. This makes these elements
appear more suited for a successful description with empirical potentials. Especially for the case of Ni, the
calculated energy differences between icosahedra and cuboctahedra coincide from N=147 atoms upwards
surprisingly well with the early results of Cleveland and Landman [134] based on empirical pair potentials.

From the electronic structure point of view, it is tempting to classify the preference for the icosahedral
structure in terms of the electronic density of states. From Fig. 3.8 it becomes evident that the core and
sub-surface contributions do not differ significantly between the two morphologies of the same element
and only slightly between the elements (except for the different exchange splitting). The most distinctive
changes are visible with respect to the DOS of the surface atoms suggesting that – in contrast to iron – the
surface energy contributions play the dominant role in the determination of the particle shape.



Chapter 4

Binary transition metal nanoparticles –

in search of ultrahigh density magnetic

recording materials

In the field of ultra-high density magnetic recording (for an overview, see, e.g. [186]), there has been
a long-lasting exponential increase in storage density over time: While about a 15 years ago, densities
of 35 GBit/in2 were state-of-the-art [35], the manufacturers nowadays face the TBit/in2 scale. However,
approaching this regime, development is slowing down [187] and it will be necessary to switch to new
technologies to cross this line in order to finally reach densities of 10 TBit/in2 or even beyond [188].

Magnetic data storage as in conventional hard disk drives relies on thin CoCrPtB microstructured mag-
netic films consisting of single crystalline grains with poly-disperse size distribution. To average out the
noise, the information has to be stored in the different magnetization directions of around 50 to 100 of
magnetically loosely coupled grains. The major obstacle to further miniaturization is the so-called super-
paramagnetic limit, which threatens the long-time stability of the information stored. The Néel relaxation
time τ of a macrospin with uniaxial anisotropy, representing the recording media grain, has an exponential
dependence on the product of (uniaxial) anisotropy constant Ku and grain volume V divided by temperature
T :

τ = τ0 exp
(

KuV

kBT

)

(4.1)

This imposes a lower boundary for the possible size of a grain which keeps its magnetization unaffected by
thermal relaxation processes at room temperature for a sufficiently long period of time (usually decades).
The following strategies to overcome the limitations of conventional technologies are widely discussed:

• Replacement of polycrystalline films by patterned media, where each bit is represented by a single
thermally stable magnetic dot, which can be achieved using lithography techniques or by assemblies
of nanoparticles. This reduces dramatically the area needed for one bit and also the interaction
between neighboring grains but demands high standards with respect to mono-dispersity, magnetic
properties and arrangement of the particles. Remarkable progress has been made in this field in the
past years [33, 34, 189].

• Use of high-anisotropy materials. This allows a reduction of the grain size stability limit inversely
proportional to the increase in the anisotropy constant [35, 186]. Materials, which are currently
widely discussed in this respect are Fe-Pt and Co-Pt [190]. Several studies had suggested that parti-
cles sizes as small as 3nm (for Fe-Pt, inferred from the bulk anisotropy constant) could be sufficient
for thermally stable storage of information [33,191,192] (for a comparison of several possible mate-
rials, see Tab. 4.1).

Structural and magnetic properties of binary nanoparticles formed of the transition metal alloy Fe-Pt have
been subject to a considerable number of investigations during the past years (for a recent overview, see,
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Figure 4.1: The L10 structure of FePt, FePd,
CoPt and MnAl. Figure taken from [1].
Copyright by IOP Publishing Ltd.

Alloy Ku HC Dp
(107 erg/cm3) (kOe) (nm)

CoCrPtB 0.33 20 9.1
Co 0.45 6 8.0

FePd 1.8 33 5.0
FePt 6.6 – 10 116 ≈3.0
CoPt 4.9 123 3.6
MnAl 1.7 69 5.1

Table 4.1: Collection of characteristic properties of contempo-
rary and future storage media materials capable of storing infor-
mation over a decade in grain sizes smaller than 10 nm (taken
from [35]). Listed are: Uniaxial anisotropy Ku, coercitive field
HC, critical particle size Dp.

e.g. [193]). The stoichiometric L10-phase FePt, CoPt and FePd is characterized by a face centered tetrag-
onal (fct) lattice with a layer-wise stacking of 3d and fourth- and fifth row transition metals along the
shortened axis (cf. Fig. 4.1). The alternation of the elemental constituents gives rise to the unusually large
magnetocrystalline anisotropy [194] – rather than the slight tetragonal distortion of a few percent with re-
spect to the fcc lattice parameters. Following [194], the comparison should be made with the cubic B2
structure, which then yields a rather large distortion with c/a≈1.36. Current production routes for Fe-Pt
nanoparticles are to fabricate disordered fcc particles from gas phase experiments [36,195] or wet-chemical
production routes [33,196,197] and to obtain the ordered L10 phase in a further annealing step [34]. How-
ever, in recent times it was reported that L10 particles with a sufficient magnetocrystalline anisotropy may
be difficult to obtain in the interesting size range [39, 196, 198–200]. Improved results have been reported
after embedding the particles in a matrix, in micelles or by irradiating them with ions [41, 201, 202]. Still,
compared to the coercivity of the bulk materials in Table 4.1, the results obtained for small nanoparticles
are rather disappointing from the magnetic storage point of view (e. g., [36, 37]). Part of the experimental
studies relate this to the incomplete order in these systems as there is a critical particle size, below which
sufficient ordering cannot be achieved for thermodynamic reasons. Another possible explanation, which
also accounts for larger particle sizes, is related to the appearance of L10 ordered domains with differ-
ent orientations in the same particle, counteracting the development of one stable easy axis. Indeed, high
resolution transmission electron microscopy (HRTEM) showed the occurrence of multiply twinned mor-
phologies such as icosahedra and decahedra already at particle sizes around 6 nm [6, 43, 45] consisting of
several strained twins (20 in the case of Mackay-icosahedra and 5 in the case of decahedra). Therefore
such morphologies cannot be expected to exhibit a large uniaxial magnetocrystalline anisotropy, even if the
individual twins are perfectly L10-ordered, because of their different crystallographic orientations.

As the crossover effects between different geometries at small particle sizes can be traced back to a
competition between surface and core energies, two possible routes open up to suppress unwanted multiply
twinned morphologies – either by changing the ratio of the surface energy of different faces, which can
be effectively done by suitable ligands in wet-chemical approaches, or, on the other side, by increasing
the energy related to internal lattice defects, such as twin boundaries, which could be achieved, e. g., by
alloying.

4.1 Fe-Pt nanoparticles for data recording applications

In many elementary nanoparticles with fcc ground state in bulk, a competition between different mor-
phologies is observed owing to the favorable (111)-surfaces of the icosahedron, which gives the dominat-
ing energetic contribution at small particle sizes. In binary systems like Fe-Pt, segregation and ordering
tendencies have to be considered, too. In this respect, we distinguish three different classes: Disordered
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structures, ordered isomers and core-shell structures, corresponding to perfect surface segregation, with all
Pt placed on the surface or in the shell below. Thus, the compositional degree of freedom imposes a further
complication. Therefore, it makes sense to restrict the calculation to cover one wisely chosen composi-
tion, only. Having in mind the technological background of the present investigation, the obvious choice
is the composition corresponding to a near-stoichiometric, perfectly L10 ordered cuboctahedra which are
the relevant isomers from the application point of view. To obtain a coarse picture of the size dependent
order of structural motive – in analogy to Chapter 3.1, it is not necessary to include orbital magnetism (in
terms of the spin-orbit interaction – the so-called scalar relativistic terms are taken into account through-
out). We can avoid this for the beginning, since we can conclude from simple geometric considerations
that the multiply twinned morphologies, even if the individual twins are L10 ordered, will not show the
desired uniaxial magnetic anisotropy due to the multiple orientations of the twins in the nanoparticles. A
deep understanding of the interplay between geometric structure, chemical ordering and magnetic proper-
ties is therefore an important step towards the production of high anisotropy nano-materials for ultra-high
density magnetic data recording. Nevertheless, to complete the picture, the size dependent evolution of the
magnetocrystalline anisotropy energy will be discussed later in Section 4.3.

Still, most ab initio studies of binary transition metal clusters restrict to rather small sizes (for a review,
see [156]). Thus, most theoretical investigations of Fe-Pt and Co-Pt nanoparticles have been carried out
using continuum models [44], classical Monte Carlo and molecular dynamics simulations with empirical
model potentials [38, 203–209] or semi-empirical methods [210, 211]. Nevertheless, the magnetism of
spherical 2.5-5 nm L10 Fe-Pt nanoparticles embedded in a disordered alloy matrix has been investigated
quite early by means of an order-N DFT approach, the locally self-consistent multiple scattering (LSMS)
method [212]. The size of these systems is larger than the ones we will discuss in the following, but
structural aspects, which require atomic relaxations, were not taken into account in this study.

In order to shed more light on the origin of the experimental problems from the electronic structure
point of view, we started ab initio calculations of Fe-Pt and Co-Pt nanoparticles with up to 1415 atoms
(≈3.5nm in diameter), comparing more than 60 configurations of particles of both materials with different
sizes [7–9, 28, 213]. Although the particles are too small to avoid superparamagnetism at room tempera-
ture, general trends can be formulated from the results, as the largest clusters already possess a balanced
surface-to-volume ratio (45 % at 2.5 nm and 32 % at 4 nm). Again, we must restrict ourselves to rather
few paradigmatic isomers. In addition, perfectly chemically ordered or segregated structures exist only for
particular compositions and this usually depends on the particular distribution motif of the elements, such
as a layered or shell-wise ordering or a perfect core-shell like configuration. Comparing perfect motifs
would require relating calculations for different compositions, which hampers the direct comparison of the
relative stability of the isomers. In order to avoid these problems, we will choose one specific composi-
tion and most compositional motifs will consequently be approximated by randomly distributing the atoms
of the excess species on the designated sites of the short element. As the central concern of our work is
related to nanoparticles for ultra-high-density recording purposes, the stoichiometric L10 fct isomer with
alternating Fe and Pt layers along the shortened c-axis is a distinguished case, since this is the closest
approximant of the bulk alloy structure and thus expected to show the desired large magnetocrystalline
anisotropy. Due to the symmetry of the structure, the two (001)-surfaces of the L10 cuboctahedra have to
be terminated by one species, either completely with iron or with platinum, respectively. This results in a
slight off-stoichiometry which decreases with increasing cluster size. For the Pt-rich case (the Fe-rich case
is accordingly vice versa), the size dependence of the composition is given by the following relations:

NFe = 1
3

(
5n3 +6n2 +4n

)
= 5,24,67,144,265,440, . . . ,

NPt = 1
3

(
5n3 +9n2 +7n+3

)
= 8,31,80,165,296,483, . . . ,

(4.2)

where n is again the number of complete geometric shells. Exemplary ab initio calculations of Fe265Pt296

clusters [9] demonstrate that in comparison to the perfectly L10 ordered Fe-covered isomer, a redistribution
of the atoms in connection with covering the surface with Pt leads to a considerable gain in energy despite
the imperfection of the order by placing the excess Fe on the Pt anti-sites. Indeed, it could be shown by
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Figure 4.2: Morphologies of Fe-Pt nanoparticles and their corresponding energies as a function of the cluster size.
The data up to N=561 are taken from [7]. In the diagram, cuboctahedra are represented by squares, icosahedra
by circles and decahedra by pentagons; the lines are guides to the eye. The energy reference is defined by the L10
cuboctahedron. Shaded (green) symbols denote disordered isomers, hatched (blue) symbols ordered structures, thick
and nested symbols core-shell (red) icosahedra and cuboctahedra as well as icosahedra with shell-wise ordering
tendencies (violet). Around the diagram, examples of the simulated cluster structures are shown. Only the structures
with N = 561 atoms (265 Fe and 296 Pt) are depicted. Blue spheres refer to Fe atoms, brown spheres to Pt. The
icosahedral core-shell structures on the right are shown as cross sections, visualizing the inner arrangement of the
atomic species. The circles drawn on top of the lowest-energy icosahedron (right bottom) visualize the alternating,
onion-type arrangement of Fe- and Pt-rich shells. The lines connecting the data points of ordered and alternating
icosahedra represent polynomial fits to Eq. (3.1). Figure originally published in [1]. Copyright by IOP Publishing
Ltd.

separate surface energy calculations carried out by Antje Dannenberg as part of her the Diploma thesis work
that purely Pt-covered facets possess a significantly lower surface energy compared to the mixed and the Fe-
or Co-covered cases [214,215]. This is in particular true for (111)-type surfaces. An alternative stacking of
densely packed Fe (or Co) and Pt layers results in a L11-type ordering. This is not an equilibrium phase of
bulk FePt or CoPt, but it is found in CuPt. With decreasing number of 3d electrons, the energy with respect
to the L10 arrangement increases nearly linearly [216]. However, the gain in surface energy will be large
enough to stabilize even this unfavorable structure in the core of Fe-Pt and Co-Pt of a few nanometers in
diameter.

Therefore, in thermodynamic equilibrium, the Pt-dominated morphologies should dominate and one
may focus on isomers with predominately Pt-covered surfaces. This reasoning comes closest to the gas
phase production route; for wet chemical processes the kinetics of formation plays a much bigger role,
which we currently cannot cover by ab initio simulations [217].
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lines connecting the data points of ordered and alternating icosahedra represent polynomial fits to a phenomenological
third order power law [124] described by Eq. (3.1). The largest isomers corresponding to the respective motifs are
depicted on the right (dark brown spheres refer to Pt, bright blue to the 3d metal). The onion-ring icosahedron
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icosahedra. Figure adapted from [8]. Copyright 2011 Wiley Periodicals, Inc.

4.1.1 Size dependent evolution of structural motifs in Fe-Pt nanoparticles

The investigated isomers are categorized in three major groups, ordered structures, disordered structures
and core-shell motifs, which are symbolized by the (colored) boxes in Fig. 4.2. The ordered morpholo-
gies (left, blue box) refer to the structures which reflect the strong tendency towards L10 ordering in bulk
Fe-Pt. These comprise the L10 ordered cuboctahedron as the reference structure and an Ino-decahedron
with its five twins individually L10 ordered and Pt-terminated (001)-surfaces. The ordered icosahedron was
obtained by applying a full transformation along the Mackay-path [153] on the positions of the L10 cuboc-
tahedron, while keeping the occupancy of the sites by the atomic species fixed, since this largely preserves
the local chemical environment of the atoms. In fact, the multiply twinned ordered morphologies turn out
to be lower in energy than the reference isomer, supporting the experimentally observed trends. This is
especially significant for small clusters, with decreasing tendency towards larger sizes. For the ordered
icosahedron a crossover to the single crystalline L10 morphology is taking place around 600 atoms, which
is in excellent agreement with the cross-over size predicted on the basis of the continuum model according
to Eq. (3.7) for a related icosahedron with 20 individually ordered L10 twins with random orientation of
the c-axis [44]. It should be kept in mind that the nominal composition is varying with cluster size, which
affects mainly the smallest investigated sizes.

For comparison, the three paradigmatic cluster shapes have also been studied as chemically disordered
isomers (green center box in Fig. 4.2). The icosahedral morphologies are again preferred over the decahe-
dral and single crystalline structures, but all corresponding energies are considerably above the values of
the ordered morphologies, which is expected due to the strong ordering tendencies in bulk Fe-Pt. In or-
der to obtain a quantitative estimate, averaging over a large number of configurations would be necessary,
especially for the smaller sizes. This has been omitted in the present study.

The third important class (right boxes in Fig. 4.2) represents the core-shell morphologies. Again, Pt
atoms are expected to segregate to the surface, while the Fe-atoms occupy predominately the core sites.
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For N=147, where Pt covers 80 of the 92 surface sites, this is a very favorable arrangement. For larger
clusters, the number of Pt atoms exceeds the number of surface sites, for N=309 by 3 atoms and 44 atoms
for N=561. Placing these atoms into the subsurface shell, which corresponds to complete segregation, is
obviously becoming a much less advantageous structural configuration as demonstrated by the broken red
line in Fig. 4.2. This basic tendency has been corroborated by a recent detailed study based on Monte Carlo
simulations with DFT parameterization [46]. However, if the subsurface shell is kept Pt-depleted and the Pt
atoms occupy sites of the third shell instead, the energy is decreased by sizeable 42 meV/atom. This isomer
can also be understood as a shell-wise alternating arrangement of pure Fe and Pt-enriched closed geometric
shells with an extreme concentration gradient in the Pt-enriched layers ranging from 0 % from the center to
100 % on the surface. In fact, icosahedral configurations with a concentration gradient have been proposed
recently to explain high-resolution transmission electron micrographs of larger icosahedral Fe-Pt clusters
with a diameter around 6 nm [45]. The stability of onion-ring bimetallic morphologies has been recently
discussed for Pd-Pt clusters by means of semi-empirical classical simulation techniques [218–220]. A
configuration in which all Pt-containing shells have the same relative composition refers to this limiting
case. Corresponding isomers are depicted in Fig. 4.2 by triply nested circles and mark the lowest energy
isomers throughout the whole investigated size range. This morphology marks an intermediate between
core-shell and ordered structures with an incomplete L11 ordering within each of the 20 twins. The L11

structure is defined by a layer-wise alternation of [111] planes of the fct lattice occupied by different
elements, terminated in our case by the 20 (111)-surfaces of the icosahedra. Structures with L11 ordering
are known from the bulk Cu-Pt alloy [221] but not from bulk Fe-Pt or Co-Pt. Here, obviously the low
surface energy of the Pt-terminated (111) surfaces overcompensate the energy contributions due to twinning
and the strained L11 arrangement of the core atoms. As a consequence, the energetic advantage over the
single crystalline L10 isomer is decreasing with increasing particle size. In order to obtain a more accurate
estimate of the crossover size, the comparison of these two structures was extended up to system sizes of
1415 atoms (seven closed geometric shells), recently (see Fig. 4.3). The extrapolation according to Eq. (3.1)
indicates that the crossover between these two structural motifs will occur between seven and eight closed
shells or a diameter roughly around 4 nm, respectively. It is noteworthy that the phenomenological power
law of Eq. (3.1) is perfectly fulfilled even for the smallest (ordered) isomers at N=13. This shows that
the decomposition of the cluster energy into contributions scaling as the number of edge, core, surface and
bulk atoms is a reasonable model to describe such metallic systems even if the electronic level is taken into
account. Also for the onion-ring icosahedron, which is prone to partial disorder by construction, the power
law interpolates the data with a deviation of a few meV/atom only. This can be taken as a rough measure for
the error introduced by the incomplete statistical averaging. Due to computing time restrictions extensive
averaging over a large number of configurations was not feasible.

4.1.2 Magnetic structure

Isomers with N=147 atoms or larger show a more or less uniform, size independent behavior in their
average magnetization per atom [7], which takes values in a corridor of about ±0.1 µB around the average
bulk value [222], which is in good agreement with previous DFT studies of unrelaxed Fe-Pt clusters with
up to 135 atoms [140]. Exceptions are observed for the core-shell isomers, which show a reduced average
moment due to ferrimagnetic alignment of the spins in the Fe-rich core.

Ab initio studies on bulk FePt alloys have pointed out latent tendencies for antiferromagnetism also in
the stoichiometric L10 phase [223–225]. This phase is close to an instability towards an antiferromagnetic
(AF) structure described by ferromagnetic (FM) Fe-layers alternating along the c-axis with respect to their
orientation. This bears some analogy to the α-FeRh alloy which exhibits a temperature induced AF-FM
metamagnetic transition [226]. The origin of this instability has been traced back to a competition between
a Pt-mediated ferromagnetic coupling and a direct antiferromagnetic exchange between the layers [227,
228]. While the Fe atoms of different layers have a preference for anti-parallel alignment, a Stoner-like
polarization of the Pt atoms in the FM phase gives rise to a considerable FM contribution mediated by the
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Figure 4.4: Left: Spin structure of an L10 ordered Fe265Pt296 cluster with ferrimagnetic (layer-wise antiferromag-
netic) spin arrangement. The large (blue and green) arrows refer in size and orientation to the Fe spins, the smaller
(purple) arrows to the Pt spins. For Pt moments below 0.2 µB spheres are drawn instead. Right: L10 Fe296Pt265 with
Pt-(001) surfaces and Pt depleted, incompletely ordered core and the same configuration shown in cross-section. Blue
spheres denote Fe atoms, brown ones Pt. Figure adapted from [9]. Copyright IOP Publishing Ltd.

N NFe NPt E −EL10 Mtot |mFe| |mPt| order structure
meV/atom µB µB µB

– 925 3.00 0.39 FM perfect L10, Pt-terminated [001] facets
1 148 2.98 0.13 AF perfect L10, Pt-terminated [001] facets

561 296 265 – 1013 3.02 0.39 FM perfect L10, Fe-terminated [001] facets
-44 986 2.93 0.38 FM L10, Pt-term. [001] facets, excess Fe on Pt-sites
-35 123 2.85 0.14 AF L10, Pt-term. [001] facets, excess Fe on Pt-sites

– 246 3.07 0.40 FM perfect L10, Pt-terminated [001] facets
-1 66 3.02 0.19 AF perfect L10, Pt-terminated [001] facets

147 80 67 – 274 2.95 0.40 FM perfect L10, Fe-terminated [001] facets
-87 264 2.92 0.36 FM L10, Pt-term. [001] facets, excess Fe on Pt-sites
-70 37 2.80 0.20 AF L10, Pt-term. [001] facets, excess Fe on Pt-sites

Table 4.2: Relative energies and element resolved magnetic moments of cuboctahedral FePt clusters with N=561
and N=147. Listed are: The number of Fe and Pt atoms in the cluster, their energy with respect to the perfectly
ordered L10 morphology of the same composition (marked by a dash), the total spin moment, the average absolute
spin moment per element. AF (antiferromagnetic) and FM (ferromagnetic) denote the magnetic ordering; the last
column describes the type of the atomic arrangement.

Pt atoms which is of comparable magnitude and thus capable of energetically stabilizing FM order. The
exchange between the Fe atoms within the layer, on the other hand, is strong and FM. The corresponding
magnetic structure thus results in an anti-parallel arrangement of the alternating Fe layers in [001] direction
while the atoms within the Fe layers themselves are oriented in parallel. The hypothetic AF phase of Fe-Pt
is characterized by a slightly increased tetragonal distortion with nearly the same atomic volume [225] and
accordingly AF isomers have been stabilized in our calculations which are nearly degenerate energy with
their FM counterparts.

As ferrimagnetism and antiferromagnetism are certainly not a favorable property for ultra-high density
recording media, it appears worthwhile to investigate the implications for L10 FePt nano-clusters in greater
detail. Therefore completely and incompletely L10 ordered morphologies with layer-wise AF order of sizes
N = 561 and N = 147 were compared with their FM counterparts. The resulting spin configuration of a
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perfectly ordered AF cuboctahedral FePt cluster of type is depicted in figure 4.4(left side). Disordered was
introduced as described in the previous section through the random redistribution of excess Fe atoms on
the Pt-sites as shown on the right side of Fig. 4.4. The AF and FM configurations turn out as practically
degenerate, as the calculated energy differences (see Tab. 4.2) are in the order of 1 meV/atom, which is
clearly below the accuracy limit of the calculations. Figure 4.5 provides a comparison of the element
resolved distribution of the spin moments along the shortened c-axis and the interlayer spacing along a and
c-axis. In both, AF and FM configurations, the magnitude of the moment increases at the surface. In the
FM case, the induced Pt moments are as expected to vary according to the average magnetic moment of
the surrounding Fe atoms. In the AF case, the top and bottom layer Pt moments are comparatively large, as
these atoms are polarized by one single neighboring Fe layer. The more central Pt atoms carry smaller or
vanishing moments, as they are in the neighborhood of both, up and down oriented Fe atoms. The top and
bottom Pt layers show a considerable inwards relaxation, which is much stronger than for the mixed layers
along the a-axis. Consequently, additional inwards oriented contributions are found in the distribution
function along the c-axis and the a-axis, as surface atoms present in all layers. These features can be
observed along the c-axis mainly in the Pt contributions and along the a-axis in the Fe contributions. The
overall c/a ratio, calculated from the distance between the outermost layers in each direction taken from
figure 4.5 are with c/a = 0.954 for the FM and c/a = 0.925 for the AF structure significantly different
for both cases. It may be worthwhile to note at this point that ab initio calculations predict tendencies for
ferrimagnetic ordering also in icosahedral core-shell FePt morphologies [4, 7].

To the authors knowledge, there is no direct experimental report of antiferromagnetism in L10 FePt
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nanoparticles so far. On the basis of their ab initio calculations, the authors of Refs. 223, 229 have argued
that the energy difference between FM and AF configurations is further shifted in favor of the FM phase
by spin-orbit interaction. The direct observation of the AF phase at ambient conditions in experiment and
model calculations [229] may further be inhibited by an entropic stabilization of the FM phase similar to
the temperature driven metamagnet α-FeRh [228, 230–232]. Here, in an analogous fashion the 4d element
carries a moment solely in the FM phase, giving rise to a strong FM exchange interaction between nearest
neighbor Fe and Rh atoms which competes with the AF exchange between next nearest neighbor Fe atoms.
The presence of an additional magnetic moment may provide – if it constitutes a degree of freedom of its
own – a significant contribution to the magnetic entropy [231].

Brown et al. [224] argued on the basis of KKR-CPA calculations that also compositional disorder will
stabilize the FM phase, since the effective interlayer interaction is modified by the presence of substitutional
Fe atoms in the Pt layers. In order to corroborate these findings on the basis of the present investigation,
calculations for the ordered FM Fe-enriched Fe296Pt296 and Fe80Pt67 isomers were carried out with a layer-
wise antiferromagnetic spin configuration. Due to the partial segregation of the Pt atoms to the (001)-
surfaces, substitutional disorder is necessarily present in the core Pt layers. Thus the above results provide
an independent way to test the analytical modeling of compositional disorder by means of the coherent
potential approximation (CPA) by an explicit description of randomly distributed atoms. In fact, for the
N = 561 atom isomer, the energy of the AF phase is now ∆E = 8meV/atom higher than the energy of the
FM configuration (cf. Tab. 4.2). For the isomer with 147 atoms, ∆E increases to 17 meV/atom, which can
be understood in terms of the larger compositional mismatch (cFe = 0.544 for N = 147 vs. cFe = 0.528
for N = 561) and the larger surface-to-volume ratio (63 % vs. 45 %, respectively), leading to an increased
number of substitutional defects in the core.

From experimental side, it has been argued that an inhomogeneous distribution of the Fe- and Pt-
species may lead to local deviations from the stoichiometric compositions which can decisively influence
the magnetic properties of these isomers [193]. A more detailed analysis of the distribution of the magnetic
moments with respect to their structural environment is given in Fig. 4.6. Here, the site-specific magnetic
moments of all Fe and Pt atoms in selected Fe265Pt296 particles are plotted versus their distance to the
center of the particle. To provide further information on the structural environment, we use open and filled
symbols, alternating with the index n of the geometric shells according to Eq. (3.4), to which the respective
atoms belong to. For all isomers, there is a continuous increase of the iron magnetic moment from the
center of the cluster towards the surface, while the induced Pt-moments appear to be nearly constant or
even decrease, as for the core-shell morphologies. For the disordered isomers, there are large fluctuations
in the Fe- and Pt-moments owing to the inhomogeneous chemical environment of the Fe atoms. This
is largely reduced for the ordered structures, as there are many equivalent sites, which are consequently
characterized by the same magnetic moment and the same distance from the center. The moment of the
central atom is significantly lower in the icosahedral structure, as this position is strongly compressed by
the surrounding atoms, which are much closer to the center than in the cuboctahedral structures. This
is a consequence of the fact that that the inter-shell atomic distances are by about 5 % smaller than the
intra-shell distances in ideal icosahedra, because all of its neighbors are located in the first shell. Thus for
symmetry reasons, there is no possibility for a compensation. The compression is strongest in the case of
core-shell isomers which are characterized by a pure iron core with an anti-parallel orientation of the first
shell. Consequently, the overall diameter of the core-shell icosahedra is about 1-2 % smaller than, e. g., for
the disordered isomer.

For some of the isomers, the distribution of the positions in Fig. 4.6 displays marked deviations from
the patterns which are typical for a given morphology. This applies to the fully segregated Fe265Pt296

icosahedron and the core shell cuboctahedron, and is an indication of structural changes. Both isomers are
shown as cross-sections in Fig. 4.7. While in the first case a shell-wise Mackay-transformation of the iron
core is observed as described in Chapter 3, the cuboctahedral particle undergoes a (partial) transformation
along the Bain-path. Common in both cases is that the transforming pure iron core is comparatively small
and the presence of chemically mixed shells is not sufficient to prevent the transformations.
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Figure 4.6: Spatial distributions of the element specific magnetic spin-moments of several Fe265Pt296 nanoparti-
cles from Fig. 4.2. In addition to these, also a core-shell cuboctahedron with Pt-depleted subsurface shell has been
considered. Fe-moments are represented by triangles, pointing upwards (blue) for alignment parallel the total magne-
tization, downwards (green) for antiferromagnetic alignment. Pt-moments are depicted by brown circles. Moments
belonging to geometric shells with even index number n are marked by open symbols, atoms belonging to shells with
odd n by filled symbols. Figure originally published in [1]. Copyright by IOP Publishing Ltd.

Core−shell icosahedron, fully segregated Core−shell cuboctahedron with Pt−depleted subsurface shell

Figure 4.7: Two examples of structural transformations in chemically inhomogeneous clusters. Left: Fully segre-
gated Fe265Pt296 icosahedral isomer (cross-section) The edge model obtained in the spirit of Fig. 3.3 clearly displays
a shellwise Mackay-transformation of the pure iron core. Right: Core-shell cuboctahedron with Pt-depleted subsur-
face shell, full view and cross-section perpendicular to the viewing plane. This isomer is related to the corresponding
icosahedral core-shell morphology by a full transformation along the Mackay-path and is represented in Fig. 4.2 by
doubly nested squares. The Fe-core transforms along the Bain-path, inducing a strong tetragonal distortion of the
overall cluster shape. Figure originally published in [1]. Copyright by IOP Publishing Ltd.
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Figure 4.8: Energies of Co-Pt clusters of various morphologies and sizes. The energy reference is again marked by
the L10 cuboctahedron. Symbols as in Fig. 4.2. Data (except for the core-shell cuboctahedron) published in [7]. The
current figure is taken from [1]. Copyright by IOP Publishing Ltd.

4.2 Chemical trends in the structural stability of binary transition metal nanopar-
ticles

One suitable way to search for particles with improved properties with respect to magnetic recording ap-
plications and, at the same time, to learn more about the physical origin for twinning in FePt particles, is
by systematically scanning the periodic table of elements for alternatives. The prospect of this approach
will be discussed at first on the basis of the resulting binary alloys, where one of the constitutive ele-
ments is exchanged completely. This provides the necessary background for the selection of appropriate
ternary compositions which might be expected to reveal improved application performance, which will be
discussed finally at the example of the ternary system Fe-Mn-Pt in Sec. 4.2.4.

4.2.1 Varying the 3d element: Co-Pt and Mn-Pt

A natural first choice is to exchange the 3d element, iron, against the one to its right in the periodic table,
cobalt, because bulk L10 CoPt is known to exhibit a comparably large magnetocrystalline anisotropy and
is thus a reasonable choice as recording material as well. Therefore, the investigation on the size depen-
dence of magnetism and structural order has been repeated for Co-Pt in an analogous fashion. Systematic
replacements of Pt by other 4d and 5d elements will follow in Sec. 4.2.2 and Sec. 4.2.3. Figure 4.8 sum-
marizes the size dependence of the energetic relationship of CoPt clusters for most of the paradigmatic
morphologies studied in the preceding section. The energetic order of the morphologies is practically the
same as for the Fe-Pt case but appears on a different scale. Again, the L10 cuboctahedron of the respective
size N serves as reference for the energies. In comparison to Fe-Pt, multiply twinned structures have now
moved to considerably lower energies. The onion-type Co265Pt296 icosahedron, which corresponds to the
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Figure 4.9: Spin polarized density of states (DOS) of selected Fe265Pt296, Co265Pt296 and Mn265Pt296 morphologies
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The thick lines denote the total DOS, the thinner lines the element-specific contributions of the 309 core atoms (full
lines, blue for Fe/Co/Mn, brown for Pt). Dashed lines describe the contributions of the 252 surface atoms. Figure
originally published in [1]. Copyright by IOP Publishing Ltd.

lowest energy Fe-Pt isomer, lies 90 meV/atom lower in energy. This corresponds to approximately 1000 K
(in comparison to ≈ 330K in the case of Fe-Pt) and can certainly not be considered in the range of thermal
energies. Both segregated morphologies (completely segregated and with Pt-depleted subsurface shell) are
even found below. This demonstrates that segregation must be expected to be the dominant mechanism
in thermodynamic equilibrium processes. Nevertheless, successful synthesis of single crystalline L10 Co-
Pt particles with diameters of a few nanometers by embedding them into a carbon environment has been
reported recently [208, 233]. This stresses that depending on the fabrication route kinetic processes and
the interaction with the substrate may decisively alter the energetic order expected for free particles. The
obtained magnetocrystalline anisotropy for those particles, however, is again far below the expected values.

A qualitative understanding of the chemical trends on the energetic order of morphologies can be gained
from a comparison of the respective element resolved electronic densities of states [7,213] for Fe-Pt, Co-Pt
and Mn-Pt, as shown in Fig. 4.9. The DOS of the L10 ordered Fe265Pt296 isomer has been reported to
share the basic features of bulk L10-FePt already the case for much smaller clusters [140]. Nevertheless,
modifications due to surface states are present, which involve 45% of the atoms at this size. For the
alternating icosahedron and the L10-ordered cuboctahedron, the Fermi level coincides with minima in the
minority-spin DOS, arising from the minority-spin 3d-Fe electrons, reflecting their increased stability with
respect to the disordered clusters, where the minimum in the minority-spin DOS is completely washed
out [213]. This stresses the importance of the 3d electrons of the transition metal element for the stability
of the clusters. Indeed, for each morphology, the Pt surface and core contributions remain largely unaltered
upon changing the 3d constituent of the clusters.
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Figure 4.10: Energies of Mn-Pt clusters of various morphologies and sizes. The energy reference is again marked by
the L10 cuboctahedron. Only the structures with N = 561 atoms are depicted. Blue spheres refer to Mn atom, purple
spheres to Pt. Some of the icosahedral structures are shown in cross section, to better visualize the inner arrangement
of the atomic species. Colors: Shaded green symbols denote disordered isomers, hatched blue to violet symbols
ordered structures, open red symbols core-shell icosahedra. Double symbols refer to icosahedra with shell-wise
ordering tendencies. Orange symbols denote L10 cuboctahedra with antiferromagnetic ordering of the 3d-moments.
The lines are only guides to the eye. Figure originally published in [1]. Copyright by IOP Publishing Ltd.

There are additional characteristic features in the DOS which may help to identify or rule out a pop-
ulation of specific morphologies in spectroscopic measurements [234]. In the majority channel of the
icosahedron there is a dip around −2.25eV, surrounded by two maxima, which is only slightly shifted by
the replacement of the 3d element. This dip nearly coincides with the hump in the minority channel of
the L10 structures arising from the Pt-contributions. As the Pt contribution remains nearly unaffected by
changes of the 3d element, a discussion of chemical trends in terms of a simple rigid band picture appears
justified. When replacing Fe by Co, the additional d-electrons of Co must fill up the states in the minority
channel, as the 3d majority states are already occupied. This necessarily shifts the contributions of Co to
lower energies. While the electron densities at the Fermi level EF are nearly the same for both isomers, the
density of the L10 minority 3d-states encounter a steep increase above EF. In consequence, there is a larger
shift of the 3d minority states of the icosahedron, which results in a lower contribution to the band energy
with respect to the L10 reference.

This simple relationship between structural stability and the filling of the 3d minority channel suggests
that removing 3d minority spin electrons should work in favor of the L10 structure. This seems indeed to
be the case, if Fe is completely replaced by Mn. Fig. 4.10 shows, that the alternating icosahedron is lo-
cated approximately 60 meV/atom above the 561 atom L10 cuboctahedron (as compared to ≈ 30meV/atom
below for FePt). The ferromagnetic ordered icosahedron, which is nearly degenerate for Fe265Pt296, has
become unstable in the Mn-Pt system for sizes above 147 atoms. During the geometric optimization pro-
cedure it transforms downhill to a perfect L10 cuboctahedron proving en passant that the Mackay path is a
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Figure 4.11: Snapshots of a MnPt cluster transforming from the ordered icosahedral structure (upper left) to the L10
ordered cuboctahedron (lower right) during the conjugate gradient structure optimization. The snapshots were taken
consecutively every 100 optimization steps (Mn atoms: Bright yellow; Pt atoms: Dark red). Figure originally pub-
lished in [1]. Copyright by IOP Publishing Ltd. The complete animation sequence (mpg format) can be downloaded
from http://www.thp.uni-due.de/~me/Movies/MnPt-Mackay.mpg.

realistic transformation path even for bi-metallic magic-number transition metal systems (see Figure 4.11
for details). Nevertheless, the simple rigid band picture does not hold quite as nicely as for the replacement
of Fe by Co. For the alternating icosahedron, e. g., antiferromagnetic alignment of parts of the Mn spins
could not be avoided, leading to respective contributions in the majority channel above the Fermi level and
in the minority channel below, which alter the overall shape of the total DOS.

This already indicates the major drawback for using Mn as stabilizing agent for L10 particles for mag-
netic recording purposes – its preference for antiferromagnetic ordering. In fact, this is well known for the
bulk system and also present in nanoscale arrangements. The lowest energy isomer shown in Fig. 4.10 is an
L10 cuboctahedron with staggered antiferromagnetic arrangement of the spins within the Mn layers. In or-
der not to elicit the latent antiferromagnetic tendencies which are present in pure Fe-Pt as discussed above,
only small admixtures of Mn might therefore be admissible to increase the stability of the L10 phase. This
possibility will be discussed in detail in Sec. 4.2.4.

4.2.2 Isoelectronic Pt-group alloys: Fe-Ni, Fe-Pd and Fe-Pt

The alloys of Fe with the Ni-group elements exhibit a variety of mechanical and thermodynamic anomalies
and unresolved issues which have been subject to a large number of investigations in the past, for instance
the stability of ordered equiatomic L10 FeNi (tetrataenite), which is stable in FePd and FePt. It seems not
possible to prepare this phase in experiment but it has been discovered in meteorites [235–237]. Unclear
is also the possibility of ordered Fe3Ni and Fe3Pd in the Fe-rich regime [238], whereas equilibrium Fe3Pt
does exhibit L12 type order. All three alloys exhibit a significantly reduced thermal expansion coefficient
termed as the Invar-effect, which is related to magneto-mechanical excitations and has been subject to
investigations for more than a century (see [239,240] for an extensive overview). Another important feature
is the occurrence of a martensitic instability which occurs right in this concentration range described by
a valence electron ratio per atom, e/a, of e/a=8.5 . . .8.7. This provides the basis for another important
functional property of these alloys, which will be discussed in depth in Sec. 5.3. At high temperatures
and larger e/a these alloys exist in a face centered cubic structure while a body centered cubic phases are

http://www.thp.uni-due.de/~me/Movies/MnPt-Mackay.mpg
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Figure 4.12: Evolution of the energetic order of morphologies of A265B296 nanoparticles upon systematic variation
of the constitutive elements A and B. Center panel: A=Fe and B=Ni, Pd, Pt. Right panel: A=Fe and B= Ir, Pt, Au.
The left panel repeats for comparisons the results for A=Mn, Fe, Co and B=Pt. The respective morphologies are
denoted by letters (a)-(h) and depicted in the bottom part of the figure (bright blue spheres refer to atoms of type A,
dark brown spheres to atoms of type B). All energies are given relative to the perfectly ordered L10 cuboctahedron
(f) of the respective composition. Lines are only guide to the eye. The investigated structures are: (a) disordered
icosahedron; (b) onion-ring icosahedron with alternating A and B-rich shells (top view and cross section); (c) ordered
icosahedron (connected with the L10 cuboctahedron by a full Mackay transformation); (d) Ino decahedron with five
individually L10 ordered twins; (e) disordered cuboctahedron; (f) ferromagnetic perfectly L10 ordered cuboctahedron
(reference); (g) L10 cuboctahedron with layer-wise antiferromagnetic order (alternating orientation of the A layers);
(h) L10 cuboctahedron with staggered antiferromagnetic order within the A layers. Figure taken from [11]. Copyright
by IOP Publishing Ltd.

preferred for small e/a and lower temperatures. First-principles studies on Fe-Ni clusters and particles
were aiming at the electronic structure, magnetism and the segregation behavior [241–245] of these alloys,
while the size dependence of the martensitic transformation was rather investigated using empirical model
potentials, e. g., [246].

L10 ordered FePd possesses a factor four to five smaller magnetocrystalline anisotropy compared to
bulk Fe-Pt [35]. Nevertheless, this could still be sufficiently large for data recording applications and has
lead to an increased attention on single crystalline Fe-Pd nanoparticles [247–250]. In [10], the author has
laid out the full size dependent evolution of nanoparticle morphologies from first principles. The effect of
the isoelectronic variation of the Pt-group element is illustrated by a systematic comparison of structural
trends in the energetic order of paradigmatic 561 atom morphologies for various alloys in Fig. 4.12.

The ordering energy increases significantly from the Fe-Ni alloy to Fe-Pt, which agrees well with the
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Figure 4.13: Site resolved distributions of magnetic moments Fe265B296 with B=Ni, Pd, Pt plotted against their
distance to the particle center. Triangles (bright blue) refer to Fe moments, while circles denote moments of the
B species. The moments are grouped according to their affiliation to even and odd numbered shells as defined by
Eq. (3.4), which are by open and filled symbols, respectively. Figure originally published in [11]. Copyright by IOP
Publishing Ltd.

ordering tendencies in the bulk phase diagram of the three alloys. This is shown here in terms of the energy
difference between the disordered cuboctahedra (e) and the L10 ordered particle (f), which amounts to about
60 meV/atom. The disordered icosahedra (a) are ≈20 meV/atom lower in energy in all three case than the
corresponding cuboctahedra (e). Thus for all three alloys, the mixed (111) surfaces are more favorable
than the mixed (001) facets. This gain once again over-compensates the disadvantageous twin boundaries
in the icosahedra. We also find a uniform trend for the ordered icosahedron (c), which again possesses
by construction the same distribution of A and B atoms on the surface sites as the L10 cuboctahedron
(f). In turn, the partially segregated onion-ring icosahedron (b) and the ordered decahedron (d) are nearly
degenerate to the L10 reference in Fe-Ni, whereas in Fe-Pd, their stability appears even increased over the
Fe-Pt case. This is supported by recent first-principles calculations of the segregation energies in binary
core-shell clusters [251], which predict a weaker surface segregation for Ni atoms in a fcc Fe host than for
Pd and Pt.

In Sec. 4.1.2, we noted that in FePt cuboctahedra with perfect L10 order the layer-wise AF order real-
ized in structure (g) is nearly degenerate to ferromagnetic order. The reason is a competition between strong
ferromagnetic Fe-Pt interactions and antiferromagnetic in-plane interactions between closest Fe atoms.
These typically vary with the interatomic distance and indeed AF order neither plays a significant role for
Fe-Pd nor for Fe-Ni, which possesses a significantly smaller lattice constant. In the FM structure (f), the
B-atoms exhibit a stable moment comparable to the bulk value of 0.35µB for Pt and Pd and 0.65µB for
Ni. The site and element resolved distribution of the atomic spin magnetic moments depicted in Fig. 4.13
indicates that the moments do not depend significantly on their position within the ordered clusters. There
is some variation according to the local environment within the disordered structures visible in the scatter
of the data which shows a similar pattern for all three alloys. Again, we find a clear enhancement of the
Fe moments in the surface layer, which is particularly pronounced for Fe-Ni. Here, the average moment
of the core atoms is about 0.3µB smaller compared to Fe-Pd and Fe-Pt. For the disordered icosahedra we
encounter on average a steady decrease of the Fe-moments from the surface to the center, in particular for
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Figure 4.14: Comparison of total and site-resolved electronic density of states (DOS) of Fe265B296 isomers (B=
Ni, Pd, Pt, Au, Ir in vertical order). The three panels in each row refer to the L10 ordered cuboctahedron, i e. structure
(f) of Fig. 4.12, the onion-ring icosahedron (b) and the disordered icosahedron (a). The total DOS is marked by thick
black lines the element resolved partial contributions of Fe and the B element (from the whole cluster) by full light
blue and dark brown lines, respectively. The broken lines of refer to the contributions of the surface layer atoms of
the respective element only. In order to concentrate on the main features, all curves have been convoluted with a
Gaussian with a variance σ2=(0.2eV)2. Figure reproduced from [11]. Copyright by IOP Publishing Ltd.

the central moment of the Fe-Ni icosahedron, which is quenched to a value of 2.1µB. The reason can be
sought in the the pressure from the outer shells on the core atoms.

From the nearly identical cluster volumes and spin polarization one can expect that the electronic
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Figure 4.15: Site resolved distributions of magnetic moments Fe265B296 with B= Ir, Au plotted against their distance
to the particle center. Symbols as in Fig. 4.13. For better comparison, the anti-parallel (negative) Fe-moments oc-
curring at small distances in the disordered Fe-Ir icosahedron (upper right panel) are depicted by downward triangles
(with positive sign). Figure reproduced from [11]. Copyright by IOP Publishing Ltd.

density of states should be very similar for Fe-Pt and Fe-Pd clusters of identical morphology. In fact, apart
from a flatter DOS closer to the Fermi level resulting from the slightly wider Pt d-band, which extends to
lower energies, differences between these alloys are hardly visible in Fig. 4.14. This is different for Fe-Ni
with its considerably smaller Ni-d-band. this shifts the states closer to the Fermi level with consequences
especially for the minority channel. Here, for the L10 structure a minimum forms right a the Fermi level,
while for the other two alloys a related feature is located at -1.5 eV. In the onion-ring structure, which is
characterized by a 0.1µB smaller average spin moment, these minima are partly filled up by majority-spin
electrons. In turn, the onion-ring structures exhibit an additional fraction of low lying Pd- or Pt-states
(below -3 eV) in both channels, originating from surface atoms. This is less pronounced for Fe-Ni, where
morphologies (a) and (b) are rather close in energy.

4.2.3 Varying the 5d element: Fe-Ir and Fe-Au

In contrast to the alloys with the elements of the Pt-group, stoichiometric L10 type structures of Fe with
Au and Ir are not known from the equilibrium phase diagram [252]. The FeAu equilibrium phase at at high
temperatures is an fcc solid solution which is stable down to around 1100 K. Nevertheless, L10 FeAu can be
fabricated through consecutive epitaxial growth of Fe/Au multilayers [253]. Their magnetic properties have
been studied intensely in the past in experiment [254, 255] as well as theory [256, 257]. Likewise, several
groups were concerned with magnetism of heterostructures consisting of Fe/Ir layers [258–261]. L10 order
can also be established in FeAu nanoparticles under a strain induced by a substrate [262]. However, more
attention has been payed to core-shell structures with an Fe-rich core and a protective Au shell [263–266].
The stability of such structures is reflected in the rather low energy of the onion-ring icosahedron (Fig. 4.12,
right panel) which undercuts all other structures by about 80 meV/atom, pointing out strong segregation
tendencies. The facets of this isomer are nearly completely covered by Au – in contrast to the other
morphologies investigated. Strong segregation tendencies for Au in Fe were previously reported also by
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other groups [251,267,268]. On the other hand, the lack of a clear energetic distinction between ordered and
disordered single crystalline and multiply twinned structures raises the expectation that it might be possible
to stabilize particles of this size in any, other crystalline, multiply twinned or even amorphous morphology.
The electronic structure (Fig. 4.14) of the partially segregated onion-ring icosahedron (b) exhibits again an
increase in the Au partial DOS in the low energy range as compared to the disordered case (a), resembling
the results obtained for Fe-Pt and Fe-Pd. Compared to the latter, the Au-d-states of both spin channels are
further shifted to lower energies. This decreases the hybridization with the Fe-states and in consequence
also the resulting exchange splitting of the Au partial DOS. Still, a small induced moment of 0.05µB is
present on the Au sites, as can be seen from Fig. 4.15. The average moment on the Fe-site is lower than
in Fe-Pt by 0.1µB. The radial distribution of the spin moments follows the same trend, while the scatter is
somewhat larger.

In the case of Fe265Ir296, the L10 ordered cuboctahedron with FM spin alignment (f) is cluster with the
highest energy among the investigated ones. The layer-wise AF arrangement (g) is lower by 34 meV/atom,
even more than in the case of AF Mn265Pt296. Furthermore, also all icosahedral motifs (a)-(c) are preferred
over the ordered FM cuboctahedron, including the disordered one. This may be seen as a reminiscence of
the hexagonal closed packed (hcp) bulk equilibrium phase which is stable around 700 K and below, since
the interfaces between the twenty twins of an icosahedron possess a (strained) hcp coordination, as pointed
out in Sec. 3.1.

The electronic DOS of the Fe-Ir clusters differs from the others qualitatively, as for all three structures
considered in Fig. 4.14 a comparable number of states is present at the Fermi level in both spin channels.
This marks a weak ferromagnet in contrast to strong ferromagnetism in the other cases, where the majority
spin channel is essentially filled. For the series Mn-Pt, Fe-Pt, Co-Pt we have seen that the filling of the 3d-
states follows essentially a rigid-band-like scheme [1, 269]. Obviously, this does not apply if we exchange
the 5d element. For Fe-Ir, the majority channel Fermi level is dominated by 5d states, while Fe-states still
dominate at EF in the minority channel. Qualitative changes are also encountered in the distribution of the
spin moments. The magnetic moments in the particle core are with 2.1µB considerably reduced compared
to the Ni-group alloys in case of the ordered FM cuboctahedron (f), while starting from the subsurface
layer a steep increase towards the surface occurs. In the disordered structure, where the decrease of the
Fe-moments continues further towards the center of the core, single Fe-moments located close to the center
have spontaneously flipped their orientation during the self-consistency cycle. Since the Fe-Ir clusters
are smaller than the corresponding isomers of Fe-Pd and Fe-Pt, but larger than their Fe-Ni counterparts,
we might conclude that this trend is not predominately related to changes of the lattice spacing. The
spatial distribution of the Ir moments appears to follows the gross trend in the Fe moments; however,
the moment of the innermost three nearly vanishes on average. The disordered structure exhibits a larger
scatter across the zero line with negative moments as large as −0.2µB. However, also for the ordered case,
anti-parallel alignment is encountered for the atoms in the third shell. Such a layer-dependent oscillation of
the induced moments has also been predicted for Co-Rh core shell particles of comparable size [270, 271].
To obtain a thorough understanding of this behavior would involve a more detailed analysis of the site
projected electronic structure, which is beyond the scope of the present investigation. Keeping in mind the
rather unusual spatial distribution of the spin moments, it might be speculated that competing ferro- and
antiferromagnetic exchange interactions are present which might induce a non-collinear spin arrangement
which is not allowed for, here. Thus, the final spin structure may be influenced significantly through the
presence of spin-orbit coupling, which has not been included yet, either.

4.2.4 Ternary systems: (Fe-Mn)265Pt296

As discussed before, the systematic exchange of one element in the binary systems does not yield substan-
tial improvements concerning the applicability for data recording purposes. The only component that raises
hope to substantially suppress multiply twinned structures by co-allying is Mn. It is therefore of increased
interest to take a look at this system in more detail.
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Figure 4.16: Energetic order (left panel) and magnetization (right panel) of ternary 561 atoms Fe-Mn-Pt clusters
with different morphologies and magnetic structures as a function of the composition (Fe sites randomly replaced
by Mn). Blue squares denote the ordered L10 isomer (which is chosen again as reference for each composition),
violet nested circles the alternating icosahedron, orange square refer to antiferromagnetic clusters: Filled symbols
to a staggered antiferromagnetic configuration, open symbols to an alternating arrangement of ferromagnetic 3d-
layers. Red symbols denote a ferrimagnetic configuration, where Fe- and Mn-moments point in opposite directions.
The black stars refer to the experimental saturation magnetization (right scale) obtained by Meyer and Thiele [272].
Figure taken from Ref. [12].

This was realized in the present study by exchanging a given fraction of Fe sites randomly by Mn,
leaving the Pt sites untouched. Hereby, the configurations of the Fe-Pt system served as a pre-optimized
template. Afterwards, the clusters underwent an optimization of the ionic positions as in the other cases.
We restrict here to a comparison of L10 cuboctahedra and “onion-ring” icosahedra with 561 atoms (265 3d

metal and 296 Pt atoms). For the ordered L10 clusters, also different magnetic configuration were taken
into account: The perfect ferromagnet, the staggered and layered antiferromagnet as well as a ferrimagnetic
configuration where the Mn spins are reversed with respect to the Fe spins. The icosahedra were always
initialized with a ferromagnetic configuration, but on the Mn-rich side several spins flipped spontaneously.

The phase diagram of ternary Fe1−xMnxPt was examined experimentally in detail by Menshikov et

al. [273] by means of X-ray and neutron diffraction measurements made on a powder sample. The authors
found that the alloy takes over a nearly, but not perfectly L10 ordered tetragonal structure for all compo-
sitions. The degree of tetragonality strongly increases at low Mn contents up to an equiatomic mixture
of both elements and reaches finally values of c/a≈0.92 for nearly pure MnPt. The authors describe the
magnetic structure to evolve from a ferromagnet with an easy axis perpendicular to the Fe and Pt planes
at x=0 to a staggered antiferromagnetic structure with easy plane anisotropy between 0.25≤x≤0.5. On
the Mn-rich side the moments orient perpendicular to the 3d planes which exhibit antiferromagnetic order-
ing. In between, the authors report for the low temperature range ferro- and antiferromagnetic regions with
canted moments. Later on, Meyer and Thiele [272] investigated the same system as epitaxial films grown
on MgO. Their XRD (X-ray diffraction) data essentially confirmed the structural properties reported in Ref.
273 despite possible mechanical strains due to the thin film setup. Using a vibrating sample magnetometer
for saturation magnetization and hysteresis loop and X-ray magnetic circular dichroism (XMCD) to obtain
the element resolved orientation of the moments, the authors observed a linear decrease of the average
magnetization with increasing Mn-content, which finally vanishes completely around x=0.5. From their
XMCD data, the authors conclude that Mn and Fe predominately align in an anti-parallel fashion over the
whole composition range and thus rule out a composition-dependent sign change in the Fe-Mn magnetic
exchange constant which was postulated by Menshikov [273, 274].



42 Chapter 4 Binary transition metal nanoparticles

The left side of Fig. 4.16 depicts the energetic order of the clusters as a function of the Mn concentration.
Random replacement of up to 20 % of the Fe-sites by Mn decreases the stability of the multiply twinned
structure significantly, such that a crossover with the ferromagnetic L10 cuboctahedron occurs already
around 25 at-% Mn. On the other hand, the possibility of different antiferromagnetic structures at either
end of the composition range as well as the possible presence of competing ferro- and antiferromagnetic
exchange interactions must be taken into account in the ternary system. Therefore, also the layered and
staggered antiferromagnetic configurations were included in the comparison. In addition, in the Fe-rich
part, a ferrimagnetic setup was considered. Here, the Mn spins are aligned anti-parallel to the Fe-spins,
which exhibit entirely ferromagnetic order. In fact, up to x<∼30, this configuration represents the most
favorable of the cuboctahedral isomers and has the lowest energy of all structures under consideration for
x>∼17.

Because of the latent antiferromagnetic tendencies in FePt discussed in Sec. 4.1.2, already a small
fraction of Mn atoms will make the layer-wise antiferromagnetic cuboctahedron more favorable than the
ferromagnetic reference, which consequently turns out very close in energy to the ferrimagnetic isomer.
Since in the layered antiferromagnet, the Mn atoms were initially parallel to the Fe atoms, one might
expect an analogous lowering of the energy, which could make this configuration the most favorable L10

structure in this concentration range. However, in reality such a configuration will be effectively suppressed
by a small amount of disorder in the system, i. e., Pt sites occupied by Fe or Mn, which mediate an effective
ferromagnetic interlayer coupling (c. f. Sec. 4.1.2 or Ref. 9). A small degree of imperfection of the long
range order is reported in nearly all experimental studies. Not affected by this kind of disorder is on the
other hand the staggered antiferromagnet, which is the most favorable isomer for compositions with more
than 40 % of Mn-atoms. The energetic order of the L10 clusters with different magnetic structures coincides
very well the experimental saturation magnetization obtained by Meyer and Thiele [272], which is shown
by the black stars in the right panel of Fig. 4.16. It obeys essentially the same concentration dependence as
the ferrimagnetic isomer for x<∼40 and vanishes when the staggered antiferromagnet becomes the ground
state. The layered spin configuration exhibits in spite of its AF nature a finite spin moment throughout.
This originates from the odd number of 3d layers in the five-shell cuboctahedron. The consequence is that
the due to the alternation magnetization of the outermost 3d layers points in the same direction and do not
compensate each other. The staggered AF on the other hand has a nearly vanishing total spin moment apart
from a residual value of a few µB, which results from a small number uncompensated spins in the edge and
corner parts. The kink of the otherwise linear evolution of the spin magnetic moment of the icosahedral
cluster at large Mn-content is due to the barely stable FM configuration in Mn-rich, which is reflected in
spontaneous spin-flips decreasing the magnetization.

A very interesting aspect of this system is that there is a crossover between various magnetic and
structural phases between 15 and 50 % Mn on Fe-sites. While the crossover point between icosahedra
and cuboctahedra is determined by the competition between surface and volume contributions to the total
energy and thus strongly size dependent, this is far less the case for the L10 different magnetic structures,
as here the surfaces are of identical composition and thus play a much less dominant role.

In order to allow for a direct comparison of structural cluster properties with bulk and thin film exper-
iment, the distances between the layers and interlayer distances have been calculated from the averaged
projections of the position vectors in direction of respective the face normal. These yield the corresponding
interlayer distances, which are finally averaged to obtain the effective lattice parameters a and c of the L10

type clusters. A comparison of the lattice constant a between calculation and the experimental values of
Meyer and Thiele [272] and Menshikov et al. [273] is provided in Fig. 4.17 (left panel). In contrast to the
other magnetic isomers, which are characterized by a considerable change of a with x, the lattice constant of
the staggered AF remains nearly constant over the whole concentration range. This trend agrees well with
the experimental observation in the Mn-rich part (x>∼50), while for (x<∼30) the measured values coincide
nicely with the steeper slope of the ferro- and ferrimagnetic isomers, which indicates at least one change
of the magnetic structure in between. A similar picture is obtained for the composition dependence of the
tetragonality, as given by the ratio c/a (Fig. 4.17, right panel). Here again, the c/a ratio of the staggered AF
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Figure 4.17: Lattice constant (left panel) and c/a ratio (right panel) of ternary 561 atom Fe-Mn-Pt clusters with
different morphologies and magnetic structures as a function of the composition (Fe sites randomly replaced by
Mn). Symbols as in Fig. 4.16. The lattice parameters were obtained from an average of the interlayer distances in
the respective directions. The values are compared with the experimental XRD data obtained at room temperature
by Meyer and Thiele [272] for thin films (black stars) and Menshikov et al. [273] for bulk powder samples (black
circles). Figure taken from Ref. [12].

undergoes only a slight variation, while for the FM isomer a strong decrease is observed finally reaching a
value as low as c/a=0.81 for MnPt. At the Fe-rich end this is also the case for the ferrimagnetic config-
uration with inverted Mn spins, which, however, shows with increasing Mn-content a less strong variation
compared to the pure FM case.

Finding various phases with different structural and magnetic properties in a close interval of composi-
tion and energy gives rise to the hope that this material may allow to select specific magnetic or structural
modifications with a fairly small energetic effort, which could be provided by an external magnetic field.
In this respect, it looks promising that the latent preference of FePt for a layered AF structure is in fact sta-
bilized by the addition of a few percent of Mn. FM and AF configurations show a considerable difference
in their c/a ratio while the energy differences are small. However, one must keep in mind that an effective
device would require extremely high degrees of order of the active material, which are particularly difficult
to realize on the nanoscale, as outlined in the beginning of this chapter. As mentioned above, interest-
ing crossover effects can also be expected in the region 0.3≤x≤0.6, where the experimental c/a and the
lattice parameter a change their slope and different magnetic structures become competitive in energy. If
the composition is carefully tuned, it might be possible to select the ferro- or ferrimagnetic phase by an
external magnetic field, while the ground state is still AF. In fact, Menshikov et al. [273] demonstrated in
their experiments, that an external magnetic field can induce a magnetization at finite temperatures in the
vicinity of the Néel temperature, which decays again towards high as well as towards low temperatures.
The authors explain this fact with the presence of FM clusters with possible diameter of 5. . . 10 nm in an
otherwise AF matrix. From the present results also a spin glass like ground state must be considered. This
question could be resolved in a later stage by additional simulations with statistical models making use of
ab initio exchange parameters, which can be easily determined in bulk calculations. Nevertheless, the fact
that a magnetic field can induce a magnetized state, which however does not necessarily relate to a higher
degree of magnetic order, i. e., a lower magnetic entropy, raises the hope that in combination with the cor-
responding changes in lattice parameters and atomic volumes (the latter is substantially larger for the FM
case, see Fig. 4.17), a suitably designed material might exhibit a considerable inverse magnetocaloric ef-
fect, which might be exploited for magnetic cooling purposes as it is for instance the case for the prototype
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material α-FeRh. Since the changes in lattice parameter and c/a can be in the order of a few percent, it
might also be worthwhile to explore in more detail, whether corresponding magnetic field induced struc-
tural changes can be used for magneto-mechanical devices on the nanoscale, which could, e. g., consist of
(Fe-Mn)Pt nanoparticles embedded in an organic matrix. Although the antiferromagnetic alignment of an
L10 configuration might decrease the performance of Fe-Mn-Pt nanoclusters at lower Mn-concentrations
with respect to data recording applications, such a configuration might still provide a suitable compromise
by improving the structural properties.

4.3 Orbital magnetism of Fe-Pt nanoclusters

fancyhead[LO]4.3 Orbital magnetism of Fe-Pt nanoclusters The central feature of Fe-Pt and Co-
Pt nanosystems, which makes them interesting for data recording purposes, are the large values for the
magnetocrystalline anisotropy in their bulk alloys. Thus, being able to prevent any extrinsic degradation
of the hard magnetic properties arising from structure (twinning) and arrangement (ordering) will naturally
push the attention towards a potential intrinsic size dependence of the hard magnetic properties.

In the L10 FePt alloy, these arise from the unusually large magnetocrystalline anisotropy energy (MAE),
which can be expressed by the energy which needs to be expended, if one turns the magnetization direction
from the easy to the hard direction, as expressed by Eq. (2.6). Due to its inherent tetragonal symmetry,
FePt is characterized in a good approximation as a uniaxial system with the easy axis aligned in c direction,
perpendicular to the Fe- and Pt-layers of the L10 arrangement and a hard a-b plane. Thus, the central
features of the MAE can be discussed without loss of generality by considering the differences between the
[001] and the [100] directions of magnetization.

An assessment of the contributions arising from the surface and interfaces requires a thorough under-
standing of the origin of orbital magnetism in the bulk alloy. For the Fe-Pt system, a discussion of its
relation to the electronic structure can be found in great detail in literature, see, e. g., [108, 194, 275–279].
Thus, it is mandatory to give a basic review, first. A straight-forward access to the electronic origin of or-
bital magnetism can be obtained from a perturbative approximation formulated in terms of Green’s function
theory. The following Sec. 4.3.1 closely follows the discussion of Solovyev, Dederichs and Mertig [275]
as well as Seewald, Zech and Haas [280]. See the respective references for more details.

4.3.1 Origin of orbital moments in elemental transition metal systems

Considering the spin-orbit interaction as a perturbation, the full Green’s function, G(E), is related to the
unperturbed scalar relativistic reference G0(E) through Dyson’s equation:

G(E) = G0(E)+G0(E)∆V (E)LS G(E) . (4.3)

The perturbation term, ∆VLS(E) = ξ(E) l · s represents the spin-orbit term, Eq. (2.5). In order to obtain the
energy resolved spin-orbit coupling (SOC) constant, ξ(E), the potential gradient has been averaged in space
taking into account the distribution of charge through the norm of the respective radial wave functions. In
principle, this can give rise to significantly different contribution to the SOC for p, d and f orbitals, which
will, however, not be considered any further in the present discussion.

In first order perturbation theory, the orbital moment at a given site i, µi
orb can be expressed as as sum

over the contribution from all sites j:

µi
orb = ∑

j

µ
i j
orb , µ

i j
orb =−1

π
µB Im

∫
Tr(lz G

i j
0 (E)∆V

j
LS(E)G

ji
0 (E))dE . (4.4)

Here, lz is the orbital moment operator, while z refers to the component parallel to the magnetic field
(magnetization) direction, i. e., the quantization axis. The integral runs over all occupied states up to the
Fermi level.
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Figure 4.18: Left: Orbital moment (red line, lower panel) of one d-channel with positive spin polarization as a
function of the energy (relative to EF according to Eq. 4.7 assuming a rectangular band shape (constant density of
states in an energy interval corresponding to five electrons, see the hatched blue area in the upper panel). In this
case, the energy is directly proportional to the band filling. The orbital contribution is in general opposite to the spin
orientation. It is maximum for half filling and vanishes for empty and full bands. Right: Energy dependence for
two ferromagnetic contributions (both are strong ferromagnets with completely filled majority spin channels). The
upper panel refers to the case of a large spin moment (the minority channel is slightly less than half filled), while
the lower panel represents the case of a nearly filled minority channel with small spin polarization, which in turn
yield a significantly smaller orbital polarization (disregarding possible changes in the spin-orbit coupling constant
ξ and bandwidth W ). The case of weak magnetism (incompletely filled majority spin channel), can be inferred
straight-forwardly by shifting EF (dotted vertical line) to lower energies. Figures as published in [14]. Copyright
2013 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.

Likewise, also the contribution of the spin-orbit term can be decomposed into pair contributions. This
is carried out in second order perturbation theory, since odd orders vanish (unlike for the orbital moments,
where even orders vanish):

εorb = ∑
i, j

εi j , εi j =− 1
2π

Im
∫

Tr(Gi j
0 (E)∆V

j
LS(E)G

ji
0 (E)∆V i

LS(E))dE . (4.5)

Based on these equations, Seewald, Zech and Haas [280] derived a simplified set of expressions for the
expectation value of the orbital moment. First, they assumed that the eigenfunctions can be expressed as
by a set of atomic-like wavefunctions for the d orbitals in the spirit of the tight-binding description, which
allows for a straight-forward evaluation of the corresponding matrix elements. Furthermore, only the on-
site contributions of the spin-orbit interaction are taken into account and the mixing of the spin channels is
neglected. For a cubic structure the d-eigenfunctions group into three-fold degenerate t2g orbitals and two-
fold degenerate eg orbitals. If one also neglects differences in the distribution of t2g and eg eigenstates, one
finally ends up with the following expression for the expectation value of the orbital moment contribution
from the majority spin channel (the formulation for the minority spin channel is analogous with opposite
sign):

µ
↑↑
orb =

2
5

µB ξ

∫ EF

−∞
dE

∫ ∞

EF

dE
′ ρ↑

tot(E)ρ↑
tot(E

′
)

E −E
′ . (4.6)

Making a simple approximation for the total density of states ρ↑,↓
tot (E), as, e. g., rectangular bands, i. e., a

constant density of states between the lower and the upper d-band edge allows to carry out the integration
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and leads to an analytical relation between band filling and orbital moment:

µ
↑↑
orb =−10µB

ξ

W

(

N↑ ln
(

5
N↑ −1

)

−5 ln
(

1− N↑

5

))

. (4.7)

Here, W denotes the band width and and N↑ the number of d electrons in the majority spin channel. Without
loss of generality the Fermi-level has been chosen as EF = 0. By series expansion we obtain for the total
orbital moment (valid up to third order in N↑−5/2):

µorb ≈ µ
↑↑
orb +µ

↓↓
orb ≈−4

5
µB

ξ

W

((

N↑− 5
2

)2

−
(

N↓− 5
2

)2
)

+O

((

N↑,↓− 5
2

)4
)

. (4.8)

Expressed in terms of the total band filling N = N↑+N↓ and magnetization M = N↑−N↓ we obtain

µorb ≈
4
5

µB
ξ

W
M (N −5) . (4.9)

This approximation is only valid if both spin channels are nearly half-filled (which is never true, especially
for strong ferromagnets). It tells us, however, that for elements for which the d-band is more than half
filled, we should expect in accordance with Hund’s third rule positive orbital moments (i. e., parallel to the
spin moments), while they should be negative (antiparallel) for less than half-filled d-shells. If we now
assume a completely filled majority spin channel, which thus does not contribute to the orbital moment, we
obtain instead:

µorb ≈ µB
ξ

W

(

10 ln(2)− 4
5

(

M− 5
2

)2
)

(4.10)

Both expressions demonstrate qualitatively, that we should expect as an overall trend a monotonous corre-
spondence between µorb, the spin-orbit constant ξ and the presence of a spin moment M, which can also
be derived in a rigorous fashion (e. g., [281, 282]). These simple relations might not hold if the density
of states is strongly corrugated (as is the case, e. g., for dilute 4d or 5d impurities in 3d transition metals,
see the discussion in [280]) and marked features (peaks, etc.) move to the vicinity of the Fermi level. If a
significant number of quasi-degenerate states are located the vicinity of EF a simple perturbative treatment
is not applicable [275].

Nevertheless, this quite simple model already gives realistic impression of the trends in orbital mag-
netism in the ferromagnetic 3d elements. The spin-orbit constants of increase within the series with the
square of the atomic charge number Z ranging from 80 meV, 90 and 110 meV for Fe, Co Ni, respec-
tively [105]. At the same time, the bandwidth W decreases with the filling of the d-shell, from roughly
6.4 eV (Fe) to 4.8 eV (Ni) as handwavingly estimated from the bandwidth of the (non-spinpolarized) d-
band [179]. This leads to a significant increase in the pre-factor ξ/W towards the end of the 3d series. In
turn, this is counteracted by the decrease in spin moment which works in the opposite direction. Under the
assumption of a completely filled majority spin channel, which is not entirely appropriate for bcc Fe,1 we
obtain from Eq. (4.7) µorb=0.08µB, 0.11µB and 0.06µB for Fe, Co and Ni, respectively. Given the crude
level of approximation, this estimate grasps the trend in the experimental values, i. e. µorb = 0.08µB for Fe,
0.14µB for Co and 0.05µB for Ni [283], astonishingly well.

4.3.2 Orbital magnetism in bulk L10 FePt

The combination of 3d and 5d elements leads to a complication, which cannot be grasped easily by a simple
model as the above one. The spin-orbit constants ξ differ significantly, while hybridization of the elemental
contributions to the DOS affects the effective bandwidth and both species develop a magnetic moment. Un-
like fcc Ni, the isoelectronic elements Pt and Pd do not fulfill the Stoner criterion for ferromagnetism albeit

1A realistic model, however, also needs to take into account the charge transfer between the shells through s-d hybridization
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being quite close to do so. One obtains a high spin-susceptibility for these elements, which suggests that
already small appropriate changes to the electronic structure might give rise to a stable magnetic moment.
A suitable bias can, for instance, arise from hybridization of the d-states with the spin-polarized orbitals of
a stable ferromagnet as Fe or Co. In L10 FePt, we consequently observe a spin-moment of µPt

spin=0.35µB

which we consider to be induced by the hybridization with Fe which in turn carries a by one order of mag-
nitude larger spin moment of µFe

spin=2.8µB. The hybridization results in a large ferromagnetic exchange
contribution between nearest neighbor Fe-Pt pairs, which is capable to override antiferromagnetic interac-
tions present between nearest Fe atoms (for a detailed discussion concerning latent antiferromagnetism in
FePt-alloys, see [223, 224, 229] and Sec. 4.1.2). In the light of the preceding discussion, we might expect
a significantly smaller contribution to the orbital moment from the exchange splitting. However, the aver-
aged spin-orbit coupling constant ξ increases significantly by nearly one order of magnitude from 80 meV
to 600 meV [105]. In consequence, the significance of neither element to the orbital magnetic properties
of the alloy can be disregarded a priori. Furthermore, from the structure of Eqs. (4.4) and (4.5) we might
expect significant non-diagonal terms which benefit from the large ξ of Pt as well as the large exchange
splitting of Fe.

A nearly complete survey of the important aspects of orbital magnetism in bulk L10 FePt and related
alloys has been given by Solovyev, Dederichs and Mertig [275]. This investigation is again based on pertur-
bation theory, their findings were, however, essentially reproduced later in a fully selfconsistent treatment
(e. g. [276]).

Taking advantage of the decomposition of the orbital moment and MAE in Eqs (4.4) and (4.5), the
authors were able to quantify the contributions of the elemental components. The largest contribution
which essentially determines the magnitude of the orbital moments comes for all considered elements from
the onsite-term corresponding to the diagonal contributions µii

orb in Eq. (4.4). However, especially for
the lighter 3d element, additional significant contributions indeed arise from the hybridization of states of
neighboring 5d atoms. These might be due to a hybridization between the d states of both elements, but
also between the Fe-d and the Pt-p states. The spin polarization of the Pt-p states is of opposite sign and
significantly smaller (by a factor of eight) than the polarization of the Pt-d states, but the corresponding
averaged spin-orbit constant ξ comes out four times larger [275] than for the Pt-d band. Similar results are
encountered for the L10 alloys FePd, CoPt and CoPd. In accordance to the significantly smaller spin-orbit
constant of Pd (200 meV, c. f. [105]), the additional contributions from 3d-5d hybridization decrease by
a factor 3. . . 4. While the off-diagonal contributions thus do not seem very decisive on first sight, here,
it should be noted, that they may lead to rather dramatic consequences in other 3d-5d systems which
culminate, i e., in the inversion of the 3d orbital moment in the VAu4 alloys in disagreement to the simple
prediction from Hund’s rule [284]. We will see later that with respect to the MAE these off-diagonal terms
may also contribute vitally, here.

4.3.3 Bulk magnetocrystalline anisotropy

The origin of the orbital moments in FePt is only the most fundamental aspect related to the hard magnetic
properties of this alloy. Of direct relevance for applications is rather the anisotropy of orbital magnetism,
especially the energy connected to a reorientation of the moments, which is termed magnetocrystalline
anisotropy energy (MAE). The MAE arises from the directional dependence of the spin-orbit energy εorb.
This dependence originates from the specific arrangement of the atoms on the lattice; its crystal field
generates an anisotropic charge distribution. The MAE is hence closely connected to the crystal lattice
symmetry and is typically defined as the energy difference between the energetically favorable easy and
an (unfavorable hard) axis of magnetization, see Eq. 2.6. The latter should in principle correspond to a
transition state to give meaningful information concerning the stability of a magnetic configuration. The
anisotropy in moments and energy vanishes up to second order for cubic lattices, while it obtains a dominant
uniaxial character for tetragonal lattices or thin layers [285]. For the L10 structure, the tetragonal symmetry
is due to the layered arrangement of the elements. The corresponding disordered FePt alloy is found to be
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cubic A1. A cubic representation of a layered arrangement is the B2 structure, which, however, provides
a body centered environment for each atom. The rather face centered coordination of L10 FePt can be
obtained by a Bain transformation which formally implies an enormous tetragonal distortion of 37 % (for
a discussion on the dependence of the MAE of FePt on tetragonality, see [194, 279, 286]). The comparison
of Eqs. (4.4) and (4.5) suggests that a corresponding anisotropy should likewise be expected for the orbital
moments (orbital moment anisotropy, OMA). Indeed, this was pointed out early by Bruno [285], who was
considering thin films of cubic transition metals. Based on a tight-binding model, he derived an expression,
which states the direct proportionality between MAE and OMA [285, 287]:

∆εorb ∝ − ξ

4µB
∆µorb (4.11)

This relation has been corroborated for many, especially elemental systems, but for complex alloys and
compounds also counter-examples have been reported (e. g., [288, 289]). Later, van der Laan [290] ex-
tended the relation (4.11) to more realistic cases and considered the spin-flip contributions which reflect
that the spin ceases to be a good quantum number after adding ∆VLS to the Hamiltonian. For our specific
considerations, spin mixing is of minor importance and will be neglected.

In our tetragonal FePt system we have essentially one easy axis, the c or [001] direction, and a hard
a-b plane. When changing the magnetization direction from the easy to the hard direction, the Fe orbital
moments were found to decrease for Fe (from µ

‖
orb=0.083µB parallel to the easy axis to µ⊥orb=0.077µB

perpendicular to it, values from [276]) and to increase for Pt (from µ
‖
orb=0.054µB to µ⊥orb=0.067µB). The

spin moments do not change significantly with the direction of magnetization. This results in a total MAE
of ε⊥orb − ε

‖
orb=1.4 meV/atom, which is in agreement with most other available ab initio work and is also

reproduced with the computational details used in the present work. Based on the real-space decomposition
in Eq. (4.4), the trend in the elemental OMAs, negative for Fe and positive for Pt, when changing the
magnetization direction from easy to hard, is according to [275] again in first line arising from the on-
site contributions. For Fe, however (and likewise also for Co), the hybridization with Pt sites does add
a sizeable inverse (positive) contribution. A similar picture applies to the decomposition of the MAE,
cf. Eq. (4.5), here again, the contribution of the 3d element appears much smaller than the contributions
associated with the Pt sites and even has the opposite sign. This sign change, however, does now come
from the off-diagonal terms involving Fe and Pt. The on-site contributions of the 3d elements compete
with the off-diagonal terms, which results in a small effective partial elemental MAE.

4.3.4 Size dependence of MAE in cuboctahedral FePt particles

In systems with reduced dimensionality, the presence of lesser coordinated atoms located at surfaces, edges
and corner atoms will lead to contributions to the anisotropy which will vary with particle size and might
come into competition in the spirit of Eq. (3.1). A simple spatial decomposition might however not be
straight-forward, since, as we have learned above from the bulk case, not only the on-site interactions but
also the off-diagonal terms may play a central role and the notion of a surface, edge and corner possibly
needs a modified definition. But also for the core part of the particles, specific contributions arising from
the limited extension of the system and the presence of surfaces will be present. The most notable ones are
compositional disorder due concentration gradients induced by segregation or pressure induced changes in
the local symmetry, e.g, by surface tension. Already in the bulk system, the large uniaxial anisotropy of
FePt is threatened by structural changes and degradations which are reasonable to expect for an ordered
alloy. One important aspect is that the large MAE is intimately connected with a perfect layered order of
Fe and Pt atoms, while the disordered species exhibits no uniaxial contributions due to its on average cubic
symmetry. A closer look on the dependence of the MAE on the degree of order, as carried out by Okamoto
et al. in experiment in close agreement with the DFT calculations of Staunton et al., reveals that the MAE
is slashed down to almost half of its optimum value if the degree of order is slightly reduced from S = 1 to
S = 0.9 [291,292]. Smaller but still significant changes must also be expected from deviations in the lattice
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constants [194, 279, 286]. The maximum MAE is predicted for strained alloys with c/afct ≈ 1.1, being
roughly by one third larger than for c/afct = 0.97 which observed in experiment. Again, the cubic structure
corresponding to L10 is B2, i. e., c/afct =

√

1/2. Keeping this in mind, a sizeable decrease of the uniaxial
anisotropy must be expected upon decreasing c/a with respect to the equilibrium value, which can be as
large as one third or one fourth upon a 10 % change in c/a, before it nearly vanishes around c/afct = 0.85,
reversing its sign and reaching only values of a few tenth of meV/atom below.

Since the individual contributions arising from these individual distortions are already difficult to be
quantified correctly by themselves, it is even more difficult to assign a correct ratio to which each type
of distortion contributes in a realistic cluster, as certainly most or all of them will be present. Thus, the
straight-forward approach is again, as in the case of structural energy differences, to calculate the MAE as
a function of the cluster size for a set of morphologies which possess a well defined structure. The proper
choice of the cluster form will give us the opportunity to make a qualitative assessment of the importance
of a certain structural or compositional feature to the MAE. The shape of choice is here another time the
perfectly ordered cuboctahedron, which we can expect to reproduce the bulk limit of the MAE of L10 FePt
for very large particle sizes.

For the calculation of spin-orbit-related properties extremely well converged wave functions and charge
densities but also a sharp definition of the energy levels close to EF are required. The former was obtained
through tight termination criteria for the selfconsistency cycle enforcing energy changes of no more than
a tenth to hundredth of a µeV, while latter was ensured through a consecutive reduction of the Gaussian
broadening, which is necessary to achieve convergence, from 50 meV down to 10 meV in separate calcu-
lation steps. The accurate calculation of small energy differences as the MAE furthermore necessitates a
large energy cutoff. In agreement with the experience of Błonski and Hafner with respect transition metal
dimers [293] a cutoff of Ecut=335 . . .450eV in combination with a dense Fourier grid was employed. Such
calculations are extremely demanding in terms of computing power and could – especially concerning the
largest systems sizes – only be carried out on world-leading supercomputer installations as the IBM Blue
Gene/P at Forschungszentrum Jülich, which offered the possibility to perform one single calculation dis-
tributed over 1024 compute nodes (harboring 4096 cores).

Self-consistent fully relativistic calculations with the VASP code, which is also used for this part of
the investigation, are connected with a non-collinear treatment of the spin structure (even if all moment
essentially point in the same direction) as was laid out in Sec. 2.2. This may induce spurious results for
the hard axis or transition configurations which most likely will not correspond to a stable minimum on the
directional energy surface. Thus, during the self-consistency cycle, the magnetization may start to rotate
very slowly back towards the easy direction. Such an intermediate state might then erroneously be taken
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as the desired transition state and lead to a systematic underestimation of the MAE (which may depend
on iteration history). To prevent this, the present calculations were consequently carried out in terms of
the magnetic force theorem. Here, wave functions and charge densities were thoroughly converged for
the collinear scalar-relativistic case and the MAE was determined from a non-selfconsistent single-shot
calculation of the band energy employing the fully relativistic Hamiltonian(thus not allowing any change
in spin direction). This certainly leads to larger errors in orbital moments and MAE(which can be assumed
in the order of 10 to 20 %) but allows for a systematic comparison of different configurations.

As a result, the size-dependent evolution of the MAE of perfectly ordered Fe-Pt cuboctahedra is de-
picted in Fig. 4.19. The size range covers – with particle sizes between 55 and 561 atoms – a complete
order of magnitude, while Pt- as well as Fe-rich morphologies with Pt- and Fe-terminated (001) surfaces
are considered. For all these particles, the MAE lies below the bulk value and drops further with decreasing
size. This points out that the reduction of the coordination of the surface atoms does not necessarily have a
positive impact on the MAE. The trend is present for both, Fe- and Pt-terminated particles. Please be aware
that this trend might not apply to sizes in the range of thirteen atoms and less, where indeed large values for
the MAE were reported [271, 294–296]. In general, the MAE of the Fe-terminated species is significantly
smaller (30 to 40%) compared to the Pt-terminated case. This discrepancy remains similar for all sizes,
while the deviation from the stoichiometric composition strongly increases with decreasing size. Thus, one
may conclude that this considerable difference should rather be attributed to the surface termination than
the specific contributions of one component, since the latter would be a volume effect and should thus vary
much stronger with system size.

To shed more light on this important aspect, we will reconsider the L10 isomer depicted in Figure
4.4 with the Fe-rich composition corresponding to the Fe-terminated species, which however has its (001)
surfaces entirely covered with Pt instead. In order to maintain a L10-type layering, the Pt-deficient layers
in between were randomly filled up with excess Fe-atoms. This induces compositional disorder in the
particle core, which, according to [291,292], must be expected to have a significant reducing impact on the
MAE. Indeed we observe that the MAE of the structure is considerably smaller compared to the perfectly
ordered Pt-terminated structure. However, compared to the Fe-terminated isomer (same composition), the
Pt-termination still leads to a significant increase underlining the high importance of the surface termination
for the hard magnetic properties of the structure.

Following the discussion earlier in this section (Sec. 4.3.1), off-diagonal terms may make it difficult
to divide up the contributions to the MAE among the individual sites. But it is straight-forward instead
to consider the site-specific magnetic moments, which in turn will tell us about their importance for the
magnetic anisotropy. A comparison of the element and site-resolved contributions to the magnetic moments
is presented in Fig. 4.20 for the 561-atom morphologies considered in Fig. 4.19 in terms of the distance
of the atom from the central site. Concerning the spin moments we find the usual trend for all three
morphologies: A moderate increase of the Fe-moments from the bulk-like core to the surface which is
naturally reflected in the induced moments of the Pt atoms. According to the disorder in the Fe-rich particle
with Pt-termination, the values of the Fe-moments show a considerably larger spread. The latter is not as
apparent in the Pt-spin moments, since these are rather related to the average of the surrounding Fe sites,
which varies smoother than the individual moments.

The orbital moments in the particle core, approximately 0.07 µB for Fe and 0.05 µB for Pt in all three
structures, are consistent with the bulk values for both species. With increasing distance from the core,
the Fe-moments experience a characteristic drop, which reaches nearly 50% for the Pt-terminated clusters.
The distances correspond to the sub-surface positions of the Fe-atoms. On the other hand, some surface
born Pt atoms experience a stunning increase in their orbital moments by more than 100%. This is the case
for all three structures, with a significantly larger number of occurrences for the Pt-terminated structures.
This indicates once more the relevance of the Pt-atoms located on the (001) surfaces for the MAE.

A more direct account on the anisotropic properties can be obtained from the OMA presented in the
bottom line of Fig. 4.20. Although the direct transfer of the simple proportionality between MAE and OMA
Eq. (4.11) from the elemental case to complex alloys involving heavy elements might not be appropriate
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Figure 4.20: Element resolved spin moment (upper row), orbital moment (central row) and orbital moment
anisotropy (OMA, lower row) as a function of the distance to the particle center of the 561 atom Fe-Pt clusters
shown in Fig. 4.19. The left column refers to the Pt-enriched Fe265Pt296 with Pt-terminated (001) facets, the right
column to the Fe-enriched Fe-terminated Fe296Pt265 isomer and the center column to the Pt-terminated Fe296Pt265
with additional disorder in the particle core. Fe moments are given by bluish circles, Pt moments by reddish squares.
Depending on the remaining symmetry a considerable number of atoms may possess an identical distance to the par-
ticle center. The number of overlapping symbols is thus represented by the saturation of the colors on a logarithmic
scale as indicated by the scale bars at the bottom.

(e. g., [289, 297]), it yields a clear impression which sites exhibit a strong anisotropic behavior. Again, for
the core atoms, we find in agreement with literature a decrease in the orbital moment for Fe, when changing
the direction from easy axis to hard plane, and the opposite relation for Pt. For some Fe-sites, the OMA
becomes more negative towards the surface, while a few of the outer Fe-sites also exhibit a positive OMA.
Again, for Pt, the trend seems inverted. The overall largest changes in orbital magnetism (approximately
0.05µB) are found for Pt-sites at the surface, while again a few Pt-sites show the inverse trend. On the other
hand, the Fe-terminated cluster does not exhibit extreme values for the OMA, neither for Pt nor for Fe.
From these observations, we may finally conclude that the sites showing the largest anisotropy in orbital
magnetism are Pt-atoms located on the (001) surfaces, which are thus likely responsible for the large benefit
in the MAE for the Pt-terminated species.

Fig. 4.21 provides a visualization of the spatial distribution of the anisotropic behavior in the particles.
Indeed, except for the corner atoms, the edge and surface atoms located on the Pt (001) facets (top and
bottom) exhibit the strongest positive values, while the strong anisotropic (001) surface contributions are
absent in the case of Fe-terminated clusters. Comparatively large negative values for Pt (and, respectively,
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Figure 4.21: Site resolved orbital moment anisotropy (OMA) of the 561 atom ordered Fe-Pt cuboctahedra discussed
in Fig. 4.20. Again, the left isomer (a) is Pt-enriched Fe265Pt296 with Pt-terminated (001) facets, the center isomer
(b) a Pt-terminated Fe296Pt265 with additional disorder in the particle core, while (c) is a Fe-terminated Fe296Pt265
cuboctahedron, exhibiting perfect L10 order as isomer (a). In the images, larger spheres refer to Pt atoms, while
smaller ones denote Fe. The color coding of the spheres characterizes the site resolved OMA and represents the
variation in the atomic orbital moments occurring when the magnetization direction is changed from parallel to the
stacking direction (001) to perpendicular to it.

Figure 4.22: The atomic arrangement of perfectly L10 ordered Fe80Pt67 cuboctahedra nanoparticles terminated with
a monolayer of Al, Cu and Au after structural relaxation. The [001] facets of the Fe-Pt core are terminated by Fe
atoms. Blue spheres refer to Fe atoms, brown spheres to Pt. The other colors denote the respective covering element.
Cross-sections of the nanoparticles are shown in the foreground. Figure originally published in [13].

positive ones for Fe) can also be seen on either side of the clusters, while front and back show a behavior
similar to the core. The difference between the (100) and (010) directions arises from the choice of the
hard direction, which was (100) in the present calculations. Thus one may expect that the contributions of
the mixed (100) and (010) surfaces cancel each other to a large extent.
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Figure 4.23: Orbital and spin magnetic moments of Fe and Pt atoms in capped FePt nanoparticles. Spatially resolved
spin (top) and orbital (bottom) moments of the Fe and Pt atoms for Al-, Cu- and Au-covered Fe80Pt67 and Fe67Pt80
nanoparticles, with (001) surfaces covered by Fe and Pt, respectively. As in Fig. 4.20, the Fe- and Pt-moments are
shown as a function of their distance from the particle center. The capping atoms are not considered. Blue circles
denote position and moments of Fe atoms, while reddish squares depict Pt. The intensity of the color refers on
a logarithmic scale to the number of overlapping symbols, that is, the frequency of atoms with a given moment
and distance from center. The dashed lines connect the averages of distances and moments over all atoms of the
respective species, which belong to the same fcc coordination shell; the arrow heads at the left and right axis denote
the respective nanoparticle averages of Fe and Pt moments. Figure adapted from [13].

4.3.5 Spin- and Orbital magnetism in decorated FePt clusters

Clean gas phase particles are perfectly suited for gaining fundamental understanding. For technological
applications, however, further processing steps are inevitable. For instance for use as storage medium in
a hard disk drive, the particles need to be arranged in a highly regular fashion, which requires them to be
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deposited on a substrate or embedded in a matrix. For long-term protection from a more or less reactive
environment, a protective layer of (non-magnetic) material may be supplied. Such modifications lead to
structural relaxations in the particle but they also affect directly the electronic environment at the interface
between particle and substrate or protective layer and by trend alter the hybridization between 3d and 5d

states which is responsible for the large MAE in FePt. In nanosystems this may become significant due to
the large surface-to-volume ratio which necessarily increases further with increasing storage density.

In a first attempt to quantify the impact of surface modifications on orbital magnetism and magne-
tocrystalline anisotropy, perfectly ordered 147 atom FePt clusters were covered with monolayers of Al, Cu
and Au. For the case of Al, the calculations have been compared with spectroscopic experiments carried
out in the group of Heike Wende by Carolin Schmitz-Antoniak with nanoparticle samples fabricated in
Michael Farle’s group, both at University of Duisburg-Essen and the group of Shouheng Sun in Provi-
dence/USA [13]. Only the close correspondence between experimental data and model results allowed us
to draw the final conclusions. Orbital magnetism of ultrathin films or nanostructures has been for a long
time in the focus of several research projects [54, 200, 285, 298–303]. While many previous studies were
concerned with the behavior of ultrathin layers on non-magnetic substrates [304, 305], the reverse setup,
i. e., the influence of the presence of non-magnetic layers on magnetic substrate has attracted much less
attention. In the case of covered particles, furthermore the presence of different facets needs attention -
which may finally form interfaces with different properties). While it is certainly possible to study each
interface separately – and combine the individual contributions according to their frequency (e.g., in the
spirit of [203, 215]), this may become a tedious task which furthermore leaves out the impact of structural
relaxations in the particle core arising from the finite size of the system. Thus an integral approach taking
into account all possible modifications at the same time – as introduced in the previous course of this work
– appears again to be the preferred choice to make a qualitative prediction how a deliberate coverage with
inorganic elements can be used to improve the performance of FePt for recording (and potentially other)
applications.

Examples of the final morphologies, obtained after optimization of the geometric structure, are shown
in Fig. 4.22. It turns out that the structural integrity of the FePt particles is not significantly affected by the
addition of an extra Cu or Au layer (small relaxations which do affect magnetism occur nevertheless, as we
will see later), while Al coverage induces rather noticeable changes of crystal structure and shape.

The experimental investigation was carried out on particles with 2 nm and 6 nm in diameter, covered
by a 4 nm to 8 nm thick Al coating, which were obtained on a wet-chemical route as described in Ref.
13. Structure and magnetic properties were investigated through X-ray absorption near-edge spectroscopy
(XANES) and X-ray magnetic circular dichroism (XMCD). As a reference the experimental investigation
includes an uncapped cluster with a diameter of 6 nm. It possesses a spin moment of µspin=2.4µB and
µorb=0.20µB. Covering the 6 nm particles with Al leads to a likewise reduction of both quantities (µspin=
2.1µB and µorb=0.15µB). Thus the ratio between spin and orbital moment remain constant. This effect
is even more pronounced for the 2 nm case, where magnetic contributions of the order µspin=1.8µB and
µorb=0.13µB are found. The ratio between orbital and spin moment remains nearly constant for all three
cases.

The size dependence of the results gives a first indication that the decrease in the moments is related to
the particle/cap interface. This behavior of the Al-capped samples can be explained through s-d hybridiza-
tion which can be expected for main group elements. This is fully corroborated by the calculations as
shown in Fig. 4.23. The site resolved spin and orbital moments exhibit a considerable reduction of the Fe
spin moments in the interface region. Similar is encountered for the induced Pt spin moments. The effect
is here even more dramatic, as the moments of the outermost sites almost vanish. This decrease is also
observed in the moments corroborating qualitatively the experimentally observed constant spin-to-orbital
moment ratio. The adverse role of (s,p)-electrons at the interface suggests that caps with late transition
metals might be a far better choice. In particular the Au-group elements seem to provide a viable alter-
native for embedding particles because of their low solubility further reduces the intermixing of particle
and matrix elements. Indeed, covering with Cu and Au does not impose a significant impact on the spin
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Figure 4.24: Magnetocrystalline anisotropy of
capped and undecorated 147 atom FePt nanopar-
ticles from our DFT calculations. Bottom panel:
The magnetocrystalline anisotropy energy (MAE)
given in meV per particle for different caps and
termination of the (001) surfaces. The small circles
refer to particles with stripped decorations but
retained atomic positions and clean nanoparticles.
The values have been calculated using the magnetic
force theorem, i. e., from the difference in band
energy between the easy and intermediate axis
orientations of collinear magnetic arrangements in
[001] and [100] directions. The upper panel shows
the difference ∆µorb=µstripped−µdecorated between
the average orbital moment between stripped and
decorated configurations (magnetization ‖ [001]).
Figure originally published in [13].

magnetic moments of the Fe atoms, while the Pt moments still experience a slight decrease in the case
of Cu. This indicates that Fe-terminated particles might show the better performance and Pt-terminated
surfaces should be avoided. In turn, the orbital moments of the Fe atoms experience a noticeable decrease
close to the surface, which can be interpreted in the way that Pt-terminated interfaces should be preferred
over Fe-terminated ones. For all three ternary systems, we find that the variation of the Pt spin moments
with distance from the center exhibits a characteristic pattern, which is likewise visible in the variation of
the orbital moments. This is best seen following the averaged moment of the respective coordination shell
of the central moment, which is introduced in Fig. 4.23 by dashed lines for clarity. In accordance with the
reasoning in Refs. 275 and 306 laid out for the bulk case, this demonstrates that even close to the inter-
face the orbital magnetism of Pt is dominated by on-site contributions in Eq. 4.4), as should be expected
from the large spin-orbit coupling parameter ξ of Pt. In turn the analogy between the variation of spin and
orbital contributions is largely absent for the 3d species. These possess a significantly smaller ξ than the
surrounding 5d elements. Thus the 3d-5d hybridization may gain a significant influence determining the
magnitude of the orbital moments [297].

The influence of the capping layer on the technologically relevant MAE was again determined using the
magnetic force theorem. Fig. 4.24 shows the values obtained for all considered surface terminations and
caps. These confirm as a main result the relevant trends deduced from the variation of spin and orbital mo-
ments as discussed above. Whereas Al-capping indeed leads to a considerable drop in the MAE regardless
of the termination, embedding the particles in Cu and Au can lead to encouraging values which are nearly
comparable to the bulk case. As predicted on the basis of the orbital moments, the best results are obtained
for Cu capped particles with Fe-termination and Au capped ones with Pt-covered (001) surfaces. While in
the former case, the other termination reaches a close-by result, the Au coated cluster with Fe-termination
falls far behind with values as low as for Al termination.

Cu and Au are iso-electronic, but they differ in the width of their d-band as well as by their atomic
radius and spin-orbit coupling parameter. The former may induce a different lattice spacing, especially
close to the interface. This might alter the c/a-ratio, which, as discussed before, again has strong impact on
the MAE [194]. Thus it is desirable to separate the electronic influence of the presence of matrix elements
at the particle facets from the structural consequences of embedding the particles. The latter is easily
quantified in our computational approach as it just requires removing the outer shell of capping elements
without further relaxation of the FePt particle core. These respective results are presented in Fig. 4.24 as
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well. Indeed, especially for Au, the interface-related relaxations can lead to a considerable improvement of
the MAE as compared to the clean isomers. The stripped particles also reach consistently larger MAEs than
their decorated counterparts, which an expected consequence of the partial quenching of orbital magnetism
of the surface atoms. The structural relaxations cannot account for the large difference in the MAE of
the Au-capped clusters. Here, in accordance with Ref. [289], this discrepancy should be attributed to the
strong off-site scattering of the Fe-states which we also made responsible for the quenching of the Fe
orbital moments at the interface. Thus the surface termination is particularly important if the protective
shell consists of heavy elements possessing a large ξ.



Chapter 5

Magnetic shape memory alloys –

nanoscale structures for

magnetomechanical actuation

Functional magnetic materials in a more conservative sense of the definition are materials where changes in
magnetism – induced, e.g., by an external magnetic field – directly relate to changes in other properties of
interest, such as spatial extension or vice versa. Good examples in this respect are magnetic shape memory
(MSM) alloys, which transform martensitically below the Curie temperature in the ferromagnetic (FM)
state. They represent a new class of actuators, which allow for giant magnetic field induced strains (MFIS)
of up to about 10% in Ni2MnGa [49, 307, 308]. These strains are associated with the plastic deformation
arising from the motion of twin boundaries in the martensitic phases.

The MSM alloys amend the family of so-called conventional, i. e., thermally activated shape memory
materials. The most prominent representative of the latter, which can be found in every day applications
is certainly NiTi, which is under constant investigation for more than half a century. Conventional shape
memory alloys also allow for huge recovering strains in the range of several percent. These are – in
contrast to the MSM effect – induced by thermal activation, i. e., the heating of the material above a phase
boundary and subsequent cooling down afterwards. The strains repeatedly achieved by these materials
are by one order of magnitude larger than those provided by competing principles as magnetostriction or
piezoelectricity.

deformation

cooling heating

austenite twinned martensite austenitedetwinned martensite

plastic

Figure 5.1: Schematic visualization of the one-way conventional shape memory effect. Upon cooling, the high
symmetry austenite structure (red) is transformed into the low symmetry martensite. In order to minimized residual
stresses during the transformation process several variants of the martensite are created with different crystallographic
orientations (blue and green). This does not lead to a change of the macroscopic shape of the sample. All these
variants are connected by a symmetry operation, which belongs to the point group of the austenite but not anymore of
the martensite. Applying external stress does not introduce additional plastic defects, but realigns the variants and the
fraction of one variant increases at the expense of the others. Heating the sample induces the backward transformation
restoring the austenite symmetry. Since the deformation did not introduce additional plastic defects, there is only one
possibility to restore the austenite lattice. Thus, also the macroscopic shape of the sample must be restored.
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HH

Figure 5.2: Left: Schematic visualization of the magnetic shape memory effect (magnetic field induced reorien-
tation). Applying a magnetic field favors the martensitic twins with their easy axis parallel to that direction, caus-
ing a magnetic field induced strain (MFIS). Right: Experimental micrograph of the martensite microstructure of a
Ni51.3Mn24Ga24.7 sample in an increasing magnetic field of 6 kOe (a), 10 kOe (b) and 12 kOe (c). The field of view
of the figures is 500 µm. Figure reprinted from [309], Copyright (1999), with permission from Elsevier.

As heating can be achieved by electrical currents flowing through the material, microscopic actuators
based on this principle are straight-forward to produce. The corresponding technology is rather advanced
but the necessity for dissipation of the heat during a cycle slows down the maximum operation speed. This
raises the interest for magnetically activated systems. Nevertheless, most MSM alloys also prove to be
fairly good conventional shape memory materials.

One necessary prerequisite for shape memory behavior is the presence of a martensitic phase trans-
formation. It is defined as a displacive and non-diffusive phase transformation from a high temperature
high symmetry phase (e.,g., cubic), called parent phase or austenite, to a low temperature low symmetry
phase (e. g., tetragonal) called martensite, named after the 19th century metallurgists Sir William Chandler
Roberts-Austen and Adolf Martens, respectively. The transformation from austenite to martensite is dom-
inated by lattice shears accompanied by shuffling of the atomic positions, which allow for an undistorted
lattice plane, the so-called habit plane. This naturally works as domain boundary between austenitic and
martensitically transformed regions and works best if lattice dilation, i.e., the volume change between the
phases is small. The low symmetry of the martensite (naturally being a subgroup of the austenite symmetry
group) leads to the coexistence several different orientations of the martensite, so-called martensitic twins.
These allow adapting for the strains occurring during a realistic non-equilibrium transformation process.
This can be easily conceived at the example of a cubic-to-tetragonal transition, where multiple variants on
the microscale with different orientations of a and c axes can keep the original shape of a crystallite nearly
unchanged. The completely transformed crystal will thus consist of differently oriented martensite twins
arranged in a characteristic microstructure which has been observed in steels and other alloys. This process
is shown schematically in the left part of Fig. 5.1.

Conventional shape memory materials have the specific property that twin boundaries can be shifted
and the martensitic twins are easily converted into each other applying only very small stresses. In practice,
shape memory materials thus “feel” very ductile as they are easily deformable between two fingers. This
leads (for not too high stresses) to a plastic deformation which is not related to the introduction of addi-
tional lattice defects and thus – in principle – fully reversible. Heating the material above the martensitic
transformation converts all martensitic twins back into high symmetry austenite and thereby removes the
symmetry induced differences between the twins. Thus the finally realized structure is identical for all pre-
vious twin configurations – and consequently a shape change will take place, if the material was deformed
in the martensitic phase. A cycle consisting of cooling, deformation and heating describes the one-way
shape memory effect which is visualized in Fig. 5.1. The attribute “one-way” refers to the condition that
the system needs to be deformed in the martensitic phase in order to be able to produce work. Restoring
the shape, necessary for a true two way procedure, can be achieved by external forces (e.g., a spring) or
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Figure 5.3: Dark field electron micrograph of the
martensitic microstructure of Ni51Mn28Ga21. The im-
age shows regions of (B/C) and (A/C) variants with
respective domain boundaries (DB). In the domains
different kinds of lower-level boundaries are visible
(white lines) separating lower hierarchy twins with
different orientations which are referred to by the let-
ters A, B and C. The electron diffraction pattern in the
inset verifies the 5M modulated nature of the marten-
site. Figure reprinted from [316], Copyright (2003),
with permission from Elsevier.
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Figure 5.4: MFIS of a single-variant sample of or-
thorhombic seven-layered phase in the Ni48.8Mn29.7Ga21.5
alloy at 300 K measured perpendicular to the magnetic
field applied along the [100] direction. Data originally
published in [308]. Figure reprinted from [50]. Copyright
by IOP Publishing Ltd.

also by training of the sample (deliberate deformation) which induces specific defects providing some kind
of memory of the sample history.

The magnetic equivalent of the thermally driven shape memory effect implies that a (reverse) marten-
sitic phase transformation is induced by an externally applied magnetic field. This is possible, if the
material is operated close to the martensitic transformation temperature, which in turn exhibits a strong
dependence on the field strength of several K/T. This can for instance be the case if the magnetic and
structural phase transitions are coupled and the magnetization differs significantly in both phases (e. g., one
phase may be ferromagnetic while the other is antiferro- or paramagnetic). Such materials can indeed be
found as demonstrated by Kainuma et al., who discovered field induced strains of up to 3 % in a quaternary
Ni45Co5Mn36.7In13.3 compound [310]. Similar physics has also been observed in polycrystalline Ni-Mn-
In exhibiting a MFIS comparable to other polycrystalline MSM alloys [311, 312]. The strong coupling
between magnetic and structural phase transformation in these materials also implies a significant (con-
ventional and inverse) magnetocaloric effect, which can be of technological use in magnetic refrigeration
systems (for recent reviews, see [313–315]). As the energies which can be supplied by a realistic external
magnetic field are rather small against thermal energy, the operational range of these materials with respect
to ambient conditions is rather limited and again, the heat of transformation needs to be dissipated, which
limits the operation frequency. In literature, the above MSM mechanism is termed magnetic field induced

martensite (MIM) or magnetic field induced austenite (MIA), respectively.

The materials which considered are present for actuation purposes work according to a slightly differ-
ent principle, which is commonly referred to as magnetic field induced reorientation (MIR) (for a short
introduction to the different MSM mechanisms, see [317]). In this case, advantage is taken of the ex-
tremely high mobility of twin boundaries as a common feature of shape memory materials, which can be
shifted by fairly small stresses as outlined above in combination with a sufficiently large magnetocrystalline
anisotropy arising from the lowering of the symmetry in the martensitic phases (e.g., [318]). The latter cou-
ples the direction of magnetization to the orientation of the lattice (e. g., a shortened c-axis in the case of a
tetragonal martensite) and induces a preferential orientation of the magnetization which is different in the
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martensitic variants. Aligning an external magnetic field in the preferential direction of a specific variant
allows this twin to grow on the expense of the other less favorably aligned variants, if the activation energy
for twin boundary motion is low enough, as sketched in Fig. 5.2 (left). Again, the minute change energy
density arising from the reorientation of the magnetic field requires an unusually large mobility of the inter-
face, which calls for an explanation. Corresponding experimental micrographs of a Ni2MnGa sample are
shown on the right side of Fig. 5.2 [309, 319]. The assumption of only two martensitic variants is a severe
simplification and hardly allows explaining the required low activation energy for twin boundary motion
process. Indeed, a closer view on the microstructure rather reveals a hierarchical twin structure [316, 320],
involving boundaries between variants of twinned martensite which again form on a higher level variants
of a twinned microstructure as depicted in Fig. 5.3. Such “twins within twins” [316] play an important
role for the formation of highly mobile interfaces which are required for the shape memory behavior (this
will be discussed in more detail in Sec. 5.2.3). As shown in Fig. 5.4 (right) at the example of the slightly
off-stoichiometric prototype MSM composition Ni50Mn30Ga30, the effective reorientation of martensite
variants leads to strains of nearly 10 % which can be induced in a moderate magnetic field in the order
of one Tesla. This field strength is easily realized by today’s coils or permanent magnets. Furthermore,
the material operates entirely in the martensitic phase, which means that there is no necessity to strictly
maintain a material specific operating temperature defined by a phase transition line, but a rather broad
temperature range in which the desired martensitic (and magnetic) phase can be stabilized.

The development of novel sensor and actuator systems based on the MSM effect concentrates on two
classes of materials: The archetypical Ni-based full-Heusler alloys and Fe-Pd based alloys [321] close to
the fcc-bcc transformation. Although the Heusler systems are currently the best studied MSM-materials,
several problems are to be solved before they can be used in large scale for industrial applications. First,
the martensitic and magnetic transition temperatures are, although above room temperature in many cases,
still too low for many fields of application, e. g., in the automotive sector. Furthermore, the material is
very brittle and thus difficult to handle. For large strains, single crystals are needed, which are difficult and
expensive to produce. The Fe-based systems have far better mechanical properties, the bio-compatibility
of Fe and Pd entitles them for applications within the human body. The Curie-temperatures are sufficiently
large. However, the required reversible martensitic transition takes place at even lower temperature than in
the Ni-Mn-Ga system [322].

A large fraction of the relevant anomalies present in the MSM alloys have been successfully charac-
terized and explained (for reviews of previous experimental and theoretical work, see for instance [29, 48–
50, 313, 323–325]). However, a few central questions have essentially remained unanswered up to now.
The first concerns the origin of the high mobility of the twin boundaries which allows introducing large
magnetic strains in the MIR process, efficiently taking advantage of the rather small energies supplied by
the external magnetic field. This requires the careful selection of the appropriate martensite from an as-
tonishingly rich phase diagram. Other important questions tackle the applicability of the materials, e. g.,
the shifting of the transition temperatures of the magnetic and structural phase transitions into the desired
range or the optimization of the actuator properties in sub-Tesla magnetic fields.

Within the next sections, we will first concentrate on two major aspects of the Ni-Mn-Ga system,
namely the relationship between magnetism and phase stability and the influence of changes in stoichiom-
etry on the mobility of twin boundaries before turning to the second important family, the Fe-based systems.

5.1 Phase sequence and electronic effects in MSM Heusler alloys

The first central aspect of Heusler MSM alloys which needs to be understood thoroughly is certainly the
complexity of the whole family of martensitic phases and their corresponding sequence of transformations.
The stoichiometric, ordered Heusler compound Ni2MnGa undergoes the transition to the martensitic phase
below a temperature of about 200 K. This is too low for everyday life applications, but the transforma-
tion temperature can be shifted systematically by changing stoichiometry. The structural phase transition
temperatures depend – on a course scale – linearly on composition or, respectively, the valence electron
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Figure 5.5: Various crystal lattice structures of austenitic and martensitic Ni2MnGa (black spheres for Ni, purple for
Mn, bright blue for Ga). Upper left: Cubic L21 Heusler structure (Austenite). Lower left: Tetragonal L10 martensite
(c/a = 1.25). Upper right: Martensitic 10M (5M) pseudo-tetragonal structure with five-fold modulation along the
[110] direction of the Austenite. Neglect of the modulation is results in tetragonal L10 structure with c/a = 0.94.
Lower right: Modulated 14M (7M) Martensite. The modulation direction is as in the 10M (5M) structure along [110].
See text, for a short discussion of the naming convention. The unit cell is monoclinic but close to orthorhombic if
modulation is not taken into account, with a distortion of around 10 % and a shortened c-axis.

concentration e/a, as shown schematically in the left panel of Fig. 5.6. This relationship applies not only
to Ni-Mn-Ga but also a variety of other Ni-Mn-based systems, as Ni-Mn-In, Ni-Mn-Sn and Ni-Mn-Sb. On
the other hand the compositional impact on the magnetic transition is small, which may lead to a coupled
magneto-structural phase transformations in a small e/a interval, which is accompanied by a considerable
variation of the martensitic temperature with respect to external magnetic fields. This is of particular in-
terest for magnetocaloric applications as this situation allows that the large entropy change associated with
the first order structural transformation can be triggered by applying moderate magnetic fields in the range
of a few Tesla. Depending on the sequence of the magnetic transformation temperatures in the martensitic
and the austenitic phases, the field induced entropy change can be negative, as in the case of Ni-Mn-Ga,
or positive as in the case of Ni-Mn-In, Ni-Mn-Sn and Ni-Mn-Sb. The latter situation is also referred to
as inverse magnetocaloric effect and implies a temperature decrease of the material close to the transition
when it is exposed to the ordering magnetic field in an adiabatic process.

Depending on temperature and composition, Ni-Mn-Ga exhibits in addition a variety of martensitic
phases, each with different relevance to the MSM effect (e.g., [327–329]). This will be further discussed
at the example of Ni-enriched Ni-Mn-Ga. The corresponding phase diagram is shown in the right panel
of Fig. 5.6. In the Ni-Mn-Ga system, the high temperature austenitic parent phase is defined by the cubic
L21 Heusler structure, as depicted in Fig. 5.5 (a). It can be conceived as two interpenetrating simple cubic
lattices of which one is entirely occupied by Ni and the other one by Mn and Ga in a NaCl-type order.
At the stoichiometric composition, the material becomes ferromagnetic below 374 K, before transforming
into a premartensitic phase around 260 K. This phase distinguishes from the parent phase by a wave-like
modulation of the atomic positions in [110]-direction with a period of three primitive Ni2MnGa building
blocks, while the overall lattice parameters (disregarding the modulation of the atomic positions) are still
cubic [330]. Due to this periodicity it is often termed a 3M phase. However, another possibility is to count
lattice planes instead of lattice constants. This is convenient if the resulting structure rather corresponds to
a low symmetry unit cell and is thus frequently used for the more complicated other modulated martensites
(see below). In this terminology this phase has to be called 6M. Although referring to the same structure,
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Figure 5.6: Left: Schematic magnetic and structural phase diagram of the full Heusler alloys Ni-Mn-Z (with
X =Ga,In,Sn,Sb) as a function of the composition, given here in terms of the valence electron concentration
e/a. The valence electron concentrations of the stoichiometric compounds Ni2MnZ are e/a= 7.5,7.5,7.75,8.0
for Z=Ga,In,Sn,Sb, respectively. Shown are the martensitic start temperature, MS, and the Curie temperatures of the
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C . Figure adaption from [313] and reprinted from [1]. Copyright

by IOP Publishing Ltd. Right: Phase diagram of Ni2+xMn1−xGa as a function of Ni excess concentration x (Fig.
adapted from [50]. Copyright by IOP Publishing Ltd). The green symbols represent the measured transition tem-
peratures of the magnetic phase transition, while the blue symbols refer to the martensitic phase transition. We find
the cubic L21 phase above this line and either the 10M (5M) and 14M (7M) modulated structures or the tetragonal
L10 phase below. The red symbols refer to a transformation to the intermediate 6M (3M) phase. Copyright by IOP
Publishing Ltd.

the existence of these two nomenclatures may rather lead to confusion. In the following, we will use the
descriptions in terms of lattice planes throughout and add the other in terms of primitive building blocks in
parentheses.

At still lower temperatures – around 200 K for the stoichiometric composition – finally the martensitic
transformation is taking place. The resulting phases may be, depending on temperature and composi-
tion, ten-fold 10M (5M) and fourteen-fold 14M (7M) modulated martensites [330–332], which are often
termed as pseudo-tetragonal and orthorhombic, respectively, according to the lattice parameters obtained
(under neglect of the modulation). The corresponding structures are depicted in Fig. 5.5 (b) and (c). At
very low temperatures and predominately off-stoichiometric compositions also a non-modulated tetragonal
phase exists with a c/a-ratio of around 1.2. This value has to be seen in contrast to the pseudo-tetragonal
and pseudo-orthorhombic martensites, which are characterized by c/a-ratios between 0.94 and 0.91. The
existence of modulated martensitic phases is also a salient feature of many conventional shape memory
materials as NiTi or Ni-Al [45, 333–336]. With increasing Ni-excess, the martensitic transformation tem-
perature increases, eventually overrunning the transition line between austenite and 6M premartensite,
which remains essentially constant in temperature. At still larger Ni-excess x>0.18, also the magnetic and
martensitic transition lines join, forming a magnetostructural transition, directly between the paramagnetic
austenite and ferromagnetic martensite. As mentioned above such a transition is of strong interest for mag-
netocaloric applications due to its sharp first order nature [337]. The presence of a rather extended region of
coupled transition lines (0.18<x<0.28) in the phase diagram indicates a strong interdependence between
magnetic interactions and lattice structure. This can result from a plain distance dependence of the pair
exchange constants or a more complicated dependence on symmetry decreasing deformations of the local
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Figure 5.7: Left: Total energy as a function of tetragonal distortion and atomic volume of L21/L10 Ni2MnGa
obtained from density functional calculations with the VASP code carried out by Mario Siewert as part of his diploma
work [326]. Right: Binding curve (total energy as a function of tetragonal distortion c/a) for the non-modulated and
the ten-fold (five-fold) modulated 10M (5M) structure together with the energy of the fourteen-fold (seven-fold)
modulated martensite 14M (7M) obtained by Alexey Zayak (figure taken from [50], copyright by IOP Publishing
Ltd).
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Figure 5.8: Site resolved electronic density of states (DOS) of Ni2MnGa in the cubic austenite L21 phase (left) and
the non-modulated tetragonal L10 martensite with c/a = 1.25 (right). The total DOS is given by thick black lines,
Ni and Mn contributions by medium thick green lines and broken blue lines, respectively, while thin red lines denote
Ga states. Positive values refer to the majority spin channel, while the minority spin DOS is shown on the negative
scale. Figures taken from [323]. Copyright (2010) Trans Tech Publications.

atomic environment. For the Heusler systems, first-principles calculations indicate indeed the appearance
of considerable antiferromagnetic contributions upon tetragonal distortions [337, 338]. Furthermore the
presence of different magnetic states of the atoms in connection can play an important role. These are also
of importance in other magnetocaloric systems as, e. g., α-FeRh [231, 339]. For the Ni-Mn-based Heusler
alloys a related mechanism may arise from the induced nature of the Ni-moments [340], which vary with
the average moment of the surrounding Mn, since Ni mediates a strong ferromagnetic coupling between
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the Mn in the ferromagnetic state.
The complex relationship between the austenitic and the various martensitic phases, which are present

in MSM Heusler alloys, has been subject to numerous theoretical and experimental studies. From theory,
there has been strong emphasis on structure and magnetism on the basis of first principles DFT calcula-
tions [17,340–350]. Most calculations refer to a four atom primitive cell with fcc-type basis vectors, which
is the smallest possible entity to describe the L21 austenite and the simple, non-modulated L10 martensite
structure. The corresponding space groups are Fm3m for the cubic case and I4mmm for the tetragonal
structure, with Mn and Ga atoms on Wyckoff position (4a) and (4b), while the equivalent Ni atoms reside
on positions (8c) in Fm3m and (8d) in I4mmm, respectively. This allows describing tetragonal distortions
along the Bain path. This, however, suppresses modulated configurations, which possibly could further
lower the energy. Practically all of these calculations show a clear common trend, regardless of the em-
ployed code or exchange correlation functional. This will be demonstrated on the basis of recent results
obtained with the VASP code shown in Fig. 5.7: The absolute minimum of the total energy is found for a
tetragonal structure with a c/a ratio around 1.25. The energy is increasing towards larger as well as smaller
tetragonal distortions, while around the cubic austenite structure the energy landscape is remarkably flat.
For c/a = 1, mostly a shallow minimum or at least a saddle point is obtained, which is only a few ten
meV/f.u. (formula unit) higher in energy than the absolute L10 minimum. The shallow region of the bind-
ing surface extends further to c/a < 1. In some cases, shortening the c axis leads to a second – again very
shallow – minimum, which is not fully reproduced in all calculations. Other codes rather deliver a change
of the curvature of the binding curve – or the feature is not visible at all, as is the case with VASP. The dis-
crepancies between the approaches concerning the relative stability of these features are on the meV/atom
scale or below, so that the thermodynamic relevance of such a feature may be questioned anyhow. Also
concerning the magnetic properties the different approaches largely agree. The L21 structure turns out to
be ferromagnetic with a total magnetic moment per formula unit of around 4µB/f.u., which splits up in a
fraction of 3.3. . . 3.4µB coming from the Mn and a moment of about 0.35µB provided by each Ni atom.
These values do not change much (typically ≈ 0.1µB/f.u.) if the structure is tetragonally distorted along the
Bain path. Hybridization between the Ga p-electrons and the d-electrons of the transition metals results in
a small negative spin polarization of the p-states at the Ga-sites with an absolute value of less than 0.1µB.

On the other hand, the total energy can be significantly lowered by introducing modulated structures.
Corresponding calculations for the 6M, 10M and 14M structures have been performed by Zayak et al. in
the past [50, 345, 351–353] and the final result is shown in Fig. 5.7 (right side). Nevertheless, both 10M
(5M) and 14M (7M) are still higher in energy than the non-modulated L10 and thus only to be considered
as metastable phases. The relative stability of the 10M (5M) is again strongly dependent on the c/a ratio
and vanishes completely for c/a > 1.

The observation of several distinct martensitic phases with possible intermartensitic transformations
raises fundamental questions as intermartensitic transformations between phases described by symmetry
groups which are not subgroups of each other are a priori not compatible with the geometric foundations
of the theory of martensitic transformations. This riddle becomes more mysteriuos if one considers that
the symmetry is effectively increased again, when changing at low temperatures from 10M or 14M to the
non-modulated L10 phase which results unanimously as the ground state structure from nearly all ab initio

calculations published so far.12 This brings the question about the origin of the martensitic transformation
or, respectively, the (meta-) stability of the modulated phases into the center of our attention.

The origin of the martensitic instability is commonly related to a Band-Jahn-Teller effect [50,343,355],
originating from a large peak in the minority spin channel just below the Fermi level in the L21 austenite
(c. f., Fig. 5.8). This peak is nearly entirely formed by Ni eg states [50], which can also be concluded from

1There is a single contradicting result published by Barman and coworkers [354], which predicts a global minimum for c/a ≈
0.97. This conclusion may, however, be an artifact of the unusual strong noise present in the published binding curve which may
rather hint to some unnoticed and more or less severe technical problems.

2Note added in proof: Latest calculations of the author indicate that 4O modulation, which consists of a pair of 2-layer twins,
might be be even lower in energy by a few meV/f.u.
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Figure 5.9: Element and lm decomposed band structure of Ni2MnGa for the majority (left panels) and the minority
spin channel (right panels). The color coding refers to the contribution originating from the specified elements,
angular momenta and symmetry, respectively. Mixed contributions are marked by intermediate colors. The upper row
depicts the element resolved band structures. The center row contains band structure decomposed into contributions
with different angular moments l (resolving s, p and d states), while the lower row colorizes the bands according to
the magnetic quantum number m. The latter are grouped into contributions with eg symmetry (the sum of dx2−y2 and
d3z2−r2), t2g symmetry (the sum of dxy, dyz and dxz) and other contributions (the sum of s and px,y,z). Figures adapted
from Refs. 1, 323. Copyright by IOP Publishing Ltd and (2010) Trans Tech Publications.

the site and symmetry resolved band structure in Fig. 5.9. The remaining Mn states, visible in the minority
spin DOS around EF, are concentrated around Γ in reciprocal space and are mainly of t2g symmetry.

During tetragonal distortion, the Ni eg peak will split and its weight will be redistributed, partly to
energies above the Fermi level, where it is enhancing the pre-existing peak-like structure and partly to
lower energies, filling up the pseudo-gap opening around −0.8eV for small distortions. The whole process
leads to a net gain in band energy in the spirit of the Jahn-Teller picture. Following the above picture,
the martensitic instability is essentially driven by the electronic structure arising from the Ni species, as
the remaining Mn-states do not hybridize with the states from the Ni-peak below EF due to their different
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Figure 5.10: Element and lm decomposed band structure of Co2MnGe for the majority (left panels) and the minority
spin channel (right panels). The color coding for the respective lattice sites as in Fig. 5.9. Again, the upper row depicts
the element resolved band structures, while the bottom row groups the bands according to their contributions with eg

(dx2−y2 +d3z2−r2), t2g (dxy+dyz+dxz) and other symmetry (s+ px,y,z). Figures partially adapted from [323]. Copyright
(2010) Trans Tech Publications.

symmetry. The s states, which are mainly present above +4eV and −5eV nor p states, which are present
close to EF only in the majority spin channel and again attributed to the Ni atoms, do not take part in this
process, either. The distribution of the states in the majority spin channel is hardly affected, as the channel
is already nearly filled (but not completely, still a considerable number of empty d states is available).

It may be worthwhile to note at this point that – similar to the origin of the eg peak – the formation
of the nearly complete pseudogap in the minority spin channel below EF must be attributed mainly to
the Ni species, since Mn states are hardly present below EF due to its nearly full spin-polarization. By
systematically reducing the electron concentration, this gap can be shifted towards EF in a rigid-band-
like picture to the Fermi level [343], which can be achieved by exchanging Ni with Co, and it opens up
completely for Co2MnGe, which is a perfect half metal [323]. This becomes evident from comparing
the ion and orbital resolved band structure of Co2NiGe in Fig. 5.10 with the respective presentation of
Ni2MnGa in Fig. 5.9. Apart from changes corresponding to the additional p electron of Ge compared
to Ga, which makes the (sp)-states move down in energy, the completely filled majority spin d-channel
results in a very similar band dispersion for both Heusler systems. This is not the case for the minority
spin channel. Here, in fact the reduced electron count shifts the Co eg-bands above EF, not changing their
dispersion in large parts. In turn, the Ni/Co t2g states remain essentially in place, while the Mn t2g states,
which are in the minority spin present at EF around in particular around Γ move to lower energies – away
from the Fermi surface. The common origin of the pseudo gap and the eg peak has the consequence that half
metallic character and structural instability appear as mutually exclusive features in comparable full Heusler
systems. As shown earlier by Zayak et al. in an extensive comparison of various Heusler alloys [346], also
important martensitic precursor phenomena disappear, such as anomalies in force constants and phonon
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Figure 5.11: Left: Experimental temperature resolved determination of the transversal acoustic TA2 branch in [110]
direction of austenite Ni2MnGa approaching the (pre-)martensite transformation by inelastic neutron scattering. The
data shown here were taken from Mañosa et al. [356]. For clarity, error bars from the original publication were
omitted and lines were added as guide to the eye. Right: Full phonon dispersion (all major directions) obtained
with VASP using the direct approach with a 4×4×4 supercell. The color coding refers to the fractional elemental
contribution to the respective eigenvector belonging a given wavevector-frequency pair. Same color scheme as in Fig.
5.9 (upper row). Data as published in [357].

dispersions. These indicate the instability of the austenitic phase and move therefore into the focus of our
attention.

5.1.1 Soft phonons in Ni-Mn-Ga Heusler alloys

While the origin of a martensitic instability can be well understood in terms of the electronic structure,
it remains an open question why – in addition to the non-modulated tetragonal martensite – a variety of
different modulated martensitic and premartensitic phases is reported in literature.

In this context, much attention has been paid to another very intriguing anomaly observed in the Ni-
Mn-Ga Heusler alloys, the anomalous temperature dependent softening of the transversal acoustic phonons
in [110] direction, which has been confirmed repeatedly by measuring phonons using inelastic neutron
scattering [358–363]. One exemplified measurement is depicted in Fig. 5.11. Usually, phonons become
softer with increasing temperature as lattice expansion causes the effective interatomic forces to decrease.
In cubic austenite Ni2MnGa, however, the TA2 branch becomes increasingly softer at a fraction of about
ξ ≈ 1/3 of the way through the Brillouin Zone from Γ to the X-point, while approaching the martensitic
transformation from above. This anomaly appears only in [110] direction, which is also the direction of
the modulation in the 6M (3M), 10M (5M) and 14M (7M) phases. This is demonstrated by the calculated
phonon dispersion of the full Brillouin Zone in the right part of Fig. 5.11. The phonon anomalies can be
reproduced well in the DFT calculations, but the softening is complete, here, i. e., it leads to imaginary
frequencies, while the frequencies remain finite in experiment. It is important to mention that soften-
ing of a particular transversal acoustic branch – typically in [110] direction for bcc-type austenites – is
widely discussed as a precursor phenomenon of the martensitic transformation (sometimes also termed
as premonitory effect in contrast to the appearance of structural modifications as tweed or the “pure” 6M
modulations [364], which do not affect the overall lattice dimensions). It is present in alloys belonging to
the shape memory class, as NiTi and Ni-Al [333–335, 365, 366] but also in A15 Laves-phase supercon-
ductors as V3Si and Nb3Sn [367, 368]. It is also seen in martensitically transforming fcc systems as Fe-Pd
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and Fe-Pt [369–372]. Other well recognized (and probably related) precursor phenomena in the austenite
phase are for instance a decrease of specific elastic constants, which results in a marked elastic anisotropy,
changes in sound velocity, streaks or additional reflections in diffraction patterns or anomalies in resistivity
or specific heat.

When phonon branches cross the zero line, they take over imaginary values. This formally turns the
frequency of the wave into a lifetime as the phonon decays exponentially due to the absence of the restoring
force. The system gains energy by the corresponding deformation and a phase transition must occur. In
consequence, the high temperature austenite is not a metastable, but rather an instable structure, which
must be stabilized dynamically at finite temperatures. In this picture, the resulting low temperature phase
is conceived as the condensation of the soft phonon represented by the modulation. This process takes
place continuously in a second-order fashion, which is denoted in literature as soft mode transition [373].
Thus, obtaining imaginary phonons in the calculations seems straightforward, since the calculations refer
to T =0, where the cubic L21 structure of the austenitic phase should in fact be instable. Nevertheless – as
will be laid out further below – following Krumhansl [374,375], there is no necessity that the soft phonons
reach zero frequency, if the phase transition is of first order and not of second order, as the transition may
not be driven by the instable mode alone. Another source of this discrepancy may be residual disorder
present in the experimental samples, which are capable of smearing out such anomalies by modifying the
binding surface. In the past, there have been a large number of independent calculations approaching this
central feature of the Ni-Mn-Ga system [318, 345, 346, 351, 352, 376–380].

From the observation of a single soft mode in [110] direction, three basic questions emerge: These
are tackling the origin of this instability, the immediate consequences for the structure and the mechanism
which does finally stabilize the austenite.

Let’s start with the last point first: From the thermodynamic point of view one would seek the stabi-
lizing factor a high temperature phase in entropy. The entropy contribution, which is necessary to invert
the order of the free energies of the particular phases, can be provided by the lattice. Naively, one ex-
pects this contribution to be larger for an open structure as compared to a more close packed one (as the
high temperature bcc δ-Fe phase compared to the fcc γ-phase). This can also stabilize inherently unstable
structures showing (several) imaginary phonon dispersions branches in the T = 0 calculations, which nat-
urally must disappear at higher temperatures. The responsible mechanism is the coupling of the different
phonon excitation, which significantly alters the potential energy landscape (as motions according to the
soft modes may mutually hinder each other). The respective changes in the phonon dispersions have been
demonstrated for elemental systems like Ti, Zr and Hf as well as NiTi by Souvatzis et al. [381, 382] on
the basis of his self-consistent ab initio lattice dynamics approach (SCAILD) [115, 383]. Besides phonon-
phonon-coupling, also the interaction between excitations of lattice and magnetic degrees of freedom, i. e.,
magnon-phonon or spin-phonon coupling, may play a similar role [384].

Second: If the frequency of a phonon mode goes all the way down to zero, the structure must transform
as the restoring force for the corresponding displacement vanishes; the structure becomes unstable, in
the sense that is not represented by a minimum in the free energy surface anymore. This is observed
in some ferroelectric materials as SrTiO3 [385] and gave rise to the soft-mode Landau theory of phase
transitions (see [373] for an extensive discussion). The corresponding transformation is continuous and
of second order. In general, this is not the case in shape memory martensites. Although the frequency
of the TA2 branch reaches quite low values in Ni2MnGa, it does never become zero. Consequently, a
small but measurable latent heat is associated with the premartensitic transformation [386, 387], which is
therefore clearly of first order, here. Thus, both structures are characterized by minima in the free energy
landscape and consequently the emergence of the 3-fold modulated premartensite (at finite temperatures)
cannot be simply explained as freezing of the corresponding phonon mode, but needs to be assisted by
thermal fluctuations [388]. However, although the soft phonons do not drive the transition in this sense, they
can themselves assist it as they prescribe the specific pathways of distortion. Defects may act as nucleation
points for fluctuating martensitic embryos, which grow in size with decreasing temperature until they are
correlated on a long-range scale via the strain fields induced into the austenite matrix [389, 390]. This can
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Figure 5.12: Majority spin (left) and minority spin (right) Fermi surfaces of Ni2MnGa in the extended zone scheme,
represented by a cubic box with the edge length 2π/a. The contribution of each band crossing the Fermi energy
(three in the case of the majority spin channel and two for the minority spin channel) are indicated by separate colors.
In particular in the minority spin channel extended planar regions are encountered which can be connected by a
reciprocal vector corresponding to the position of the soft phonon in Fig. 5.11. The central image visualizes the L21
Brillouin zone in the extended cubic zone scheme and indicates the location of the special points K, L, W, X, which
also appear in Figs. 5.9 and 5.11. The corners of the box refer to the Γ-point again. The graphical representation of the
Fermi surfaces was realized by Alfred Hucht (first published in [379]. Copyright (2008) by Trans Tech Publications).

lead to an incommensurably distorted structure (tweed) which may eventually lock in into a specific lattice
period.

Finally, the question about the origin of the soft mode remains. Softening of acoustical modes in
martensitic materials at finite ξ away from γ is frequently discussed in terms of electron-phonon coupling.
The contribution from electron-phonon coupling to the dynamical matrix D(q) defined in Eq. (2.9) is given
by the following expression [391, 392]:

D
αβ
el−ph(q) = ∑

k,n,m

f (εk,m)
(

1− f (εk+q,n)
)

εk+q,n − εk,m
gα∗

k,m,k+q,n g
β
k+q,n,k,m , (5.1)

where f is the Fermi distribution function and εk,m are the energies of band m at the reciprocal vector k. The
g denote the matrix elements describing the strength of the electron-phonon-coupling. As these are difficult
to calculate and in many cases only little variation is expected, they are often set to unity. The resulting
expression, frequently termed as generalized susceptibility, χ′(q), is the real part of the bare electronic
susceptibility

χ0(q,ω) = ∑
k,n,m

f (εk,m)
(

1− f (εk+q,n)
)

εk+q,n − εk,m − h̄ω− iδ
(5.2)

at the low phonon frequency limit and obtained from the phonon self energy in the constant matrix element
approximation [393]. From the imaginary part χ′′(q,ω), the quantity

lim
ω→0

χ′′(q,ω)/ω = ∑
k

δ
(
εk − εF

)
δ
(

εk+q,n − εF

)

(5.3)

can be derived, which is termed as “nesting density”.
As the denominator of χ′(q) is a product of the occupation of electrons and holes differing by a

wavevector q, peak-like features in the generalized susceptibility can be regarded as indication for an elec-
tronic instability which is related to the topology of the Fermi surface. This manifests in the existence of
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Figure 5.13: Generalized susceptibility
of Ni2MnGa according to wave vectors
q in the entire x-y plane calculated by
Mario Siewert: (a) minority spin chan-
nel, (b) majority spin channel. The color
coding of the contour plot refers to the
magnitude of χ′(q) (in arbitrary units,
different scales in both figures): Red col-
ors refer to maxima, blue ones to min-
ima, white and yellow to intermediate
values. Figure taken with kind permis-
sion from the PhD thesis of Mario Siew-
ert [404].

regions of the E(k) iso-surface at EF which can be (nearly) mapped onto each other in reciprocal space
by a single and fixed Vector q. The presence of such features is termed Fermi surface nesting. It is thus
straight-forward to interpret Eq. (5.3) as statistical measure for the fraction of nesting vectors with a given
q right at the Fermi level. Furthermore, it is fairly easy to compute – quite in contrast to χ′(q), which may
also contain contributions of bands far away from the Fermi surface [394]. However, the latter may also
be significant, so the extremal features do not necessarily coincide. One good example is so-called hidden
nesting [395] observed in purple bronze (NaMo6O17 or KMo6O17), which can occur even if obvious nest-
ing features in χ′′(q) are absent due to avoided crossing of bands right at EF. Consequently, the naive use
of Eq. (5.3) as a replacement for χ′(q) has been criticized recently by Johannes and Mazin [394].

It has been widely discussed in literature that Fermi surface nesting can give rise to instabilities of the
electronic subsystems as spin density waves or charge density waves. While pure spin density waves are
observed in bcc Cr [396], it has been pointed out early by Chan and Heine [397] that pure charge density
waves are only possible with the support of electron-phonon coupling by accompanying ionic shifts or
lattice modulation due to the dominance of the Coulomb interaction. In fact, the connection between Fermi
surface nesting and the transition to a premartensitic modulated structure appears to be well established for
the case of the conventional shape memory alloys (see [398] for a detailed discussion from the theoretical
point of view). Also for magnetic shape memory alloys, there has been strong emphasis on first principles
DFT calculations with respect to electronic properties and Fermi surface nesting [376, 377, 379, 399–402]
as well as thermal properties and lattice dynamics [318,345,351,352,376–380]. Especially the latter aspect
goes hand in hand with large endeavors in experiment being related to the temperature dependent anomalies
in the austenitic phonon dispersions when approaching the (pre-) martensitic transition temperature. The
majority and minority spin Fermi surfaces of Ni2MnGa as obtained from recent density functional theory
calculations [379] are shown in Fig. 5.12. Especially in the minority spin channel large flat portions are
visible, which can be easily conceived to show considerable nesting. The particular shape of the Fermi
surface (in particular the shape yellow band in Fig. 5.12) has been verified recently in a remarkable positron
annihilation experiment [403].

A first systematic discussion of band structure, Fermi surface and generalized susceptibility of Ni2MnGa
was provided by Velikokathnyi and Naumov [399]. The authors find that for the non-spinpolarized case
indeed a maximum in χ′(q) is encountered at a fraction of ξ ≈ 1/3 of the extension of the Brillouin zone
along [110] (in units of π/a, where a is the lattice constant). This maximum, however, vanishes upon spin
polarization and, instead, two new pronounced maxima are encountered, one at ξ1 = 0.43, the second at
ξ2 = 0.59. The authors conclude that the transition to the 6M (3M) premartensite is not driven by Fermi sur-
face nesting, but should be of anharmonic origin following the model of Gooding and Krumhansl [405,406],
which better fits to the observed phonon anomaly at ξ ≈ 1/3. The other two values are ascribed to the con-
densation of the 10M (5M) structure, as ξ1 is close to the expected value of 2/5 and – tentatively – to the
14M (7M) structure because of the closeness between ξ2 = 0.59 and the ratio 4/7. This view was ques-
tioned by Bungaro, Rabe and Dal Corso [377] who calculated Fermi surface and full phonon dispersion of
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Figure 5.14: Left: Magneto-crystalline anisotropy energies per formula unit of Ni2MnGa for different quantization
directions and c/a ratios as obtained by the FPLO code. The energies are specified relative to the [001] quantization
axis, which is the easy axis for c/a < 1. Right: Element specific orbital moments of Ni and Mn for different
quantization directions and c/a ratios obtained by the FPLO code. Figure adapted from Ref. [16]. Copyright (2008),
Springer Science+Business Media, LLC.

austenite Ni2MnGa using the density functional perturbation approach [407] using ultrasoft pseudopoten-
tials [408] and PBE-GGA within the PWSCF package [113]. The authors found a complete instability in
the [110] direction, confined in q-space and located at ξ = 0.34, which is very close to the experimental
value ξ = 0.33. By inspecting cross-sections of the Fermi surface, the authors identified the same vector
at the respective positions of ξ1 indicated in the work of Velikokathnyi and Naumov [399]. Later work by
Zayak et al. [345, 351] and the author [1, 17] (see also Sec. 5.2.5 below) using the direct approach with the
VASP code in connection with PAW potentials to obtain a better description of the core and semi-core states
find the extremum of the anomaly (respectively, the largest imaginary value of the phonon frequency) at a
somewhat larger ξ≈0.4. This again coincides well with an analysis of the nesting density of the present
minority spin Fermi surface shown in Fig. 5.12. This delivers two sharply peaked maxima at ξ1 = 0.4 and
ξ2 = 0.6 [409] being in turn in better agreement with the previous study of Velikokathnyi and Naumov
and the work of Lee, Rhee and Harmon [376]. However, to finally conclude on the precise relationship
between Fermi surface nesting and structural stability requires a detailed statistical analysis of the general-
ized susceptibility with respect to phonon vectors q in combination with a first principles evaluation of the
respective electron-phonon coupling matrix elements. A first important step in this direction was taken by
Mario Siewert as part of his PhD work, who calculated χ′(q) in the entire x-y plane. The result is shown in
Fig. 5.13 agrees well with the older calculations of Lee et al. along [110] and indicates that the maxima of
χ′(q) are concentrated along the [110] diagonal for the majority spins, while for the minority spin channel
several hot spots are encountered also for other directions.

If the well studied phonon anomaly is indeed a salient feature of MSM Heusler alloys the question
remains whether and how it finally contributes to the shape memory mechanism. Since a soft phonon
has immediate consequences for the energy landscape, it might determine the sequence and stability of
phases – by altering thermodynamics as well as the kinetic transformation process. The selection of an
appropriate modulated phase from the rich phase spectrum has been identified as a key requirement for a
high-performance MSM Heusler material. It thus makes sense to take a closer look at the factors deter-
mining the stabilization of the specific phases at low and above ambient temperatures. We will proceed
with this thought in Sec. 5.2.4. At first, however, we will turn to the prerequisites of the high twin bound-
ary mobility. This discussion will point out how complicated modulated phases support an efficient MSM
process.
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5.1.2 Magnetocrystalline anisotropy in MSM Heusler alloys

While the selection of the appropriate martensite from the rich phase diagram provides the highly mobile
twin configuration, which is essential to achieve a field-induced reorientation of martensitic variants in field
of about one Tesla, we must take care that a sufficient coupling between the orientation of the variants and
the magnetic field exists. This is realized through the spin-orbit interaction, which connects the distortions
from cubic symmetry, e. g., a tetragonal axis to a preferential orientation of the magnetization. Forcing the
magnetization away from this preferred direction leads to a cost in energy. This can be quantified as the
magnetocrystalline anisotropy energy, MAE which finally constitutes the driving force for the reorientation
process.

From first principles, the MAE of Ni2MnGa as a function of the tetragonal distortion has been first
reported by Enkovaara et al. [318] for c/a ratios ranging from 0.92 to 1.05. The authors found a nearly
linear dependence of the MAE with respect to the c/a ratio, which passes zero at c/a = 1, due to symmetry
reasons. This raises expectations that considerably larger MAEs may be encountered for the L10 phase
with c/a ≈ 1.25, than for the modulated phases with c/a ≈ 0.94. Thus, in collaboration with Ingo Opahle
and Manuel Richter (IFW Dresden) the calculations were extended up to c/a = 1.25, which is close to the
absolute energy minimum corresponding to the L10 ground state of Ni2MnGa [16]. The respective results
are summarized in Fig. 5.14, which shows the energies for various spin quantization directions relative to
the energy with moments aligned along the c-axis [16].3 The present values for 0.95 ≤ c/a ≤ 1.05 agree
well with the results published in [318]. For c/a < 1 the [001] axis is the easy direction while it becomes
the hard axis for c/a> 1. In the latter case, the total energies calculated for the [010] and [110] quantization
axes are lowest and degenerate, resulting in an easy plane magneto-crystalline anisotropy for c/a > 1. The
[111] and [011] directions are intermediate, neither referring to the easy nor the hard axes and are included
for the sake of completeness. The maximum MAE of 0.7meV/f.u. is reached for c/a ≈ 1.20.

The corresponding orbital and spin moments can be found in Fig. 5.14. For the [001] quantization axis,
both the Ni and the Mn orbital moments have a marked dependence on the c/a ratio. The orbital moment
of Mn at c/a = 1.25 is nearly doubled with respect to the value at c/a = 1. For the [010] and [110] axes this
dependence is much less pronounced. For the Ga sites, the calculated orbital moments are insignificant.
The orbital moment anisotropy (OMA) is given by the difference in the orbital moments between the easy
axis and hard axis alignment of the magnetization. For c/a = 0.95, the contributions of the individual
Mn and Ni atoms are of the same magnitude, suggesting, following the argument given in [318], that the
MAE is dominated by the Ni species (which appears twice in the unit cell) in this case. For c/a = 1.25
the contribution of the Mn atoms to the OMA increases to almost twice the contribution of the Ni species,
indicating a comparable influence of Mn in this c/a range.

We encounter a large increase of the MAE towards the non-modulated martensite at c/a = 1.25 as
compared to the values around c/a = 0.95, which corresponds – if one neglects the modulating atomic
shuffle – to the experimentally reported lattice spacing of the pseudo-tetragonal modulated 10M phase.
This raises the question, why the twin interfaces in the modulated phases are so much more mobile so that
they can undergo a field-induced reorientation process, while the twins of the non-modulated martensite
cannot.

5.2 Mobility of twin variants and the formation of modulated phases

In general, a martensitic transformation must be regarded – at least on human time scales – as a non
equilibrium process. Usually, start and final temperatures are defined, which characterize the forward
and backward, i. e., martensitic and austenitic transformation, termed As, Af and Ms, Af, respectively. In

3In contrast to the other results in this chapter, these calculations were carried out within the local spin density approximation
LDA using the full potential localized orbital code FPLO code developed at Helmut Eschrig’s group at IFW Dresden [101]. This
code provides a four-component description of Dirac’s equation and to deliver highly accurate results. For technical details, see
Ref. 16.
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Figure 5.15: Schematic sketch visualizing the construction of an atomistic twin-boundary model for the martensitic
phase, which is compatible with three-dimensional periodic boundary conditions, and the simulation of twin boundary
movement by repeated shearing of the cell and relaxation of the atomic positions as performed in our calculations.
Figure originally published in [1]. Copyright by IOP Publishing Ltd.

addition, a large fraction of the materials exhibits a considerable thermally transformation hysteresis. This
is owed to the geometric constraints of this kind of solid-solid transformation, which severely restricts the
possibilities for the optimum alignment of the lattices of the two phases. The latter can be circumvented by
generation of lattice defects which is usually a dissipative process.

According to its definition as a displacive but diffusionless process, a martensitic transformation only
implies small and rather local displacements of the atoms. Large macroscopic motions of the atoms which
would be the consequence of a coherent macroscopic change of the sample shape are to be avoided. Indeed,
this is not observed during the transformations, since martensitic variants with different orientations (so-
called twins) are introduced.

Twinning can occur, since at the martensitic transition transforms the material from a high-symmetry
parent phase at higher temperatures to a low-symmetry low-temperature phase. The smaller symmetry of
the martensite implies that a number of different spatial possibilities exists in which the low symmetry
phase can nucleate with respect to the orientation of the parent phase. Twinning allows releasing the stress,
which a martensite seed introduces according to its different lattice extensions with respect to the austenite
matrix, by minimizing the strain through a spatial average of different orientations.

The extension of martensitic variants in typical microstructures can easily span micrometers – much
too large even for order-N first principles approaches. Consequently, the method which we would thus
expect to provide insight into the atomistic origin of the high mobility of twin boundaries would be classical
molecular dynamics simulations as these allow dealing with a sufficiently large number of atoms. However,
their accuracy depends on the availability of reliable empirical model potentials and for the MSM alloys
under consideration – neither the Heusler- type nor the Fe-based systems – suitable model potentials still do
not exist up to now. Recently, however, rather promising so-called bond order potentials were introduced
based on a tight-binding approach. These are capable of reproducing the correct phase sequence of Fe
including the magnetic phases [59, 60]. Their development is a very delicate task, since, as shown before,
the martensitic instability is closely related to the details of the electronic structure, which needs to be taken
into account appropriately. Thus, at present, it remains necessary to perform ab initio simulations to obtain
a suitable benchmark for the materials properties on the atomistic scale.

The explicit consideration of field induced processes involves further complications, because it requires
a fully relativistic description of the Hamiltonian which boosts up the computational demand further. How-
ever, we can expect that already a mechanically induced process should give us the relevant the energetic
contributions involved in a twin boundary shift, which can be dealt with in a scalar-relativistic description.

Thus, in a first step, the mathematical framework for simulating shear induced twin boundary mobil-
ity will be set up making use of the continuum theory of martensitic transformations and first ab initio



74 Chapter 5 Magnetic shape memory alloys

simulations of comparatively small systems (256 and 512 atoms) are carried out for the non-MSM rele-
vant L10 phase as a test case [1, 16]. We will restrict to the most basic possibility, the coherent shift of
a perfect interface between two non-modulated L10 twins by applying shear stress to the simulation cell.
Compared to experiment, this is not the relevant mechanisms. The motion of specific line defects, such as
dislocations, which are essentially present in any crystal along the twin interfaces, involves a much smaller
activation barrier, since only local rearrangements in the vicinity of the defect are required. Nevertheless,
the present results are instructive since they provide a measure of the ideal shear strength of a microstruc-
ture with nanoscale twin width and indicates that the high mobility of the twin interfaces is not an intrinsic
property of the material but rather related to the prevalence of a specific microstructure. In this context it
will become necessary to take into account the modulated phases or – even better – the hierarchical nature
of realistic shape memory microstructures, which we have previously seen in Fig. 5.3. The first principles
treatment of more complex interfaces is – at present – still beyond the reach of computational capabilities
but will become available in foreseeable future.

5.2.1 Construction of a twinned microstructure

Following the continuum theory of martensitic transformations [410–414], the diffusionless, displacive
motion of an atom from position x to x′ is represented by a homogeneous transformation, defined by a
matrix F and a vector c:

x′ = F x+ c , (5.4)

and, eventually, by an additional shuffle. In general, different representations for such homogeneous trans-
formations are encountered, typically connected by symmetry operations, e. g., a rotation Q, which is part
of the point group of the parent phase but not of martensite, giving rise to martensitic twinning. The
condition of kinematic compatibility assures that a line crossing the twin boundary between two regions
represented by F and G remains unbroken (but usually experiences a kink):

QF − G = a ⊗ n̂ . (5.5)

The vector a and the normal vector of the twin boundary plane n̂ are given by the following equations

a = |n|
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if an ordered set of eigenvalues λ1 ≤ λ2 = 1 ≤ λ3 of C = G−T FT F G−1 exists [412]; ê1 and ê3 refer to the
corresponding eigenvectors. These relations can be used to construct a model of a perfect martensitic twin
boundary suitable for atomistic simulations as depicted in Fig. 5.15 (left). Compatibility with the periodic
boundary conditions can be achieved by rotating the system so that the twinning plane given by n̂ is parallel
to one of boundary planes of the simulation cell. The periodic boundary conditions also imply that there
are at least two twin boundaries in the simulation cell. For the transformation to the L10 structure, the
transformation matrix can be chosen in analogy to the Bain path as a (volume conserving) diagonal matrix
with one of the diagonal elements different from the other two. For the transformation to the pseudo-
tetragonal structure with c/a < 1, we follow the experimental findings from neutron diffraction data that
two consecutive shears on (110) planes in the [110] directions are involved [415]. As laid out abbove,
the direct ab initio simulation of twin boundary motion induced by a directional change of magnetic field
including spin-orbit interactions is exceeding the current possibilities. Therefore, we induce twin-boundary
motion by applying shear on the simulation cell. The induced stress is resolved in a subsequent relaxation
step, as sketched in Fig. 5.15 (right), eventually leading to the introduction of defects or a shift of the
twining plane. Then, in a number of consecutive shear and relaxation steps, a quasi-static picture of twin
boundary motion can be constructed.
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Figure 5.16: Motion of a twin boundary and the corresponding total energies (blue) and average spin magneti-
zations (green) obtained by eight subsequent shear and relaxation steps. Total energy and magnetic moment are
given as a function of the shear of the simulation cell for each completed quasi-static relaxation step. The config-
urations (i)–(iv) which are arranged around the graph represent the results of the geometric optimization processes
at the respective shear of the simulation box, which is applied in horizontal direction. To give a better impres-
sion of the processes at both twin boundaries, the simulation cell is doubled horizontally and vertically; the twin
boundaries are marked by open arrows. The broken lines depict the initial inclination of the c axis correspond-
ing to the leftmost simulation cell. The corresponding shear is given by the shift ∆x divided by the height of the
cell. The atoms in the third dimension are hidden behind the topmost layer. Black spheres denote the Ni atoms,
while blue and bright purple denote Mn and Ga, respectively. Between pairs of atoms, bonds are drawn if their
distance is shorter than a threshold value of 2.835Å visualizing the shortening of the crystal axis a in the respec-
tive direction. The bottom row shows enlarged views of the interfaces taken from the central part of the respective
configurations (i)–(iv). Figure originally published in [16]; copyright (2008), Springer Science+Business Media,
LLC. A three-dimensional visualization of the setup and an animation of the consecutive shear and relaxations pro-
cess can be obtained via the links http://www.thp.uni-due.de/~me/Movies/L10-example.mpg and
http://www.thp.uni-due.de/~me/Movies/L10-move.mpg, respectively.

5.2.2 Shear induced switching of non-modulated twin variants

The above simulation scheme allows us to estimate the total energies as a function of the shear and to
monitor the changes of the magnetic properties. The result is shown in Fig. 5.16. The first attempt was
made with a supercell containing 256 atoms and two martensitic variants with a width of two unit cells
each. This is the smallest possible system size which contains two equally sized twin variants which are
sufficiently large to study twin boundary motion. The energies are related to the movement of two twin
boundaries with a base area of 1.078 nm×1.726 nm; the height of the simulation cell is 1.684 nm. For the
simulations introduced here in this section, the Brillouin zone sampling is restricted to the Γ-point, which
is usually not sufficient to obtain highly accurate energies for periodically repeated systems with similar
spatial extensions. Thus we should not put too much stress on the absolute values, but the relative trends
will be meaningful. The variants possess L10 structure with c/a = 1.25, which corresponds to the absolute
minimum of the calculated energy landscape for Ni2MnGa related to the non-modulated martensite. The
individual spin moments of atoms near the interface show only small deviations from their bulk value,

http://www.thp.uni-due.de/~me/Movies/L10-example.mpg
http://www.thp.uni-due.de/~me/Movies/L10-move.mpg
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Figure 5.17: Total energy and magnetic moment are given as a function of the shear of the simulation cell for each
completed quasi-static relaxation step for stoichiometric Ni2MnGa (a) and off-stoichiometric Ni2.2Mn0.8Ga (b). The
bottom panel (c) shows selected configurations (energy minima and transition states) of the 512 atom Ni2.2Mn0.8Ga
super-cell resulting from the geometric optimization processes after applying shear on the simulation box (in hori-
zontal direction). The arrows denote the position of the twin boundaries. Colors as in Fig. 5.5 (black spheres for Ni,
purple for Mn, bright blue for Ga). Figure originally published in [1]. Copyright by IOP Publishing Ltd. Animation
available at http://www.thp.uni-due.de/~me/Movies/L10-move-offstoich-short.mpg (off-
stoichiometric Ni2.2Mn0.8Ga).

comparable to the uncertainty due to finite size effects. Applying a shear to the simulation cell first increases
the energy of the system without a visible effect on the location of the twin boundary. At a critical value, a
coherent sliding of the lattice planes along the direction of the shear is observed before it snaps into another
configuration. Now the height of one twin is enlarged by one unit cell at the expense of the other. The
process of sliding marks a transition state with maximum energy. Here, a regular, nearly square pattern of
Ni, Mn and Ga atoms is visible in the projection along the twin boundary, with the width of one half of the
unit cell. The respective c and a axes remain larger than the b axis, so that the three dimensional pattern
is not cubic but (approximately) tetragonal. Here, the largest displacements of the atoms with respect to
their neighbors encountered. Still, the extension of the interfaces apparently does not exceed the distance
between two lattice planes, though. From this, we may conclude on a high elastic stability (modulus) of the
untwinned martensite against the respective lattice shear. Together with the sharp definition of the interface
this provides an important prerequisite for the formation of a particular nanoscale microstructure which

http://www.thp.uni-due.de/~me/Movies/L10-move-offstoich-short.mpg
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will be discussed in the following section.
It can also be seen from Fig. 5.16 that the energy of the final state (on the right hand side of the diagram)

is lower than that of the initial state (on the left side) and possesses a considerably larger magnetic moment.
The latter might be interpreted as an artifact of the finite system size or – to express this in positive words –
indicate an effective interaction between twin boundaries in close proximity. Please be aware that according
to the minimal k-mesh used here introduces the energy of the transition state only yields a rough measure
for the activation energy of a coherent twin boundary sliding process.

Starting from the shear-induced process, an estimation of the impact of a magnetic field on the stability
of the twin boundaries can now be attempted. The energetically most favorable state for the configurations
depicted in Fig. 5.16 should be a spin quantization axis pointing out of the viewing plane, which suits both
of the martensitic variants. However, with a sufficiently strong magnetic field, the magnetization can be
forced into the plane, parallel to an easy axis of one of the variants. For the other variant, the moments
are aligned in direction of (but not entirely parallel to) its hard axis. Thus, the accumulated MAE of the
atoms along the twin boundary – only those atoms experience a reorientation of their crystal field – can be
regarded as a measure of the driving force for a field induced reorientation process as sketched above. In
fact, the activation energy turns out to be more than one order of magnitude larger than the MAE per atom,
as obtained from Fig. 5.14, multiplied with the system size. Furthermore, the structural pattern occurring
at the twin boundary in the transition state possess a shortened b axis which may result in a preference for
an out of plane alignment of the magnetization.

A comparison between stoichiometric Ni2MnGa and off-stoichiometric Ni2.2Mn0.8Ga is shown Fig.
5.17 using a considerably larger cell containing 512 atoms and two martensitic variants with a width of
four unit cells each. The magnetization shows – unlike in the previous simulations with 256 atoms above –
only a small variation before and after the shifting process, indicating that finite size effects are considerably
decreased and cells of 512 atoms may be sufficient to study the shear induced coherent motion process of
the twin boundary. The activation energy in Fig. 5.17 is of the same magnitude as in the smaller case,
being of one order larger than the MAE per atom multiplied with the system size [16, 318]. Disorder
does apparently not change the energy scale. However, in the stoichiometric case, both twin boundaries
move at the same time, whereas in the off-stoichiometric case, the same twin boundary (in the center)
moves in two consecutive steps, while the other (at the cell boundary) remains immobile. The observed
energy scale is in accordance with experimental observations and energetic considerations by Kakeshita
et al. [416–418] concerning Ni2.14Mn0.92Ga0.94 in the L10 phase with c/a ≈ 1.20 and underlines, that
despite of its considerably larger magnetocrystalline anisotropy for the L10 phase with the large c/a ratio,
a magnetic field induced (coherent) rearrangement of twins is indeed not a realistic process for the non-
modulated phase. This result is in perfect agreement with experimental observations from previous stress-
strain measurements [49, 419].

As noted before, the interface studied here is by construction planar and defect free. It has been shown,
however, that interface defects with dislocation and step character play a decisive role in so-called military,
plane-by-plane transformations (see [420–422] for recent reviews). These so-called disconnections can
move at lower stresses than complete lattice planes and must therefore been paid attention to in a realistic
modeling of twin boundary motion processes. On the other hand, the defects involved in this process are
likely to be accumulated (if they hit other defects), which might impose an upper limit for the maximum
field cycles which should reach numbers of several millions for application grade materials. The simulation
of running disconnections, which could clarify the importance of this mechanism for the non-modulated
martensite, requires much larger systems which is currently not feasible using ab initio methods as cor-
responding simulations require very large cells, containing several 10 000 atoms and thus still reserved to
classical molecular dynamics simulations.

However, we can conclude, that for the understanding of the highly mobile interfaces it is essential
to explicitly consider the modulated phases. Previous attempts to approximate these by a non-modulated
pseudo-tetragonal structure lead to a complete dissolution of the interfaces (not shown). The lower symme-
try arising from the atomic shuffle implies that such a twin interface must involve a significant rearrange-
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Figure 5.18: Left: Schematic view of an adaptive martensite platelet nucleated in the austenite matrix. D refers to
the width of the plate, d1 and d2 to the thickness of the different variants which are repeated with a period λ. Drawing
after [424]. Right: Second order twin structure derived from the figure on the left. The adjacent adaptive domains are
related to the original one by a 180◦ rotation.

ment of the ions in order to make the variants meet each other. Usually, this will cost energy and the most
favorable configuration is one system-spanning variant. Recently, the interface energy of a boundary be-
tween two 14M variants has been determined experimentally to be as large as 0.7 eV/Å2, which is roughly
two orders of magnitude larger than the ideal shear strength of our sharply twinned microstructure in Figs.
5.16 and 5.17 which relates to the height of the activation barrier for the coherent shear process normalized
to the interface area (i. e., twice the base area of the simulation cell). Thus, it is unrealistic that this en-
ergy can be stored in a sharp interface as extensive atomic rearrangements are easily paid for. Instead, the
potential energy will be distributed among several adjacent layers and produce in this way a rather diffuse
interface. This underlines once more, that it remains a tempting open task to model such an interface,
which might unravel the role of magnetic interactions, electronic processes and atomic arrangement in the
reorientation process. With the help of modern order-N approaches and massively parallel supercomputers,
such calculations will presumably become possible within the next few years.

5.2.3 Adaptive martensite and hierarchy of twinning

Now that we have demonstrated the importance of the extrinsic properties for the functional behavior of
MSM Heusler systems, the question arises which factors finally determine the appropriate microstructure
providing the highly mobile interfaces. Such a problem is usually formulated in terms of the continuum the-
ory of martensitic transformations (for an overview, see again [410,411,413,423]). Here, I will essentially
follow the thoughts of Armen Khachaturyan and coworkers [424].4

The microstructure forms during the martensitic transformation, after the martensite seed has nucleated.
The interface between the phases forms a plane of invariant strain, the so-called habit plane, which is again
required by continuum theory. In equilibrium, the difference in the free energy densities, ∆ f , of the phases
must vanish at the transformation. The relevant energetic contributions for the microstructure, are on
the one hand the excess energy of the planar defect (per unit defect area), which in the present case the
interface energy corresponding to the martensitic twin boundary, γtwin. On the other hand it is the elastic
excess energy induced into the martensite, which has to accommodate external constraints arising from

4 I also want to acknowledge the extensive discussions with Sebastian Fähler, on which decisive for my present view on
Khachaturyan’s concept – in particular the aspects laid out in this section.
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the formation of a habit plane at the austenite-martensite interface or, alternatively, higher order interfaces
between differently oriented martensitic variants. This quantity is determined by the strain ε0 and the
elastic properties of the material, which may be described by a typical (averaged) elastic constant C. The
combination leads to the expression C ε2 for the elastic energy density in the martensite. As they refer to
different kinds of interfaces, these contribution stand in competition with each other.

The relation of the above energy densities consequently determines the fine structure of the martensitic
variants. After [424], such a fine structure is possible if the schematic relation

γtwin/atwin <C ε2
0 (5.8)

is fulfilled. Here, atwin stands for the typical length scale of such a fine microstructure, which is capable of
eliminating (entirely) the strain in the martensite at the interface, which would account with the contribution
C ε2

0, otherwise. This has to be paid with the energy associated with the internal interfaces formed within a
(small) martensite plate of width D, expressed by γtwin/atwin.

The period of such a lamellar microstructure (see Fig. 5.18) is estimated by the expression [424],

λ ≈
(

γtwin

C ε2
0

D

)1/2

. (5.9)

which approximately quantifies how the relation between the elastic energy C ε2
0, which is associated with

the austenite-martensite interface and γtwin finally determines the period λ of the superstructure with indi-
vidual twin thicknesses d1 and d2. Eq. 5.9 demonstrates that a nanoscale period λ of the twin lamella on
the nanoscale is possible if γtwin becomes very small, while the elastic energy, which must be introduced
to accommodate the austenite-martensite interface by an untwinned martensite becomes rather large. This
interface is not necessarily the one which forms between the austenite and the resulting microstructure.
Thus, in the end, the competition between these energies does not only determine the fine microstructure
but also the orientation of the habit plane.

The size of the microstructure atwin is naturally limited by the atomic scale. Its period can be expressed
by integer multiples of the the distances between lattice planes parallel to the interface. This direct link
between atomistic modeling and continuum theory is a very important aspect of Khachaturyan’s concept,
which becomes relevant in the case of (magnetic) shape memory systems. And indeed we could already
show in Sec. 5.2.2 that twin interfaces of L10 Ni2MnGa are sufficiently sharp to allow for such nanoscale
twins.

The elastic deformation of the martensite will be largest close to the habit plane, while the penalty
for the twin planes must be paid for the whole lateral extension of the microstructure D. Therefore, if
the martensite grows, the system may form as a compromise an extremely fine twin structure close to the
interface, which becomes coarser and coarser with increasing distance. The possibility for such a self-
affine arrangement as a minimize of the interface energy has been derived from continuum theory and
is also observed in real materials [412, 413, 425]. The necessity for a coarsening process decreases with
decreasing γtwin and in consequence we might expect a macroscopic extension of the twinned variant, if
γtwin takes vanishingly small values.

The formation of an extended regular microstructure which is finely twinned on the nanoscale has
been termed adaptive martensite.5 Such structures show, according to Khachaturyan [424] the following
characteristics:

• The geometric transformation between the austenite and the martensite unit cell must allow for an
invariant plane.

5 There is an ongoing discussion whether this concept deserves a name on its own, since related (and sometimes counted as
competing) views have been developed by other authors (e. g., [423]). However, since this concept is well suited to promote the
fundamental understanding of the relevant processes in MSM alloys we will continue discussing twinning in terms of adaptive

martensite.
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• The shuffling planes of the final microstructure must be parallel to the twin interface between two
differently oriented variants of the martensite.

• If the optimum period cannot be represented exactly by integer multiples of the martensite lattice
planes, the exact periodicity might be disturbed occasionally by twins which are slightly (for instance
one lattice plane) larger or smaller than the usual thickness. This will disturb the diffraction pattern
and make the adaptive phase rather look like an incommensurate structure.

Through the recent work Dresden it was discovered that nearly perfect conditions for a nanoscale adap-

tive martensite are present [426, 427] if one considers the experimental lattice parameters of austenite and
non- modulated martensite. A perfect interface would then require a ratio d1/d2 = |aL10 − aL21 |/|cL10 −
aL21 |= 0.417. This is close to the value 2/5 = 0.4 which corresponds to the (52)2 twinning characterizing
a 14 layered superstructure. The difference will result in a limited number of stacking faults, which is fitting
with reports of an incommensurably modulated phase in Ni2MnGa [428]. This bears clear evidence that
the 14M might be conceived as a nanotwinned representation of the non-modulated L10 martensite. In their
letter, Kaufmann et al. [426] have considered similar relations for the 10M martensite and 6M premarten-
site. These require in particular in the latter case deviations from the ground state lattice parameters of the
non-modulated martensite, especially the c/a ratio which shifts closer towards unity. The required values
might be achieved at finite temperatures, for instance through a magneto-elastic coupling mechanism, but
a corresponding relation still awaits to be confirmed.

The required information on the energetics and elastic properties is conveniently obtained from first-
principles calculations. The martensite forms, as depicted in Fig. 5.7, unlike austenite a deep minimum on
the binding surface as a function of the tetragonal distortion, E(c/a), which indicates a sizeable value of C′,
here. Also the remaining elastic constants are on average comparable or larger than for the austenite [350].
Thus, we conclude that the elastic energy necessary to form an interface to an untwinned martensite will
take sizeable (but not extraordinarily large) values. First information on γtwin can be obtained from the
same calculations as well: These indicate an energy difference between the monoclinic 14M martensite
and the tetragonal L10 ground state of the order of only a few meV per formula unit which implies indeed
a sufficiently small formation energy for the twin defect [429]. The detailed proof that the 14M structure
obtained in our calculations can indeed be conceived as an adaptively twinned L10 phase will be given in
the following section based on refined numerical settings.

Another relevant feature for the transformation kinetics is the elastic anisotropy of the austenite with
its small value of C′. This expresses in the rather flat shape of E(c/a) in Fig. 5.7 which does not exhibit a
significant barrier between the austenite and the martensite state. A martensitic transformation occurs off-
equilibrium and includes a sizeable thermal hysteresis. Martensite can form if the thermodynamic driving
force for the transformation, i. e., the difference in the free energy density, ∆ f of the corresponding bulk
phases and the energy needed to accommodate the crystal-lattice mismatch, with the relevant contributions
C ε2

0 and γtwin × atwin, come into competition [424]. The small thermal hysteresis (implying a small ∆ f at
the forward transformation) being observed in typical shape memory alloys provides thus a natural upper
boundary for these contributions. The absence of a significant transformation barrier in E(c/a) supports
the formation of fluctuating slightly tetragonal seeds in the austenite matrix as a precursor of the final
transformation. These can easily rearrange, if the tetragonal distortion is small and eventually condense
into a long range displacement pattern of twins consisting of the ground state martensite blocks, which
we compare with the long range modulations actually observed in MIR systems. Again, a final account
on whether all modulated (pre-) martensites in MSM Heusler systems might be interpreted in terms of the
adaptive concept requires further investigation beyond the scope of this work.

Just in analogy to the adaptive pattern in the martensite plate shown in the left panel of Fig. 5.18 con-
sisting of two “primitive” non-modulated variants, twinning may occur as well on a higher level, involving
two nano-twinned regions. This may occur, if the transformation proceeds but the remaining austenite at
the austenite-martensite interface transforms into a different variant, which may be, for instance, related by
a 180◦ rotation or a mirror operation. The result will be a nested twin pattern like the one shown on the
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right side of Fig. 5.18. These arise, e. g., from transformation strains perpendicular to the twinning plane,
which can only be resolved by introducing further variants with different orientation. The corresponding
interface (thick lines) cannot be expected to be atomically sharp as in the first level as the nanotwinned
superstructures are unlikely to match perfectly and the potential energy might then be distributed over an
extended region around the interface.

The patterns depicted in Fig. 5.18 are both still two-dimensional. Thus, there is no necessity that this
process stops at the second level, as stress to the paper plane might require the introduction of further
variants, related to the first ones by another symmetry operation (rotation by a different angle or around a
different axis). The possibility of a hierarchy of twins (or “twins within twins”) and their importance for
functional properties has been discussed in literature since long, for instance by Roytburd [423], Müllner
et al. [421] and recently also by Kaufmann et al. extensively for the particular case of Ni2MnGa [427].
Indeed, a high mobility has been observed for a14M−c14M interfaces experimentally [308, 419], which
in consequence should be regarded as the mobile, functional interfaces. The higher order twin boundaries
move at low stresses, since these objects can overcome confined point-like defects, which effectively pin the
motion of a sharply defined interface [430].6 As a consequence, the motion of a mesoscopic twin boundary
can be conceived as an effective transport of stored defect (or potential) energy through the crystal.

The formation of an adaptive nanotwinned structure is by construction connected with a high number of
interfaces between its non-modulated twins, all of them plane defects coming with an excess energy γtwin.
Thus, strictly speaking, the 14M martensite should only be counted as metastable microstructure and not as
thermodynamic phase. In consequence, a single phase 14M crystal will in the thermodynamic limit decay
into one of its non-modulated building blocks. This process is inhibited by activation barriers, which may,
on the one hand, arise from the additional higher order interfaces present in a hierarchical microstructure.
But also a single variant 14M crystal will expel its twin interfaces if γtwin is positive. The likely mechanism
is branching, i. e., the elimination of every second pair of twin boundaries resulting in a doubling of the
twin width. Concrete signs for such a process have been identified in Ni2MnGa thin films [427]. From the
preceding section we have learned that the collective motion of the atoms forming a twin boundary which is
separating variants of the non-modulated martensite requires considerable stresses which are unlikely to be
overcome in commercially relevant magnetic fields. In turn, this implies a significant barrier height for the
coarsening process, which may make the 14M appear as a stable phase on the laboratory time scale. Again,
as pointed out by Pond and Müllner [422] disconnections may result in an easier movement of the twin
interface and also act in reverse as an effective mechanism for deformation twinning in the non-modulated
martensite, but the speed of the transformation then depends on the defect density.

5.2.4 Proof of adaptivity from first-principles

Khachaturyan’s conjecture, that the continuum model for the formation of martensitic microstructures
might retain its validity down to the atomistic scale, calls for verification in terms of an atomistic the-
ory. The purpose of the present section is to elaborate how far the adaptive interpretation can be held up for
Ni2MnGa in the light of highly accurate DFT calculations. This requires going beyond previous modeling
approaches.

According to Eq. (5.9) and the further discussion in the previous section, the most important prerequi-
site for the formation of a macroscopic adaptive structure is a very low value of the twin boundary energy
γtwin of the stable ground state martensite. This is already indicated by the low energy difference between
L10 and a fourteen-fold modulated structure with a (52)2 stacking sequence, obtained from the early cal-
culations of Alexey Zayak shown in Fig. 5.7. For this structure, however, the exact relation of the final
twinned structure and the tetragonal building blocks was never established. The verification of the small
energy differences on the meV/atom level encountered here also necessitates a very high level of accu-

6 Recently, after appropriate training, considerable magnetic field induced strains have also been reported for the non-
modulated L10 phase [431]. These are, however, still two orders of magnitude smaller than the ones observed in the modulated
phases.
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Figure 5.19: Total energies per formula unit of non-modulated and modulated stoichiometric Ni2MnGa as a function
of tetragonal distortion c/a obtained from high precision DFT calculations. In the case of the non-modulated (NM)
martensite, the cell volume was optimized in each step. The 6M and 10M structures represented by open circles and
squares refer to a pseudo-tetragonal setup, where the cell parameters were kept constant with a pre-defined value
of c/a. The triangles referring to 10M and 14M are obtained by a full geometric optimization of atomic positions
and cell parameters without symmetry constraints. The resulting structures are slightly monoclinic thus the specified
c/a values are approximate averages of the ratios between the lattice parameters. For completeness, the equilibrium
magnetic moments per formula unit of selected structures are shown. The arrows denote a potential downhill pathway
from the L21 austenite to the non-modulated L10 ground state. Figure partially adapted from Refs. 15 and 432.

racy, which expresses itself, for instance, in the density of the k-grid and the cut-off energy. The required
computational resources have become available only recently, which makes it worthwhile to re-investigate
this issue and compare all relevant modulated and non-modulated martensites on the same footing with ut-
most on numerical accuracy. Nevertheless, these calculations are based on the outcome of Alexey Zayak’s
seminal work.

Technically, this study was again carried out using the VASP plane wave code [116], employing the
PAW approach [116, 117]. A large basis was used with a large plane wave cut-off of 460 eV (compared
to 335 eV previously), explicitly taking into account the 3d104s1 electrons for Ga, 3p63d94s1 for Ni and
3p63d64s1 for Mn. The exchange correlation part was described in the generalized gradient approximation
according to Perdew, Burke and Ernzerhof [91]. Convergence of the electronic structure was assumed,
when changes between two consecutive steps fell below 10−7 eV, geometric optimizations were carried
out until the largest residual forces were in the order of 0.002 eV/Å. For the 14M alone, this procedure
took roughly three month to complete on a mid-sized parallel machine running on 6 nodes with 24 cores
each. The k-mesh comprised 16×16×16 points in the irreducible Brillouin zone (IBZ) which corresponds
to 1088 reduced points according to symmetry. The 6M (3M) modulated structure was investigated with
a k-mesh of 16×6×12, while 16×4×12 was used for the 10M (5M) and 14M (7M), corresponding to
576 and 384 points in the irreducible Brillouin zone. The relative energies for the 10M and 14M were
determined by comparison with non-modulated super-cell representations of L10 and L21 with the same
number of atoms (40 and 56, respectively) and similar shape of the super-cell. The corresponding energy
differences are consistent with the results obtained with the primitive 4-atom cell. The non-modulated
structure (NM) was described within the 4 atom primitive cell, while for the modulated structures 8 atom
building blocks were employed with a and b axes rotated by 45◦ with respect to the conventional unit cell.
These were stacked 3×, 5×, and 7× along the b axis ([110] crystal direction) in order to provide room for
the respective modulations.
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Figure 5.20: Graphical representation of the 10M and 14M structure after full optimization of atomic positions
and cell parameters and angles minimizing to interatomic forces and cell pressure tensor. In order to visualize the
nanotwinned nature of the final structure, the supercells are repeated three times in direction of the lattice vector a
and two times in b-direction. The orange dashed lines mark the atomically sharp twin interfaces; the small orange
rectangles refer to the location of the L10 building blocks in the twinned superstructure. The large orange rhomboid
denotes an alternative representation of the 14M unit cell. For comparison, the non-modulated L10 structure (doubled
in a-direction) is shown in the upper left of the figure. Figure adapted from Ref. 15. Copyright (2012) WILEY-VCH
Verlag GmbH & Co. KGaA, Weinheim.

In addition to the geometric optimizations of the atomic positions, also the cell shape was varied.
For the conventional 6M (3M) and 10M (5M) modulations a pseudo-tetragonal structure was assumed
by restricting to tetragonal deformations of the 8 atom building blocks of the supercells. In a separate
calculation for a full monoclinic variation of the supercell was allowed for. For cubic lattice parameters
corresponding to the L21 structure, we find in accordance with the soft acoustic phonon in [110] direction
that modulations lower the energy in the order of 4 meV/f.u. The energy gain is slightly higher for the ten-
fold than for the six-fold modulation in agreement with results obtained by the group of Tilmann Hickel
[433, 434]. The lower symmetry induced by both kinds of modulation induces, however, stresses on the
simulation cell, which are not present in the L21 case. In consequence, the modulated structures gain
energy with tetragonal lattice parameters. Minimum energy is achieved at c/a=0.985 for the 6M (3M)
and at c/a=0.92 for the 10M (5M), respectively.

While the pseudo-tetragonal 6M cell is practically stress free and remains nearly tetragonal even after
extensive constraint-free optimizations, the pseudo-tetragonal 10M structure is subject to residual stresses,
which induce further relaxations leading to a monoclinic cell shape, with a and b axes slightly different
in length and non-rectangular with respect to each other. The corresponding result is shown in Fig. 5.19
by the upward triangle. The atomic arrangement resembles a (32)2 nano-twinned structure with three
and two building blocks in the respective variants. The corresponding energy is considerably lower than
that of the pseudo-tetragonal structure and close to the absolute minimum of the energy corresponding to
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Figure 5.21: Left: Electronic DOS of the fully optimized martensites: the non-modulated L10 ground state, the
(32)2 nanotwinned 10M and the (52)2 nanotwinned 14M. The DOS of all three structures share the main features in
both spin channels (apart from minor deviations, which presumably arise from the interfaces). This gives a strong
indication of the close similarity of all three structures. Figure adapted from Ref. 15. Copyright (2012) WILEY-VCH
Verlag GmbH & Co. KGaA, Weinheim. Right: DOS of the 10M (5M) modulated pseudo-tetragonal structure with
c/a=0.94 in comparison to the L10 non-modulated ground state. The partial contributions of Ni are given by the
thin green lines; the thin red lines refer to Ga, while the broken blue lines depict the Mn states. The total DOS of the
modulated structures is represented by the thick black lines. This structure is derived from the pure modulations of
Fig. 5.22 through a tetragonal distortion of the supercell and subsequent relaxation of the atomic positions. Unlike
the nanotwinned structures with monoclinic cell parameters shown on the left, its DOS differs considerably from the
L10 ground state.

the non-modulated tetragonal L10 martensite. Still the energy can be lowered by stacking five and two L10

non-modulated martensites into the simulation cell, which is represented by the green downward triangle in
the figure. This (52)2 adaptive martensite corresponds to the 14M structure frequently found in experiment
and is nearly degenerate with the L10 ground state. The (32)2 and (52)2 structures have been reached
essentially downhill from the starting configurations, which were in the present case previously reported
representations of pseudo-tetragonal and orthorhombic 10M and 14M modulated structures [353, 435].
Our calculations indicate a monoclinic deformation of the lattice. Unlike experiment, our procedure is not
subject to residual stresses arising, e. g., from the austenite-martensite interface which might inhibit certain
relaxation pathways. The shape and finite size of the simulation cell are the only geometric constraints
which – in combination with the sizeable activation energy for the coherent twin boundary shift – enforce
a commensurate superstructure.

The resulting configurations are on display in Fig. 5.20. In both cases, we obtain nanotwinned struc-
tures, which resemble the schematic construction in Fig. 5.18. One adaptive unit consists of a two-fold
stacking of two layers of one variant and five (for the 14M), or, respectively, three (for the 10M) units
of the other variant. The building blocks of the variants (marked by the orange boxes) are close to the
perfect tetragonal NM martensite in both cases, with only little deviation in c/a or the angles between the
axes. The close correspondence between NM, the fully optimized nanotwinned 10M and the 14M becomes
apparent in the comparison of the electronic density of states (DOS) in Fig. 5.21 (left). The DOS repre-
sents the number of electronic levels available for each energy. These are highly susceptible to changes
in the arrangement of the atoms and provide therefore a characteristic fingerprint of the structure. The
DOS are – apart from fine details – nearly identical in all three cases, which strongly underlines that the
optimized modulated structures are defected representations of NM martensite. This close correspondence
is not present for pseudo-tetragonal modulations in a constrained super-cell with c/a=0.94, as shown on
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Figure 5.22: Total and partial electronic DOS of the modulations according to the soft [110] phonon appearing at the
lattice parameters of the cubic phase in comparison to the DOS of the L21 austenite (yellow area). Colors and lines
of the modulated structures are defined as in Fig. 5.21 (right panel). Left: DOS of the 6M (3M) premartensitic mod-
ulation, without tetragonal distortion of the supercell. Right: DOS of the DOS of the 10M (5M) modulation, again
without tetragonal distortion of the supercell. In both cases, the main difference to the L21 DOS is a redistribution
of the Ni-states in the minority spin channel close to the Fermi level, while the rest of the DOS remains essentially
unaltered. This a characteristic feature of a band Jahn-Teller-type process.

the right side of Fig. 5.21.
The remaining differences between the L10 and the nanotwinned martensites originate from the defects

which consist of four [110] twin boundaries in each unit cell. Their formation energy γtwin is now easily
calculated by subtracting the energy of the non-modulated structure from the corresponding nanotwinned
configuration. The energy of the twinned configurations is only slightly larger than the NM structure,
2.3 meV/f.u. for the 10M and 0.4 meV/f.u. for 14M as marked by the triangles in Fig. 5.19. Thus, the
resulting values of γtwin are extremely low – which means orders of magnitude smaller than conventional
stacking fault energies. Exactly this was required by the concept of adaptive martensite: 0.25 meV/Å2 for
the (32)2 nanotwinned 10M and a vanishingly small value of 0.06 meV/Å2 for the (52)2 nanotwinned 14M.

All modulations, including the nanotwinned configurations, can be conceived as coordinated atomic
shuffles in [110] directions along (101) planes. Shear along these planes corresponds to the anomalous
softening of the transversal acoustic TA2 branch, which occurs in [110] direction.7 The distortion lifts
the cubic symmetry and yields a net gain in band energy in the spirit of a band Jahn-Teller effect arising
from the re-distribution of Ni-d minority states close to the Fermi level [50, 330, 376, 402, 436]. This is
corroborated by a comparison of the DOS of the modulated structures (still with cubic lattice parameters)
and the cubic L21 austenite (Fig. 5.22). Differences are only encountered close to the Fermi-level (slightly
below for the 6M and directly at EF for the 10M).8

The lattice distortion according to the eigenvector of the soft phonon thus effectively lowers the energy,
even if the lattice parameters remain cubic. This opens an alternative transformation channel, which differs
significantly from the conventional Bain path between L21 and L10, described by the thick black line in Fig.
5.19, as it involves a further reduction of the symmetry, which can become monoclinic. From the energetic
pattern, one is lead to the following scenario for the appearance of the modulated structures: Starting from

7Martensite (101) planes are equivalent to (110) planes in the cubic limit.
8Please not that this picture does not stand in contradiction to the mechanism arising from nesting parts of the Fermi-surface,

since removing these contributions through modulation essentially results in a symmetry-related redistribution of states around EF
in a band Jahn-Teller fashion. Thus, without paying attention to k-space and orbital resolved features, both explanations might be
regarded as “equivalent”.
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the cubic L21 phase above Ms, soft phonons induce a modulation of the structure, which can be (possibly
depending on the filling of the minority spin channel) either of 6-fold or directly of 10-fold type. These
modulations directly induce a change of the cell parameters. While a pseudo-tetragonal structure with lat-
tice parameters close to the austenite appears favorable for the 6M (3M) initially, it may be forced to change
its modulation to 10M (5M) after tetragonal distortion, as this modulation can gain more energy on further
decrease of c/a. As seen from the right side of Fig. 5.21, applying a tetragonal distortion to the super-cell
leads to a DOS of the resulting 10M modulation that differs significantly from the above frozen phonon
case. This underlines the role of the Jahn-Teller-type electronic instability of the austenite as initiation
of the transformation cascade, which finally leads to the functional modulated martensites. Such config-
urations can act as a transition state (but may be kinetically blocked, either) inducing the periodic defect
pattern. Thus, potentially, pseudo-tetragonality may be enforced from the austenite-martensite interface.
If this is not the case, a fully monoclinic nanotwinned structure will appear, which again is considerably
lower in energy and the twins might rearrange again in order to form the 14M adaptive structure observed
in many experiments [327, 437].

At low enough temperatures, the relaxed 14M may then decay into NM martensite by de-branching and
coarsening of the twins. The presence of excess twin boundary energy suggests that this process should not
be reversible. This seems indeed to be the case in part of the experiments [327,438]. However, also (at least
in part) reversible transformations with increasing temperatures were reported [308, 439, 440]. A potential
reason for this discrepancy might be sought in a different mechanical treatment (training) of the marten-
site, which influences the higher order twin microstructure. A truly single variant state loses its memory
of the adaptive structure after coarsening, since due to the absence of the austenite-martensite interface
no energetic reason is present to establish a specific periodic sequence of fine twins. In consequence, the
coarsening process will become irreversible. The presence of a fine microstructure (which might for in-
stance remain close to the sample holder after training [441]) may inhibit full coarsening of the first level
adaptive microstructure. This can help to reinsert the nano-scopic twin boundaries at the right positions
which might then proceed through moving disconnections as recently suggested by Pond et. al [422].

However, as pointed out by Victor L’vov [442], the very small value of γtwin may allow for an entropic
stabilization through configurational contributions arising from the interfaces. Alternatively the value of
γtwin may be subject to a different magnetic behavior of the nanotwinned phase. In this case the 14M
could be fully counted as a thermodynamic phase and in equilibrium a reversible transformation should be
expected. In particular the interdependence of magnetic excitations and twin defects is a subject of ongoing
research. The slight variations of the equilibrium moments with tetragonality and type of modulation visible
in Fig. 5.19 might be taken as a first indication.

5.2.5 Finite temperature magnetism and the stability of austenite

With the results presented in Sec. 5.2.4 we have described a complex transformation sequence which mo-
tivates the existence of (meta-) stable modulated structures which can exhibit the relevant functional prop-
erties. The consequence of this downhill process is that the austenite is an instable structure at T =0, not
related to a minimum on the binding surface. Thus the presence of a stable cubic phase at finite tempera-
tures requires an explanation. This requires the imaginary [110] branch found in the phonon dispersion to
become hard again. A suitable modification of the TA2 branch could for instance arise from anharmonic
processes arising from volume expansion or phonon-phonon interactions, which was evaluated in detail by
Tilmann Hickel and his group [434].

Another possibility arises from finite temperature changes in the binding surface through magnetoe-
lastic coupling. The latter thought is motivated by the fact that the magnetic and structural phase trans-
formation temperatures are quite close for the most performing compositions, while in addition a con-
siderable dependence of the martensitic transformation temperature on an externally applied field exists
(e. g., [443, 444]). Thus, our efforts owe now to the understanding of the relation between magnetism and
the complex sequence of phases as a function of temperature. Finite temperature changes in magnetism will



5.2 Mobility of twin variants and the formation of modulated phases 87

Figure 5.23: Left: Contour plot of the total energy E(c/a,M) as a function of the magnetic moment M and the
c/a ratio. The difference in energy between two contour lines is 5meV/f.u. (≈ 58K). The absolute minimum is
located close to M=4.07µB and c/a=1.26. A second, local minimum is located at M=4.03µB and c/a=1.0.
Right: Contour plot of E(c/a,M)−E(c/a=1,M), i. e. the total energy relative to the energy minimum of the L21
phase (c/a=1) for each magnetization. The difference in energy between two contour lines is 2.0meV/f.u., here. An
elevation is located at c/a = 1.1 and M=3.7µB, while minima are found for c/a = 0.96 and M=4.9µB, c/a ≈ 1.15
and M≤3.3µB as well as the region corresponding to the absolute minimum in the figure on the left. Figures
originally published in [17]. Copyright (2008), EDP Sciences/Societa Italiana di Fisica/Springer-Verlag.
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Figure 5.24: Absolute local magnitude of the Mn and
Ni moments obtained from DFT calculations of spiral
magnetic structures with propagation vectors along
[110] and [001] carried out by Enkovaara et al. [340].
The limiting cases are the collinear ferromagnet at ξ=0
and a respective collinear antiferromagnetic structure at
ξ=1. The figure demonstrates that the Mn moments
are of localized nature, as they are independent of
the magnetic structure. In turn, the Ni moment are
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also affect the electronic structure, in the simplest model through a Stoner-like decrease of the exchange
splitting. This will affect the minority spin Fermi surface, which exhibits the nesting features responsible
for the soft phonon in [110] direction. Such a relation was proposed first by Lee et al. [376]. Later on,
the energy landscape and the phonon spectra were examined by Alexei Zayak and the author [17, 378]
for different magnetizations by using the fixed spin moment (FSM) method [445]. These are total energy
calculations which constrain the total magnetization of the system to a predefined value (here specified
per formula unit). These results highlight the importance of magnetic order as a stabilizing feature of the
austenitic phase, since for magnetizations of M=6 µB/f.u., well above the equilibrium value stable disper-
sions are found [378]. A look at the corresponding energy profile E(M,c/a), shown in Fig. 5.23 verifies
that for constant moment cross-sections with M>5.5 µB/f.u. the martensite minimum vanishes and the ab-
solute minimum is represented by the cubic austenite. The corresponding magnetic fields necessary to
stabilize such large magnetizations, however, quantify to several thousands of Tesla – orders of magni-
tude beyond the experimentally achievable range. But also spin disorder at finite temperatures does result
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Figure 5.25: TA2 branch of the phonon dispersion curves of cubic L21 (left) and non- modulated tetragonal
Ni2MnGa with c/a=0.94 (right) calculated along the [110]-direction for different fixed magnetic moments. To im-
prove visibility, the individual branches are shifted in energy; instable parts (imaginary frequencies) are denoted by
broken lines. For the L21 case, the branches for 3.6µB/f.u. are nearly stable. The equilibrium moment is 4.06µB per
formula unit. Data partially from [17]; figure originally published in [1]. Copyright by IOP Publishing Ltd.

in considerable changes of the magnetization, in particular, of course, when approaching the Curie tem-
perature. Since Ni2MnGa austenite is ferromagnetic, the increase in entropy arising favors disorder in the
magnetic subsystem. This is connected with a decrease in magnetization and finally leads to the breakdown
of magnetism at the magnetic phase transformation, which is in a comparable temperature range with the
structural transformation. Thus, if qualitative changes of the physics are encountered while increasing the
magnetization, what happens if the opposite takes place?

To get an impression, one might examine the system at smaller values than the equilibrium moment of
Ni2MnGa [17]. The FSM description, however, corresponds to a Stoner description of finite temperature
magnetism, which assumes that the atomic moments decay to zero approaching the Curie temperature. This
is not appropriate for strongly localized magnetic moments, as here in particular for the Mn species. Their
description should rather be made in terms of a Heisenberg model. For the present case, the FSM approach
is justified, nevertheless, since the Ni-states are deemed responsible for the transformation process, as the
Ni-eg peak below EF in the minority spin channel is associated with a band-Jahn-Teller distortion initiating
the transformation to the martensite. Thus, for the beginning, we may focus on Ni and, indeed, the Ni
moments rather exhibit a Stoner like behavior.

The underlying argument can be captured after a closer look at the spin and element resolved band
structure of Ni2MnGa (Fig. 5.9). Gallium states are mainly present several eV below and above the Fermi-
level and are important to stabilize the Heusler-type structure. Manganese contributions are predominantly
found below the Fermi level (in the majority channel) or above (in the minority channel). Except for a small
portion around the Γ-point, the Fermi surface is dominated by Ni-states in both, minority- and majority-spin
channels, so that subtle changes of the exchange-splitting can have decisive effects on the Fermi surface.
This can be modeled in a Stoner-like approach focusing on the description on the magnetism of the Ni-
atoms. The Ni-atoms do not develop a stable magnetic moment on their own, as the coordination of the
Ni-atoms in austenitic L21 Ni2MnGa is rather body centered cubic than face centered cubic. The observed
Ni-Moments are induced by the surrounding Mn atoms and these exhibit a stable, rather localized moment,
which has been shown in detail by non-collinear spin-spiral calculations [340], see Fig. 5.24. The Mn
d-states, on the other hand, which are less present in the decisive energy range close to the EF, are not
expected to take part in the instabilities leading to the reconstruction of the Fermi-surface. Thus, it is not
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Figure 5.26: Ground state energy differences ∆E of Ni2MnGa (diamonds), phonon free energies Fph (dashed lines)
and their sum (thick solid lines) as a function of tetragonal distortion. The phonon free energies obtained by integrat-
ing the phonon density of states are shown here for two different temperatures, T1=200 K and T2=300 K. The ∆E
were cross-sections of the binding surface E(c/a,M) shown in Fig. 5.23 at two different magnetizations M1=4.07µB,
which is close to the ground state value, and M2=4.07µB, which corresponds to a finite temperature value close to
the martensitic transformation. Calculations and interpretation by Mario Siewert; figure adapted from Refs. 446 and
325. Copyright by AIP Publishing LLC.

crucial to model the finite temperature behavior of Mn appropriately as long as the indirect influence on the
Ni spin polarization is captured correctly. One should keep in mind that, strictly speaking, this argument is
only valid for small tetragonal distortions in the vicinity of the austenitic structure, i. e., for the onset of the
transformation. After the complete transformation to the non-modulated and the modulated martensite the
electronic structure has grossly changed, such that the impact of the specific electronic contributions to the
stability of the thermodynamic phases must in principle be re-evaluated again.

Thus a temperature-induced redistribution of Ni states which affects electron-phonon coupling should
show up in the phonon dispersions of L21 austenite. And indeed, there is a narrow region in magnetization
around M≈3.6µB/f.u., in which the instability in the TA2 branch around ξ ≈ 0.4 disappears (Fig. 5.25).
This value is only 10 % smaller than the ground state magnetization of 4.06µB/f.u. and a realistic reduction
which we would indeed expect around the austenite-martensite transformation temperature. A comparison
with Fig. 5.23 shows that this value of M corresponds to a region of the binding surface E(M,c/a) where
the L21 austenite and the non-modulated L10 martensite are close in energy, separated only by a tiny
energy wall [17]. In the non-modulated tetragonal structures with c/a = 0.94, the instability at finite
ξ is present for all magnetizations, but varies its position. This is in accordance with the observation
that the pseudo-tetragonal martensite with c/a = 0.94 is only stable because of modulations in the atomic
positions [345,352,379] – in contrast to the martensitic L10 structure with c/a≈1.25, which is found stable
at very low temperatures or off-stoichiometric compositions. All of these results already demonstrate the
extremely close interrelation of electronic structure, magnetism and phase stability in the MSM Heusler
systems.

This view found recent support from ab initio free energy calculations [380] obtained within the quasi-
harmonic approximation given by Eq. (2.11). Comparison of the free energies of austenite, the three-
fold modulated pre-martensite and non-modulated L10 martensite calculated for the ground state magnetic
moment of the respective phases yields a reasonable transition temperature between martensite and pre-
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martensite, while the austenite never becomes stable, which is in blatant disagreement with experiment.
In turn, considering finite-temperature magnetic excitations according to the experimental magnetization
curves within the FSM stabilizes the austenite at finite temperatures and thus re-establishes the experimen-
tal sequence of phases. Recently, a more detailed thermodynamic account was provided by Mario Siewert
as part of his PhD thesis [404, 446]. In contrast to Ref. 380, which only concentrated on the stable phases,
Siewert calculated the phonon free energies for various tetragonally distorted structures along the Bain path
(see Fig. 5.26). In combination with the binding surfaces from FSM calculations, this yields additional in-
formation, which helps to understand the importance of the specific contributions further. The electronic
contributions to the free energies, magnetic entropy as well as the cross-contribution terms are not taken
into account in this consideration. The phonon free energies support at all temperatures the formation of the
austenite. While there is a slight increase from 200 K to 300 K the shape of the curve remains essentially the
same, exhibiting a minimum for c/a=1 and a maximum for the L10 martensite around c/a=1.25. Any
combination of the phonon free energies with the ground state structural energies does not yield a clear
transformation. This changes if the finite temperature reduction of magnetization is taken into account
within the FSM scheme. Now, the binding curve becomes significantly flatter and the phonon entropy sta-
bilizes austenite while increasing the magnetization works in favor of the martensite. This yields a further
proof that finite temperature reduction of magnetization contributes essentially to the stabilization of the
austenite. The final free energy curves show the clear signature of a first order transition. These are two
minima on the free energy landscape which change their energetic order with temperature, separated by an
energy barrier without significantly approaching each other.

Having finally understood how finite temperature magnetism stabilizes the austenite and destabilizes
the non-modulated martensite, the question remains, how in turn the stability of the modulated martensites
varies with magnetization. From the behavior of the soft TA2 branch, we have seen that the instability
around ξ=0.4 disappears if the total moment is reduced to 15 % below the equilibrium value. Phonons of
the modulated martensite are particularly difficult to evaluate. The first concern relates to the computational
demands and which is connected the large unit cell with low symmetry. This requires in the direct approach
a very large supercell and a large number of displacements in order to obtain the relevant force constants.
Since the cell is extended in direction of the soft phonons, which is the long direction of the unit cell, the
forces seen in adjacent cells need thus to be resolved at extremely high accuracy. Using in turn density
function perturbation theory one requires for the same reasons a very well converged charge density, which
requires a very dense k-mesh. According to the large supercell, the branches known from the L21 or
tetragonal cell are folded back into the new Brillouin zone which is a factor 3, 5 or 7 smaller for the 6M,
10M or 14M structure, respectively, and results in an accordingly increased number of branches, which is
difficult to interpret. Thus, in order to compare the results with experiment (which always uses the primitive
zone of the non-modulated structure), one needs a representation in the original zone. While this is possible
in principle [447], such an unfolding procedure is connected with ambiguities due to the inequivalence of
the excess atoms in the periodic image of the primitive cell resulting in a broadening of lines and avoided
crossing of modes, in particular at the zone boundary. This again imposes special demands in term of the q

mesh sampling of the branches in reciprocal space.
A first, tentative attempt has thus been made by taking advantage of the fact that the unit cell of the

pseudo-tetragonal modulated structures (here the 10M) exactly fits the supercell required to calculate the
phonons of the non-modulated tetragonal martensite. By disregarding the fact that the symmetry is lowered
through the modulations, one can obtain the force constant matrix and thus finally the phonon dispersion
in [110] direction in the same manner as for the non-modulated structure [379]. Certainly, there is no rig-
orous justification for the physical correctness of this hand-waving procedure. However, the comparison
of spectra calculated at different magnetizations will give a first impression, how magnetism affects the
stability of the modulated martensites. Indeed the instability of the TA2 branch disappears at the ground
state magnetization. Apart from the TA2 branch, the approximated spectrum of the 10M coincides with
the non-modulated tetragonal case with c/a=0.94. The same procedure at a reduced magnetization of
M=3.8µB indicates that the TA2 branch starts to become soft again and finally unstable if the moment is
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decreased further. A gradual disappearance of the modulations with the thermoelastic nature (i. e., thor-
oughly reversible character) of the premartensitic transformation in Ni2MnGa, which exhibits only a very
small latent heat. Again it must be emphasized, that due to the severe over-simplifications involved, the
above considerations cannot replace the evaluation of the correct phonon dispersion of the 6M and 10M
structures, which remains an important task for future research.

A complementary way to monitor the stability of the modulated structures at reduced magnetizations is
to take a direct look at the relative energies with respect to the other relevant phases after optimization of the
atomic positions. This approach, however, cannot give a full account on the stability of a structure, since
instabilities with respect to modulations which are not commensurate with the supercell might remain
undiscovered. Nevertheless, we can now take into account the nanotwinned representation of the 10M
as well. The corresponding results are summarized in Fig. 5.27, which compares the relative energies
of the pure 6M and 10M modulations (i. e., in a supercell with lattice parameters corresponding to the
cubic structure) with respect to the L21 austenite as well as the monoclinic (32)2 nanotwinned structure
for various fixed magnetizations between 3.2µB/f.u. and 4.2µB/f.u. Above 3.7µB/f.u. and 3.9µB/f.u.,
respectively, the pure 10M and 6M modulations in the cubic environment are more stable than the L21.
The energy differences vanish below and the structures decay into the non-modulated austenite, which
is fully consistent with the magnetization dependent evolution of the TA2 branch in Fig. 5.25 (left side).
Thus, also for reduced magnetizations the pure 6M modulation does not supersede the pure 10M and the
presence of the premartensitic phase cannot be explained from total energies alone. On the other hand,
branches on the right side of Fig. 5.25, which correspond to a tetragonally distorted parent lattice with
c/a=0.94, retain imaginary sections around ξ≈0.94. This indicates that modulations should persist in a
distorted environment, even if the magnetization is reduced. Indeed, the nanotwinned (32)2 representation
of the L10 phase remains stable regardless of the magnetization. This proves once more that a combination
of both, finite temperature magnetism (at least within the FSM approximation) and vibrational entropy
contributions to the free energy is necessary to explain the full phase sequence.

5.3 Alternatives to Ni2MnGa: Fe-based magnetic shape memory materials

For breakthrough applications with mass market potential systematic improvements of the existing MSM
materials need to be realized. These include a larger operating range up to temperatures around 100 ◦C,
e. g., for applications in the automotive sector as well as better mechanical properties for post processing,
as one of the main disadvantages of the Ni-Mn-Ga-bases MSM alloys are their unfavorable brittleness.
Therefore, it makes sense to look for alternatives, which – at least partially – lift the limitations of the
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classical prototype material.
Looking at other materials which do not belong to the Heusler class also provides the unique oppor-

tunity to confirm the characteristics of the functional behavior of Ni2MnGa which we worked out in the
previous sections as central ingredients of magnetic shape memory materials in general. These are a ma-
terial in the vicinity of a martensitic instability with a large elastic anisotropy, which is represented in the
calculations by a flat energy profile with respect to the transformation coordinate without a significant ac-
tivation barrier. This should be amended by an electronic instability of the austenite which is connected
with a soft phonon in one particular direction. Their combination results in a complicated martensitic phase
sequence providing a modulated or nanotwinned (adaptive) phase (stabilized by free energy or kinetics).
Their presence requires spatially extended higher order interfaces, which can be shifted by the small en-
ergy densities supplied by an external magnetic field. The validation of these criteria with another MSM
material provides us with a cooking recipe which will be helpful for the prediction of new or improved
materials. In order to make the comparison convenient for the reader, the following sections will proceed
essentially in an analogous fashion to the previous sections covering Ni2MnGa.

A promising alternative shows up with Fe-based alloys containing Ni-group elements with composi-
tions in the vicinity of the fcc–bcc transformation. As already mentioned in Chapter 3.1, bulk iron under-
goes around 1185 K a structural phase transformation from a face centered cubic (fcc) high-temperature
phase to a low-temperature body centered cubic (bcc) phase, which is ferromagnetic with a Curie temper-
ature of 1043 K. The structural transition temperature is systematically lowered by alloying elements from
the right side of Fe in the periodic table, which effectively lowers the valence electron concentration e/a.
This transition is martensitic, i. e., displacive and diffusionless between a high-temperature high-symmetry
austenitic phase and a low-temperature phase, in which the symmetry is usually lowered, e. g., by tetragonal
distortions. In ferromagnetic Fe-alloys with e/a between 8.7 and 8.5, the martensitic transition disappears
and fcc austenite becomes the stable ground state structure. Iron alloys with Ni-group elements at this
valence electron concentration are at the center of scientific interest for a long time, as they show, in ad-
dition to the martensitic instability, a multitude of magneto-structural anomalies that are of technological
importance. The probably most prominent is the so-called Invar effect, describing the over-compensation
of thermal expansion in a wide temperature range, which has been intensively studied for more than one
century [239, 448, 449]. The best known representative is Fe65Ni35, but similar behavior is also observed
in Fe70Pd30 and Fe75Pt25. Although most explanations proposed so far rely on magneto-volume coupling,
the vicinity to the martensitic transformation has been well noticed and discussed. The relevant literature
on this topic is too numerous to be summarized at this point – for an introduction and further references,
see, e. g., Refs. 450–452.

There are a large number of reports of first principle investigations concerning Fe-rich alloys with
elements of the platinum group available in literature. These cover magnetic and magneto-elastic properties
[453–459], electronic structure [456, 460–462], order and disorder [463–465]. Only few of them cover the
interplay of tetragonal distortions and electronic structure. Exceptions exist in particular for the ordered
systems, for instance, for Fe3Pt and for Fe3Ni [456, 466–468].

During the past three decades, also the magnetic shape memory (MSM) properties of alloys with all
three Ni-group elements, was brought to the attention of the scientific community [322,474,475]. Fe-based
MSM systems known so far are based on disordered Fe70Pd30 alloys, ordered Fe3Pt and also Fe-Ni-Co
alloys with an addition of a few at-% Ti [476]. However, the considerable MFIS observed in the former
two, 3.0 % for Fe-Pd and 2.3% For Fe3Pt, are reported for prohibitively low temperatures of 77 K and 4 K,
respectively [416, 477, 478] (c. f., Fig. 5.28). At higher temperatures, approaching the austenitic phase, the
MFIS is decreasing as does also the c/a ratio, which determines the upper limit of the achievable strain.
The effect is not as pronounced as for the Ni-based Heusler alloys like Ni2MnGa [47, 49, 308], but it is
natural to assume its origin to be related. One common key ingredient is the appearance of intermediate
or modulated martensites – 10-fold and 14-fold modulated pseudo-tetragonal or orthorhombic in the case
of Ni-Mn-Ga [327–329] and (slightly distorted) face centered tetragonal(fct) in the case of Fe-Pt and Fe-
Pd – between the high symmetry austenite and the low-temperature martensite, which is body centered
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Figure 5.28: Magnetic field induced strains obtained in experiment for disordered Fe70Pd30 (left) and ordered Fe3Pt
alloys (right). Reprinted with permission from Ref. 469. Copyright (2003), AIP Publishing LLC.
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Figure 5.29: Left: Phase diagram of ordered Fe-Pt alloys close to the stoichiometric composition Fe3Pt (fig-
ure after Ref. 372, part of the data were originally from Refs. 470–473). At compositions containing less than
25 at % Pt, a martensitic transformation between the L12-ordered fcc-coordinated high-temperature phase and a bcc-
coordinated (or slightly tetragonally distorted bct-type) low-temperature phase takes place. At larger Pt-content, the
low-temperature phase gives way to a slightly tetragonally distorted fcc- coordinated (fct) phase in which magnetic
field induced strains are observable. The dotted line shows the martensite start temperature MS for comparison.
Right: Metastable Phase diagram of disordered Fe-Pd alloys in the MSM relevant concentration range close to the
onset of the martensitic instability obtained by Cui et al. [322] (reprinted from Ref. 322, Copyright (2004), with
permission from Elsevier). The austenite is again fcc-coordinated and the martensite is described by a tetragonally
distorted body centered cubic lattice. Around Fe70Pd30 an intermediate (fct) phase appears which possesses a slight
tetragonal distortion compared to the fcc phase and eventually undergoes an intermartensitic transformation to the
bct martensite at low temperatures. Please note that, since the alloy decomposes into α-Fe and L10-FePd in thermal
equilibrium, these phases are only metastable and quenching procedures are required for experimental realization.

tetragonal in the case of the ferrous alloys [322,474,475]. The corresponding excerpts of the phase diagram
for Fe-Pd and Fe-Pt are shown in Fig. 5.29.

For the above mentioned alloys, the relevant electron concentration range is achieved at compositions
which may allow the formation of ordered stoichiometric compounds. However, Fe3Pt is the only alloy
where the ordered phase is reproducibly realized in experiment. Nevertheless, measurements are predomi-
nately made for slightly off-stoichiometric ordered Fe72Pt28 which does not transform to bcc, even if order
is not fully complete. Therefore, most data are available only for disordered or partially ordered alloys.

Despite this fact, it makes sense to start with the discussion of the stoichiometric, ordered compounds.
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DO22L12

b)a)

Figure 5.30: Primitive cells of fcc L12 (a) and D022 (b) ordered alloys of A3B stoichiometry as used in the cal-
culations. The left images of both subfigures refer to the primitive cell while the right images show th structures
represented in the same supercell which consists of two primitive cells stacked along the c-axis in the case of L21 (a).
Exchanging the A and B components (marked by dark blue and bright orange spheres) in one of the a-b-planes yields
the D022 ordering (b). Note, that the symmetry of the D022 structure is tetragonal. After reduction of the c/a-ratio
by a factor of

√

1/2, the cell transforms to the bcc-type D03 structure with cubic symmetry. Figure reprinted from
Ref. [19]. Copyright (2010) by the American Physical Society.

These are much easier to handle from the technical point of view and allow deeper insight into anomalous
lattice dynamics and electronic properties with respect to their physical origin, because their simulation
cells are sufficiently small and side-effects as statistical broadening can be avoided. This allows, for in-
stance, relating one-by-one specific changes in the electronic structure responsible for structural instabilities
to specific orbitals ascribed to a specific species on a specific site. Another convenient aspect of ordered
Fe3Pt is that the softening of the transversal acoustic phonons in [110] direction is particularly pronounced.
Such a feature is present in all three of the discussed Fe-based alloys and has been related to any of the
three above mentioned anomalies, martensitic transformation, shape memory behavior and Invar effect in
the past [369–372, 479–483].

5.4 MSM in ordered Fe-based alloys

Astonishingly, despite the relative simplicity of the ordered structures of A3B stoichiometry, which can be
described in a four atom primitive cell as their Heusler counterparts, thorough investigations providing a
structural and dynamical view of the field on the basis of first-principles calculations are sparse. These
were concentrating on one specific alloy and are thus subject to varying methodology, which hinders a
comparison of all three isoelectronic alloys on equal footing. Therefore, it appears helpful to begin with a
systematic survey of structural properties of ordered Fe-rich alloys with elements of the Ni-group. These
will be amended later by a detailed investigation of the lattice dynamics of the most important structures,
which fills the above mentioned gap in literature.

In experiment, Fe3Pt is found to form a L12 type of order, see Fig. 5.30. In the following, we will
alternatively consider D03 and D022 order. D03 is an ordered cubic arrangement with bcc coordination,
which results from the L21 structure of ternary Heusler alloys of type X2YZ, if the X and Y site are
occupied by the same element. A tetragonally distorted D03 is called D022. Recently, another layered kind
of arrangement called Z phase has been proposed as the ground state for Fe-rich Fe-Pt systems on the basis
of a systematic first-principles search within the cluster variation approach [238, 484]. Since this structure
is not related to a cubic phase with a simple geometric relation and can thus not be a martensitic phase, it
will not be considered any further, here.

Fe-rich Fe-Pd and Fe-Pt alloys close to the stoichiometric composition are reported to be collinear
ferromagnets at low temperatures. Excited non-collinear, ferri- and antiferromagnetic spin structures have
mainly been discussed with respect to the Invar-related thermal expansion anomalies [485–487]. Therefore
we will concentrate on the collinear ferromagnetic case for the beginning.
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Figure 5.31: Contour plots of the binding surfaces (energy as a function of atomic volume V and tetragonal distortion
c/a) of ferromagnetic L12 ordered Fe3Ni (left), Fe3Pd (center) and Fe3Pt (right). The energy distance between two
contour lines is 2 meV/atom. The global minima are located at c/a = 0.74 and V = 11.633Å3/atom for Fe3Ni,
c/a = 0.78 and V = 13.054Å3/atom for Fe3Pd, and c/a = 1.00 and V = 13.082Å3/atom for Fe3Pt. Figure reprinted
from Ref. [19]. Copyright (2010) by the American Physical Society.

5.4.1 Binding surfaces along the Bain path

The total energy as a function of atomic volume and tetragonal distortion for all three isoelectronic alloys
in L12 order is shown in Fig. 5.31. As is easily seen from the contour plots, the optimum c/a ratio varies
from close to bcc (c/a = 0.74) for Fe3Ni over bct (c/a = 0.78) for Fe3Pd to fcc (c/a = 1) for Fe3Pt. This
trend cannot simply be interpreted in terms of the atomic volume as, especially for Fe3Pd and Fe3Pt, the
equilibrium volumes nearly coincide. This is in good agreement with experiment (see the collection of
Okamoto, Ref. 252, for an extensive overview). On the other hand, especially the relation between lattice
parameter and composition of Fe3Pd exhibits a strong positive deviation from Vegard’s law.

As required for shape memory systems, the overall variation of the energy landscape along the Bain
path is exceptionally small for all three alloys. It is with 22 meV/atom largest for Fe3Ni and smallest for
Fe3Pd with only 4 meV/atom (minimum to saddle point). The shift of the stable minima agrees with the
experimental observation that the stability range of the body centered structures with respect to temperature
as well as composition decreases upon the isoelectronic variation of the second element from Ni to Pt. The
maximum change in equilibrium volume associated with a full tetragonal transformation along the Bain
path is small, less than one percent for all three alloys, which again is beneficial for the MSM effect.

There is only little variation of the spin moments along the Bain path, which is of the order of 0.1µB/atom
(cf., Fig. 5.32). It is largest on the bcc side. The slight variation between the alloys can be attributed to the
different equilibrium volume.

The D022 structure emerges from the L12 structure by shifting one of the mixed planes half way along
the diagonal without shearing the other planes (which is thus not a diffusionless transformation), see Fig.
5.30 (d). At the c/a-ratio of the bcc lattice, the D022 structure turns into the cubic D03 structure, which is
the binary equivalent of the Heusler-type L21 structure. For Fe3Ni and Fe3Pd, the D022 becomes favored at
c/a ratios slightly above one, as demonstrated in the lower panels of Fig. 5.32. However, for these alloys
ordered structures are not encountered experimentally. For Fe3Pt, the energy of D022 becomes competitive
with L12, but the minima are located at either ends of the Bain path, hindering a direct transition through
the slow kinetics of diffusive processes at low temperatures. Nevertheless, the small energetic difference
between L12 and D022 at the fcc side indicates a low penalty for anti-phase boundaries. A considerable
energy barrier has to be surmounted for D022 upon straining the crystal the entire way along the Bain path.
This is not the case for L21.

In MSM Heusler alloys, the structures of technological importance are the modulated structures, which
are characterized by a different kind of symmetry reduction which is usually characterized by a compression
along c in contrast to the non-modulated tetragonal L10 ground state which experiences a tensile strain in
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Figure 5.32: Comparison of total energy and magnetic moment as a function of the tetragonal distortion c/a between
L12-ordered and D022-ordered ferromagnetic Fe3Ni (left), Fe3Pd (center) and Fe3Pt (right). The calculations were
performed at a constant atomic volume close to the respective equilibrium volume of the L12 structure. Figure
reprinted from Ref. [19]. Copyright (2010) by the American Physical Society.

this direction, i. e. c/a>1. The presence of modulated structures is not necessarily visible in the binding
surface obtained from straining a primitive Heusler cell. But, in case of prototype Ni2MnGa, pronounced
anomalies are visible in the phonon dispersions which are indicating specific kinds of collective distortions
which are favorable from the energetic point of view. Thus, ananlogously, a close look at the phonon
dispersion relations of Fe- based MSM compositions may yield decisive hints about the origin of the fct
phase as well as the pronounced static displacements.

5.4.2 Lattice dynamics and soft phonons

For Fe-rich alloys with Pt-group elements, experimentally determined phonon dispersion relations obtained
by inelastic neutron scattering are available for disordered Fe70Ni30 and Fe65Ni35 [483, 488], disordered
Fe72Pd28 [369] and disordered as well as ordered Fe3Pt [370–372, 479–482]. Theoretical calculations of
the full phonon dispersion, on the other hand, have been reported so far mainly for ordered Fe3Ni [468,489],
disordered Fe72Pd28 [490, 491], and Fe-Pd alloys in the Pd-rich composition range [492–494]. Several of
the above mentioned investigations rely on empirical or semi-empirical descriptions of the interatomic
forces. Astonishingly, systematic calculations for ordered Fe3Pt case appear to be absent, despite the
apparently smaller methodological effort.

The inability of the experiment to provide a complete comparison of the ordered phases between all
three cases (which are easier to understand) together with the incomplete record of theoretical studies
motivates the present attempt to provide a comparative overview of the phonon dispersion of all three
ordered isoelectronic alloys from first principles. The phonon dispersions presented in this section have
been obtained using the VASP code and the direct (force constant) method (for technical details, see [19]).
For Fe3Pt (L12) and Fe3Ni (L12 and D03) the dispersions and vibrational density of states compare well to
previous results obtained by Waheed Adeagbo and Alexey Zayak in the framework of the density functional
perturbation theory implemented in the QUANTUM ESPRESSO (PWSCF) package [19, 489, 495]. Their
discussion of the specific anomalies in the dispersions and the vibrational density of states have contributed
to the analysis presented in this section.
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Figure 5.33: Calculated phonon dispersions (right panels) of L12 ordered Fe3Ni (top), Fe3Pd (center) and Fe3Pt
(bottom) along the main symmetry directions and the corresponding vibrational density of states (left panels). Imag-
inary frequencies are omitted from the density of states. The polarization of the phonon branches according to the
atomic contributions to the respective eigenvectors is shown in the intensity color coding. Figure reprinted from
Ref. [19]. Copyright (2010) by the American Physical Society.

The eye-catching feature of the three phonon dispersions is the complete softening of one transversal
acoustic branch in [110] direction. This corresponds to the anomaly found in many conventional and mag-
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Figure 5.34: Calculated phonon dispersions (right panel) of D03 ordered Fe3Ni along the main symmetry directions
and the corresponding vibrational density of states (left panel). Again, the polarization of the phonon branches
according to the atomic contributions to the respective eigenvectors is shown in the intensity color coding. Figure
reprinted from Ref. [19]. Copyright (2010) by the American Physical Society.

netic shape memory systems, including prototype Ni2MnGa, as discussed in depth above. In the Heusler
system, where the atoms possess a body centered environment, the anomalous branch has a TA2 polariza-
tion, implying atomic motion in [110] direction, while it is TA1 for the face centered Fe-based systems,
which rather corresponds to displacements along [100]. Furthermore, the imaginary frequencies are most
pronounced at the M-point located at the Brillouin zone boundary, which implies a short modulation period
of the resulting distortion pattern.

As noted before, a strong anomalous softening of the TA1 branch is well known from previous neutron
diffraction experiments on ordered Fe3Pt [370–372, 479] but also for the disordered alloys. However, in
the latter, it is far less pronounced and its center is located within the Brillouin zone much closer to the
Γ-point [369, 371, 483]. In ordered Fe3Pt, however, the TA1 mode reaches at the M-point very low phonon
energies as small as 3 meV at low temperatures (T = 12 K).

For Fe3Pd one of the transversal acoustic modes in Fig. 5.33 starts with a negative slope from the Γ-
point, which indicates that the system might immediately undergo a long-wavelength distortion without
activation barrier. This is not the case for Fe3Ni, although here the underlying structure is not the ground
state, either. In both cases, the cubic L12 state describes only a saddle point. Thus the initial slope of the
acoustic branches in the low energy and low wavevector regime depends on small details of the binding
surfaces and might well be affected by the specific choice of the method and technical setup.

All three dispersion in Fig. 5.33 exhibit as a minor feature a softening along the [111] direction. The
effect is strongest for Fe3Ni and decreases with the weight of the second element. Both TA branches are
degenerate in this direction, reaching frequencies as low as 1 meV around ξ=0.14. The corresponding
eigenvectors are close to (1,−1,0) and (1,1,−2) and practically uniform for all four atoms in the primitive
cells. This may correspond to the primary [112] shear on (111) planes, which is common for martensitic
transformation mechanisms of Fe-based alloys (e. g., see Refs. 450, 496, 497).

Differences are mainly present at the M-point, where the complete softening of the TA1 mode is less
pronounced in the present study and slightly shifted away from the Brillouin zone boundary. In addition, the
softening in [111] direction is more pronounced in our study. Previous semi-empirical calculations based
on a tight-binding scheme on the other hand did only show comparable softening if the strength of the
electron phonon coupling was artificially enhanced [468]. This underlines the necessity to fully take into
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account the coupling between electronic and lattice degrees of freedom within a first-principles approach.
Still, the convergence with respect to the subdivision in reciprocal space for the electronic structure as well
as for the lattice dynamics remains an important issue.

Detailed comparison with experiment is also possible with the element resolved vibrational density of
states (VDOS) which is shown in the diagrams on the left of the dispersions. For alloys with a large mass
difference, we expect a clear separation between the elemental contributions. This is indeed the case for
Fe3Pt, where we find a pseudo-gap at phonon energies around 17 meV. Above this energy, there is only
little contribution from Pt vibrations, while we find a strong hybridization of Pt and Fe contributions in
the energy range below. In Fe3Pd, the Pd states move to higher energies, filling up the pseudo-gap and
there is increased hybridization of the partial contributions at the optical bands in the uppermost part. This
trend consequently continues for Fe3Ni, moving the central peak of the partial VDOS of Ni up to an en-
ergy of 22.5 meV. In turn, the distinct low energy peak appearing around 10 meV for Fe3Pt and Fe3Pd has
disappeared. In all three cases, there exists a significant contribution of Fe-states in the low energy region
(≤ 8meV). The main peaks of the calculated VDOS agree well with experimental measurements of disor-
dered Fe65Ni35 of Delaire and coworkers [498] as well as on ordered Fe3Pt by Wiele et al. [499, 500] and
even recent measurements of the Fe-partial contributions of ordered Fe3Pt nanoparticles by Roldan-Cuenya
et al. [501] using the Mößbauer approach. The pseudo-gap, however, is not showing up in experimental
VDOS as these generally experience a stronger broadening, which may be attributed to the finite temper-
ature of the measurements, the resolution of the devices and certainly also the incomplete ordering, which
is supposedly present in the Fe3Pt samples.

The disappearance of the sharp energy peak in the VDOS around 10 meV points out a qualitative differ-
ence between Fe3Ni and the other two alloys. In the latter case, these states are connected with vibrational
modes at the M and the R-point which are dominated by motions of the Pt or, respectively, Pd atoms as can
be seen from the atomic polarization of the phonon dispersions shown in the color coding in Fig. 5.33. In
Fe3Ni, however, the low lying modes in the vicinity of the M-point mainly involve motion of the Fe-atoms,
which makes the Fe-subsystem particularly soft and susceptible to element specific distortions, e.g., due to
magnetoelastic coupling. In contrast, this feature completely disappears in the body centered cubic phase
of Fe3Ni, which we represent in our calculations for simplicity by the D03 ordered structure (cf. Fig. 5.34),
as this also possesses cubic symmetry.

However, D03 does not represent the lowest energy ordered configuration for neither of the stoichiomet-
ric alloys. In all three cases, the tetragonally distorted L12 arrangement beats out the D03 (or, respectively
D022) configuration on the bct side of the Bain path and should thus be used for comparison. The cor-
responding phonon dispersion for tetragonal Fe3Pd is shown in Fig. 5.35. For this alloy the tetragonal
structure with c/a=0.78 represents the minimum of the binding surface. Consequently, all acoustic modes
start at Γ with positive slope. Also the instability at the M-point – the salient feature of all three L12

structure – is absent. This applies to the two now inequivalent pathways either perpendicular or with a
component parallel to the shortened c-axis, Γ-M and Γ- R. Around R, the lowest modes are considerably
soft – but unlike the cubic case – dominated by Pt motions. Although this structure represents the absolute
minimum of the binding surface in Fig. 5.31 (center), we can infer from the phonons along the space diag-
onal Γ-A that the arrangement is not stable. We find two instable regions with imaginary phonons. The first
is located in the transversal acoustic branch around ξ≈0.1. It corresponds to the dip reported along Γ-R
in all three cubic structures and exhibits similar contributions from the eigenvectors. The second occurs
again at the zone boundary – now, however, in direction of the space diagonal – and involves predominately
displacements of Pd atoms. The eigenvectors suggest alternating Pd-movements along the shortened c-axis
while the Fe-atoms are slightly displaced in the orthogonal plane.

As laid out in the previous paragraph, the two lowest frequencies in the dispersion of cubic L12

Fe3Ni,Pd,Pt at the M-point involve only motions of the Fe species. Since the associated wave-vector
corresponds to the Brillouin zone boundary, the amplitudes are opposite at either end of the primitive cell.
Therefore the term antiferro-distortive transformation has been coined for the condensation of the unsta-
ble phonon mode [371]. The displacements can be inferred from the corresponding eigenvectors and are
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Figure 5.35: Phonon dispersions of tetragonally distorted L12 ordered Fe3Pd calculated along the main symmetry
directions. The compressive strain applied along the c-axis corresponds to the absolute minimum of the binding
surface (c/a=0.78). Again, the polarization of the phonon branches according to the atomic contributions to the
respective eigenvectors is shown in the color coding. Please note: The high symmetry points have been named
according to space group 123 (P4/mmm) and should not be confused with the nomenclature for the limiting cubic
case (space group 221, Pm3m) used in Fig. 5.33.

sketched in Fig. 5.36 (left). They belong to motions of the Fe-atoms either in direction of one of the two
nearest neighbor Ni pairs, or perpendicular to this direction. If one describes the primitive cell as an Fe-
octahedron encaged by Ni-atoms at the corner positions of the cube, the mode can be described in the first
case as a rotational motion of the perimeter atoms in the (001) Fe-plane, while the top and bottom atoms
in the mixed plane remain in place. This kind of rotational mode is well known from perovskite structures,
where oxygen octahedra form such tilted structures [502,503]. In the second case, it is rather described as a
kind of breathing motion of the perimeter atoms in the Fe-plane, where one half of the atoms move inwards
and the other half move outwards leading to an orthorhombic distortion of the Fe-octahedron. Keeping the
terminology of Noda and Endoh as well as Kästner and coworkers, we will call these modes M4 and M2,
respectively. Displacements according to both phonon modes lower the symmetry of the crystal and reduce
the space group of the cubic L12 phase, Pm3m (number 221), to P4/mbm (number 127). Since the latter
is already tetragonal, a variation of c/a does not imply a further change in symmetry. Thus the optimum
may well be expected at a value different from one. Indeed, the energy minimum is found for a tetragonal
distortion with c/a≈1.016 and an absolute displacement of the atoms of 0.09 Å, which can be deduced
from as the binding surface shown in Fig. 5.4.2. The presence of a tetragonal distortion with c/a>1 is
corroborated by recent measured on highly ordered Fe3Pt with a degree of order larger than 90%, while
less well ordered samples rather become tetragonal with c/a<1 [504–506].9

The exact nature of the unstable mode, M2 or M4, has been subject to an unsolved controversy among
experimental groups in the past [370, 371]. First-principles theory provides a direct way to settle this

9This trend can be understood from the experimental phase diagram in Fig. 5.29 and the total energy curve shown in Fig. 5.32
(right side). Since disorder increases the martensitic transformation temperature, we can expect that also the energy minimum will
shift from fcc towards the body centered side with increasing disorder at a fixed composition of 25 at-% Pt. Thus, the physics of
the partially ordered Fe-Pt alloys resembles the inherently disordered Fe-Pd system discussed later on.
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Figure 5.36: Left: Schematic representation of the two M-point soft modes in the phonon dispersions of fcc Fe3Ni,
Fe3Pd and Fe3Pt shown in Fig. 5.33. The picture shows a projection of the repeated L12 unit cell along the [0 0 1]
direction. The brighter (red) arrows correspond to the M2 mode, while the black arrows show vibrations of the M4
mode. The main feature here is that both vibrations are identical, but orthogonal to each other. Both vibrations match
with a translation along one half of the face diagonal ([110] direction) as shown by the thick (blue) arrow, whereby the
two vibrations remain the same but shifted in phase by π. Sketch by W. A. Adeagbo and A. T. Zayak. Right: Total
energy as a function of the displacement amplitude according to the two modes (M2, diamonds, and M4, circles)
which may be made responsible for the for the (complete) softening of the acoustical phonons at the M-point (cf. Fig.
5.36). Results are shown for Fe3Ni, Fe3Pd and Fe3Pt. The lines are polynomials fitted to the calculated data points.
For all three alloys, displacements according to the M2-mode lead to a decrease in energy. Figures reprinted from
Ref. [19]. Copyright (2010) by the American Physical Society.
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dispute through a comparison of the total energy change related to the displacement according to the frozen
phonon modes. Both, M2 and M4 modes, as sketched in Fig. 5.36 (left), fit a 2×2×1 supercell, which
is constructed by doubling the primitive L12 cell in the plane of the atomic motion. Comparison of the
displacements with different amplitude δ unambiguously proves that for all three alloys the M2 mode leads
to a lower energy even for very small δ, explaining the imaginary frequencies at the M-point, as shown
in Fig. 5.36 (right panel). In Fe3Pt and Fe3Pd, the energy gain can reach values of about 5 meV/atom for
displacements of about 0.08 to 0.09 Å. In Fe3Ni this energy gain is significantly smaller and the minimum
energy is obtained for smaller displacements. On the other hand, the M4 mode is considerably softer in
Fe3Ni than in the other two alloys. Here, the two lowest frequencies correspond to the two pure Fe modes,
while for the other two alloys the second eigenvalue has a marked contribution of the heavier element. In
the latter case, the M4 mode is represented by the 5th and the 6th eigenvalue with frequencies of 18.7 meV
and 19.4 meV for Fe3Pd and Fe3Pt, respectively, as opposed to 9.3 meV for Fe3Ni.
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Figure 5.38: Comparison of the total and partial, site resolved electronic density of states (DOS) of Fe3Pt with perfect
L12 order (left) and M2-distorted Fe3Pt with an displacement amplitude δ = 0.795Å (center) and M4 distorted Fe3Pt
with δ = 0.748Å (right). The majority spin DOS are denoted by positive values, while negative values refer to the
minority spin channel. In the M2 case, a pseudo-gap opens at the Fermi level due to a redistribution of the Fe states.
For the M4 distortion, a narrower gap opens up 0.25 eV below the Fermi level, while the DOS at the Fermi level
remains largely unchanged (pseudo-gaps denoted by arrows). Figure reprinted from Ref. [19]. Copyright (2010) by
the American Physical Society.

In this respect, it may be important to notice that a translation of the mixed (001) plane in [110] direc-
tion, which leads to an exchange of the Fe and Ni-group atoms, transforms both modes, M2 and M4, into
each other. Applying this transformation once every second unit cell transforms the L12 in D022 order, as
can be seen from Fig. 5.30. D022 can thus also be regarded as an L12 structure with maximum density of
anti-phase boundaries. Thus atoms in the Fe-plane will feel a superposition between both environments
and displacements according to M2 and M4 modes might become equivalent. Therefore, one may expect
that partial disorder and anti-phase boundaries hardens the soft phonon at the M-point.

5.4.3 Electronic origin of the antiferro-distortive transformation

While the total energy calculations supply us with the information that the imaginary phonon mode is
related to an orthorhombic distortion of the Fe octahedra in the L12 unit cell, we are still left with the task
to find the origin of this instability. A clue can be obtained from the comparison of the respective electronic
density of states, which is shown paradigmatically in Fig. 5.38 for the undistorted, perfect L12 structure of
Fe3Pt as well as for supercells with M2 and M4 distortions. For all three cases, the majority spin density
of states remains similar. The L12 DOS is in excellent agreement with the previous extensive study of
Podgòrny [460], apart from a small shift of the Fermi level in both spin channels which can be attributed
to the use of an exchange correlation functional without gradient corrections in Ref. 460. Fe3Pt is at the
onset of strong ferromagnetism, thus the d-states of the majority spin channel are filled and the respective
DOS is small at the Fermi energy, EF, leaving no room for changes that could account for the structural
distortions. This, however, does not apply for the minority spin channel, where a considerable number of
d-states is encountered right at EF, especially for the undistorted L12 structure. The vast majority of these
states comes from the Fe atoms, while the Pt DOS remains small, due to the nearly filled d-shell and only
moderate induced magnetic polarization of 0.36 µB.

On the other hand, the condensation of the M2-mode opens a deep pseudo-gap right at the Fermi-level
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Figure 5.39: Plots of the isoenergy-surface in reciprocal space of the minority spin electronic states at the Fermi
level (Fermi surface) of Fe3Ni (left) and Fe3Pt (right). The Fermi level is intersected by 6 bands (shown online in
different colors). The features are largely similar and differ mainly only in size due to the varying atomic volumes.
Both surfaces exhibit large nearly flat portions which may give rise to a Kohn anomaly. Graphical representation of
the Fermi surface by A. Hucht. Figures reprinted from Ref. [19]. Copyright (2010) by the American Physical Society.

which is a strong indicator for an extensive redistribution of states. Lifting the degeneracy of electronic
states at EF leads in the spirit of a band-Jahn-Teller mechanism to a net gain in band energy. We identified
such a band Jahn-Teller mechanism as the main electronic mechanism in prototype MSM Ni2MnGa re-
sponsible for the instability of the austenite with respect to the martensitic transformation to the modulated
phases (see discussion in Sec. 5.2.4). It also has been made responsible for the presence of an tetragonal
fct phase in the disordered MSM system Fe70Pd30 [462], which we will turn to later. Thus, it appears
straight-forward to interpret the M2 mode in analogy to the symmetry-lowering modulations in the Heusler
systems breaking the ground for a tetragonal distortion of the lattice. These might arrange in adaptive nan-
otwinned structures providing the highly mobile twin interfaces necessary for the field driven movement of
twin domains, as observed in experiment.

In contrast, the distortion corresponding to the M4 mode does not decrease the number of states at
EF. Nevertheless, it opens another pseudo-gap 0.25 eV below the Fermi level. Although this gap is very
narrow and should be expected to vanish already at rather low temperatures, it appears possible that a
moderate decrease of the valence electron concentration e/a may bring this pseudo-gap to the Fermi level
and possibly changes the order of the modes at the M-point which – in consequence – could alter the ground
state structure.

The appearance of a pseudo-gap at EF implies a severe reconstruction of the Fermi surface. Such re-
constructions in connection with anomalous softening of the acoustic modes are a sign of strong electron-
phonon coupling related to a Kohn anomaly. This involves a significant number of nesting states at EF that
can be connected with the same reciprocal vector which describes the anomaly in the phonon dispersions.
Again, Fermi surface nesting and strong electron-phonon coupling in combination with transitions to mod-
ulated phases are commonly found in both, conventional and magnetic shape memory systems as Ni-Al,
Ni-Ti and Ni-Mn-Ga [366, 376, 507]. In fact, the phonon softening in disordered Fe-Ni Invar has been re-
lated previously to a Kohn anomaly in the nonmagnetic state on the basis of first principles calculations of
ordered Fe3Ni [467]. Here, we consider spin-polarized minority spin Fermi surfaces, i. e., the isosurfaces
formed by the Kohn-Sham eigenvalues at the Fermi level in reciprocal space. These are depicted for Fe3Ni
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(a) (b) (c)

= 0.5kz

= 0.43kz

Figure 5.40: Fermi surfaces of the 13th (a) and 15th (b) minority spin band of Fe3Pt (with an additional semitrans-
parent image of the 13th band in the latter case). These two bands exhibit flat parts which may be connected with a
wave vector close to ( 1

2 , 1
2 ,0) as indicated by the arrows. The vector can either be applied tangentially between the

flattened, horizontal walls of the cone-shaped extensions at the zone boundary entirely within the surface of the 13th
band as shown in (a) or between the vertical walls on the left and the respective sections of the cube shaped surface
centered on the R-point in (b). The eigenvalues in reciprocal space of the of the 13th and 15th bands along two
horizontal planes (kz=0.5 and kz=0.43) are shown in (c) as contour plots. The intersections of the complete Fermi
surface (all bands) with these planes are marked by black lines. The arrows denote again parallel vectors ( 1

2 , 1
2 ,0). The

energies are given relative to the Fermi level; the difference between two contour lines is 50 meV. Figures reprinted
from Ref. [19]. Copyright (2010) by the American Physical Society.

and Fe3Pt in Fig. 5.39 and we find good agreement of the shape with previous results obtained using the
full potential linearized augmented plane wave code WIEN2K [508].

Six bands are crossing EF in the minority spin channel making the Fermi surfaces quite complex objects.
Nevertheless, it is possible to relate nesting behavior to two of these bands, the 13th and the 15th band
which are shown separately in Fig. 5.40. The 13th minority spin band represents an extended spherical hole
pocket around the Γ-point with hopper-shaped extrusions reaching the Brillouin zone boundary. Facilitated
by the cubic symmetry, the flattened, horizontal walls of these extrusions can provide nesting with a vector
of exactly ( 1

2 ,
1
2 ,0), c.f., Fig. 5.40 (a). These parts are connected by a tangential nesting vector, which

is insensitive to a specific value of q and not expected to produce a sharp contribution to the generalized
susceptibility. There is another possibility for nesting between the Fermi surfaces of 13th and the 15th band.
The 15th band forms a cubic electron pocket around the R-point as depicted in Fig. 5.40 (b). The walls of
the cubes are nearly located on the same plane as the flattened parts of the 13th band. This plane is parallel to
the boundary of the cubic Brillouin zone. Two of them exist in each of the cubic directions, such that nesting
can occur between the two bands on the two different planes, respectively. The correspondence in this case
is not necessarily exactly ( 1

2 ,
1
2 ,0) and in direction of the face diagonal, but it can be expected to provide a

pronounced peak in the generalized susceptibility and thus a considerable contribution to electron-phonon
coupling. The cross sections in Fig. 5.40 (c), taken at two different values of kz, demonstrate that this
correspondence is not restricted to the zone boundary, but rather affects a significant portion of the Fermi
surface. For Fe3Ni the hopper-shaped extrusions of the 13th band are smaller and the cubes larger than in
the Fermi-surface of Fe3Pt, which results in a smaller distance between the parallel planes and thus a smaller
length of the q vector. This coincides nicely with the shift of the instability in the TA1-branch away from the
M-point as well as the smaller magnitude of the imaginary eigenvalue. As already discussed in Sec. 5.1.1
a thorough investigation of the relation between Fermi surface nesting and transforming processes requires
a detailed statistics, e. g., an evaluation of the generalized susceptibility with respect to all contributing
reciprocal vectors as well as the calculation of the electron-phonon coupling matrix elements. This is a
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Figure 5.41: Total and partial, site resolved
electronic density of states (DOS) of cubic
Fe3Pt with ferrimagnetic spin arrangement (one
Fe-spin inverted). The color coding refers to the
elemental contributions of the three chemically
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blue for the two equally aligned Fe atoms).
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Figure 5.42: Calculated phonon dispersions of ferrimagnetic cubic Fe3Pt. The configuration is described by L12
ordering of the chemical species while the magnetic configuration includes one inverted Fe-moment. This reduces
the symmetry to tetragonal P4/mmm. In contrast to the previous dispersions the calculations have been carried out
using a 3×3×3 supercell, only. Again, the polarization of the phonon branches according to the atomic contributions
to the respective eigenvectors is shown in the intensity color coding.

formidable task in itself and beyond the scope of this work. But already the purely graphical discussion
gives reasonable evidence that also in this case again an electronic instability, such as a Kohn anomaly, is
the responsible trigger for the structural transformation.

Consequently, any kind of finite temperature excitations of the electronic system, which distorts the
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specific shape of the Fermi surface will decrease the tendency towards a M2-type distortion. In contrast to
Ni2MnGa, the fixed spin moment approach cannot be applied here, since the Fe-species, which dominates
the electronic structure in the vicinity of the Fermi surface does not exhibit induced Stoner-like magnetism
but rather a localized moment character. Thus a more realistic approach should take care of local changes
in spin direction in the spirit of a Heisenberg-like description. The simplest possibility is to invert one of
the Fe-spin in the L21 primitive cell which yields a ferrimagnetic configuration with a total moment of
2.65µB/cell. Fig. 5.4.3 shows the corresponding electronic density of states, which exhibits a qualitatively
different picture for all three inequivalent components over the whole energy range as compared to the
ground state DOS shown in Fig. 5.38 (left panel). Particularly, the large Fe-peak at the Fermi level in the
minority spin channel, which is responsible for the M2-distortion in the ferromagnetic case, has vanished
while another peak at EF in the majority channel appears, which is solely due to the inverted Fe-spin. The
corresponding phonon dispersions are displayed in Fig. 5.42. No imaginary modes are present apart from
a small part close to the Γ- point in direction Γ-M, which is an artifact of the symmetry reduction from
cubic to tetragonal induced by the spin arrangement. The alternation of the moments in direction of the c

axis implies a change of the equilibrium distance between the mixed spin down Pt-Fe layer and the pure
spin up Fe layer which has not been taken care of in the calculations. In the other parts of the dispersion,
the acoustical phonons have become hard. Especially at the Brillouin zone boundary, the frequencies are
considerably higher compared to the ferromagnetic case in Fig. 5.33 (bottom). This leads to the conclusion
that, despite the appearance of a large peak in the majority spin channel at EF, electron-phonon coupling is
effectively suppressed by magnetic excitations.

5.5 MSM in disordered Fe-based alloys: Fe-Pd

The ordered MSM alloy Fe3Pt is – because of its extremely low martensite temperature – an interesting
candidate from the fundamental point of view, but not (yet) a promising basis for the development of
real-world actuators or sensors. On the other hand, the qualitative differences in the binding surface with
respect to different realizations of order show that the ordered models are only of restricted use to estimate
structural properties of disordered Fe-alloys with Pt-group elements. Therefore, explicit modelling of a
random statistical arrangement of atoms is inevitable for a deeper understanding of the instabilities leading
to the MSM behavior of the disordered candidates.

Indeed, the main difficulty connected with the simulation of Fe-Pd shape memory alloys is the appro-
priate modeling of disorder. This imposes a problem, since a non-periodic arrangement of different atomic
species breaks the translational symmetry of the problem and is thus not conforming with the Bloch theorem
that is practically used in all solid-state DFT approaches. There are two popular strategies to appropriately
replace the non-periodic problem with a periodic setup. The first, most elegant way is to replace the atoms
in the spirit of a mean-field approach by a virtual species with averaged properties. This allows to use the
primitive cell with the corresponding symmetry known from experimental analysis and thus leads to small
unit cells, which can thus be studied with the same high standards with respect to numerical accuracy as the
ordered compounds. The easiest way to achieve this is to construct from the potentials of the constituents an
average potential for this virtual atom which will be used for the periodic calculation. This approach, called
virtual crystal approximation (VCA), however, is only useful under restrictive circumstances, for instance,
when the mixed atoms are very similar or do not play the main role determining the physical properties in
discussion. A related but more advanced strategy is the so-called coherent potential approximation (CPA).
Here, in contrast, not the potential, but the scattering properties of the different atoms are superimposed,
which are represented by the scattering path operators belonging to the atoms of a given species, while
the electronic structure of each element occupying this sites is still computed selfconsistently. In order
to describe a random medium, these atoms are thought to be embedded into an effective medium as an
impurity (for a recent review on this topic, see Ref. 509). This impurity problem is conveniently solved
in terms of Green’s functions, which can be used to determine the coherent scattering path operator of the
effective medium in an additional selfconsistency cycle. Thus, the CPA is frequently – but not exclusively
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Figure 5.43: Electronic density of states (DOS)
of the non-spinpolarized 4d metals Mo, Ru
and Pd in their equilibrium lattice structure
(bcc, hcp and fcc, respectively). The energy is
specified relative to the respective Fermi level EF

(dotted line). The arrows indicate the location
of the Fermi level, if the DOS is filled with 6,
8 and 10 electrons, which corresponds to the
number of valence electrons in Mo, Ru and
Pd, approximately indicating the band filling in
the non-equilibrium structures of the respective
elements. For better visibility, the curves are
shifted by one state/eV with respect to each
other. Figure reprinted from [23]. Copyright
(2012) WILEY-VCH Verlag GmbH & Co.
KGaA, Weinheim.

– implemented in DFT codes based on the Korringa-Kohn-Rostoker (KKR) Green’s function approach.
The second, rather straight-forward approach describes disorder explicitly using as-large-as-necessary

and as-small-as-possible supercells. Their sites are then occupied with statistical randomness by a fixed
number of atoms chosen according to the desired composition. Since a truly random distribution is only
obtained in the limit of large numbers, finite size effects are the inherent disadvantage of this approach.
These are related to the inability to reproduce correlations with distances larger than the extension of the
supercell. For comparatively small cells with a few dozens of atoms statistical fluctuations within the
distributions might lead to deviations in the measured properties from the envisaged statistical average
values and thus configurational averaging might be necessary. Still, already a moderate increase in the
system size imposes a huge disadvantage in terms of numerical demands, while the presence of atoms of
the same type with a different chemical neighborhood makes the identification of the relevant electronic
features rather difficult. The central advantage over the CPA, which will prove decisive in the later course of
this chapter, is the ability to account for extended structural relaxations according to the interatomic forces.
In the available CPA implementations forces are not provided and they could possibly only be obtained for
the averaged medium which would not allow element specific relaxations. In the following, we will thus
make use both of approaches to model disorder in binary and ternary Fe-Pd MSM alloys.

5.5.1 Band filling, magnetism and martensitic transformation

Further insight in the relation of the electronic mechanisms driving the basic martensitic instability and
the phonon-assisted distortions in the cubic phase could be obtained from a systematic variation of the
constituents, which changes the valence electron ratio e/a. The ordered functional compounds like Fe3Pt
do have a perfect L12 arrangement of their constituents, which is only fulfilled strictly at this composition.
Thus, changes in composition necessarily affect the degree of order, with – so far – unknown impact on
the functional properties. Therefore, the time is right now to transfer the insight gained from these model
systems to the more realistic and technologically relevant disordered systems, as Fe70Pd30. This will allow
us to identify the relevant mechanisms by monitoring how characteristic electronic, structural or magnetic
features change under a smooth variation of composition, which can be straight-forwardly realized in both,
experiment and theory.

Ferrous alloys, in particular those with Pt-group elements, undergo a martensitic transformation if
their average valence electron concentration per atom reaches a critical region of e/a=8.5 . . .8.7 (see,
e. g., Refs. [450–452] for an introduction). This provides sufficient motivation to start with the attempt
to understand the transformation behavior from the electronic structure point of view. Indeed, the relevant
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mechanisms are of rather general nature and it has been noted early (see, e.g., [105] and Kübler’s book [179]
for an extensive review), that the structural tendencies in the elemental transition metal series, i.e., with
increasing number of d-electrons from hcp to bcc and via hcp again to fcc, can be captured in terms of the
band energy. The band energy is defined by the sum of the k-dependent electronic eigenvalues up to the
Fermi level, the energy dependent distribution of which is represented by the electronic density of states.
The DOS of the elemental metals depends only moderately on filling and quantum number of the d band
(mainly in terms of the band width) and provides thus a perfect fingerprint of a given structure.

Consequently, it is not far-fetched to expect to see the factors stabilizing a specific lattice structure
reflected in the DOS. This can be demonstrated at the example of the 4d elements, Mo, Ru and Pd. Fig. 5.43,
compares the DOS of the corresponding ground state (bcc, hcp and fcc, respectively). In addition, the band
filling corresponding to the valence electron number of the other two elements is indicated by arrows. For
bcc Mo – and to lesser extent also for hcp Ru – the Fermi level falls right into a deep minimum (frequently
also called pseudo-gap), which indicates a stable situation. In turn, the band fillings corresponding to
the other structures appear at a significantly higher level and thus in a less favorable position. Certainly
such a simple argument has its limits. For Pd, the Fermi level of the equilibrium fcc structure resides at
a comparatively high level, while the fcc structure is still favored among the others in terms of its band
energy [105, 179]. For filled d shells with spherical charge density, the Madelung energy prefers close
packings, although the eigenvalues yield similar contributions for all three structures.

The same trends as for the 4d transition metals are encountered for the 5d, but not for the 3d series.
Here, Mn and especially Fe deviate from the trend, the latter since it has a bcc instead of a hcp ground state.
However, the Fermi level resides close to a maximum in the DOS (refer again to Fig. 5.43), which is caused
by doubly degenerate anti-bonding eg states. In combination with a high spin susceptibility, the presence
of a large density of states at EF represents an instable situation. This may give rise – for instance – to
magnetism if the famous Stoner criterion, I N(EF)>1, is fulfilled (I is the so-called Stoner integral, N(EF)
the number of states at the Fermi level). Then the stability can be improved by splitting up the degenerate
electron channels. Since iron possesses eight out of ten possible d electrons, the consequence of a nearly
filled majority band is a nearly half filled minority band, with the Fermi-level right within the pseudo-gap
(for a more detailed development of this argument, see [179]). As Dronskowski et al. have noted, this
splitting also removes the anti-bonding contributions from the Fermi level [510, 511]. The anti-bonding
states are generally found at the top end of the d-band, where the Fermi level comes to lie for the elements
in the second half of the d series. Ferromagnetism resolves this unfavorable situation, since the Fermi level
is lowered in the minority channel. On the other hand, the nearly or completely filled majority spin states
are less shielded and more contracted and consequently take part in the chemical bonding to a lesser extent
than the minority spins. Thus the occupation of anti-bonding majority spin states does not fully compensate
the benefits from their removal from the minority spin channel.

Meanwhile, it is widely accepted that magnetism contributes decisively to the formation of the bcc
phase and in a heuristic sense. One can thus regard the pinning of the Fermi level in the bcc pseudo-gap
as one (but certainly not the only) stabilizing feature of α-Fe. Nevertheless, the complete reasons leading
to the stabilization of the magnetic bcc phase are rather complex, which mirrors in the fact that in density
functional theory (DFT) calculations, the approximation to the exchange-correlation energy is pivotal in
order to obtain the correct ground state. While the local spin density approximation predicts the ground
state erroneously as nonmagnetic hcp, the bcc phase is found most stable if corrections to the LDA in the
framework of the generalized gradient approximation (e. g., [89–91], as used in the present calculations
throughout) are introduced.

The stability of the relevant phases in Fe-Pd alloys was addressed from the electronic structure point of
view first by Stern et al. [465, 512] using the KKR Green’s function method in combination with the CPA
for the description of disorder. A more involved understanding of the underlying electronic mechanism has
been gained by the work of Ingo Opahle and coworkers [462]. The authors make – in analogy to Ni2MnGa –
a band-Jahn-Teller mechanism is responsible for the occurrence of the thermoelastic transition from the fcc
to the fct phase. Opahle et al. proposed that the transition is driven by the above mentioned degeneracy of
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Figure 5.44: Minority spin spectral densities of Fe80Pd20 for the fcc structure (left) and the fct structure with c/a =
0.875 (right) calculated by Opahle et al. [462]. The three fold degeneracy of the t2g states at the Γ-point in the
cubic case is lifted by the tetragonal distortion and the states are shifted away from the Fermi level. Reprinted with
permission from Ref. 462. Copyright (2009), AIP Publishing LLC.

Figure 5.45: Left: Total energy of Fe80Pd20 as a function of the tetragonal distortion along the Bain path obtained
using the full potential localized orbital method (FPLO) within the local spin density approximation. Disorder was
modeled using the coherent potential approximation (CPA). Right: Density of states of cubic fcc Fe80Pd20 (thick
black lines) and and the fct structure with c/a = 0.875 (thick broken red lines). The corresponding thin lines refer to
the partial contributions from Fe states. The energy is given relative to the Fermi level. Both figures taken from the
work of Opahle et al. [462]. Reprinted with permission from Ref. 462. Copyright (2009), AIP Publishing LLC.

the minority channel Fe-d states with t2g symmetry at the Fermi level close to the Γ-point. This splits upon
tetragonal distortion (see Figs. 5.44 and 5.45, right panel) resulting in a net gain in band energy, which is
in the order of about 14 meV. This could lead to the formation of a local minimum corresponding to a new,
metastable phase – presupposed that the energy landscape with respect to tetragonal distortion is sufficiently
flat. This, however, can be expected in the vicinity of the martensitic fcc-bcc transition. The investigation is
carried out using the full potential localized orbital method (FPLO) [101], which yields accurate structural
energies, again taking advantage of the coherent potential approximation to model disorder. Intriguingly,
the authors observe a nearly flat energy landscape for a system with 80 at-% Fe, as demonstrated in Fig.
5.45 (left), which furthermore exhibits another minimum around c/a=0.88. Consequently, the authors
attributed this additional state to the fct phase.

The major drawback of the above study is the use of the local spin density approximation to the ex-
change correlation functional without gradient corrections, which yields the wrong ground state of one im-
portant limiting case, pure Fe. Part of the problem lies in its considerable overbinding when applied to 3d

transition metal systems, which tendentially leads to a quenching of the exchange splitting and destabilizes
the bcc ground state phase. Thus in order to obtain a flat energy landscape one has to shift the composition
to the Fe-rich side. This explains the critical composition around Fe80Pd20 instead of Fe70Pd30 as found in
experiment. The composition shift reduces the valence electron concentration e/a significantly and may, in
principle, alter the bandfilling and the arrangement of states at the Fermi level. Thus, the final verification
of the band Jahn-Teller mechnism and its consequences requires additional consideration, which will be
presented in the course of this section.



110 Chapter 5 Magnetic shape memory alloys

-6 -4 -2 0 2

E-EFermi  (eV)

-6

-4

-2

0

2

4

6

D
O

S
  (

st
at

es
/e

V
/a

to
m

)

Fe70Pd30

Fe80Pd20

Fe90Pd10

Fe99Pd01

Fe70Pd30

Fe80Pd20

Fe90Pd10

Fe99Pd01

fcc Fe1-xPdx

x10

x10

Total
Pd
Fe

-6 -4 -2 0 2

E-EFermi  (eV)

-6

-4

-2

0

2

4

6
D

O
S

  (
st

at
es

/e
V

/a
to

m
)

Fe70Pd30

Fe80Pd20

Fe90Pd10

Fe99Pd01

Fe70Pd30

Fe80Pd20

Fe90Pd10

Fe99Pd01

bcc Fe1-xPdx

x10

x10

Total
Pd
Fe

Figure 5.46: Evolution of the total and element resolved partial electronic density of states of bcc (left) and fcc
(right) ferromagnetic Fe-rich Fe1−xPdx as a function of composition. Thick black lines denote the total DOS, while
the thinner bright blue and darker brown lines represent the partial Fe and Pd contributions, respectively. For better
comparison, the majority and minority spin were shifted with increasing Fe-content successively by 1 states/eV/atom
along the ordinate. For Fe99Pd1, the DOS of the Pd impurities has been enlarged artificially by a factor of 10. The
results were obtained using the Munich full potential SPR-KKR method using a mesh of 2000 k-points within the
irreducible Brillouin zone. For all structures and compositions, the atomic volume was fixed to 13.2 Å3. Increasing
the Pd content gradually fills the mid-d-band pseudo-gap of the bcc structure, whereas on the fcc side the t2g peak of
pure Fe at 0.2eV moves to lower energies, passing Fermi level around x=0.8. Figure reprinted from [20]. Copyright
(2012), with permission from Elsevier.

We proceed by discussing the evolution of the electronic structure as function of the compositions
(Fig. 5.46) from pure Fe to the MSM composition Fe70Pd30, which is right at the fcc-bcc instability. The
DOS shown here are calculated in the framework of density functional theory (DFT) using the Korringa-
Kohn-Rostoker (KKR) multiple scattering approach [102, 103] in combination with the coherent potential
approximation, CPA (further details are explained in [20]). The exchange correlation potential is approxi-
mated using the GGA [91] in order to overcome the shortcomings of the LDA with respect to the stability
of the α phase.

At a nearly vanishing Pd content (1 at-%), the partial contribution of Fe naturally displays the typical
features of pure (ferromagnetic) fcc and bcc iron. In the latter case, a deep pseudogap in the middle of the
d-band which is a common feature of bcc alloys and effectively separates bonding and anti-bonding con-
tributions, while the d-band is more compact and less structured in the fcc case. In the present discussion,
the volume has been kept artificially constant to a value of 13.2 Å3 which is approximately the equilibrium
value for Fe70Pd30 and corresponds to lattice constants in the bcc and fcc phases of abcc=2.976 Å and
afcc=3.750 Å throughout the entire concentration range. The large volume, however, forces fcc-Fe to be-
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come a strong ferromagnet with a filled majority spin channel and a large magnetic moment [163,513,514].
This simplification helps us to concentrate on the compositional trends, whereas the transition from weak to
strong ferromagnetism is not in our present focus. The states associated with the Pd impurities concentrate
in a rather broad maximum located between four and five eV below the Fermi level, irrespective of struc-
ture and spin channel. Another tiny maximum is found in the bcc alloy about one eV below and one half
eV above EF in the majority and minority channels, respectively, the latter coinciding with the minimum in
Fe-states. In the light of the discussion above, it is natural to assume that these states are of non-bonding or
anti-bonding nature. For the fcc alloy this bump is much less pronounced and hardly visible in the minority
spin channel. With increasing Pd content, the low energy maximum increases in size and weight becom-
ing significantly broader. This extends the band edge to lower energy and affects the Fe electrons which
increasingly populate this energy region due to hybridisation. These states seem mainly removed from the
sattelites between -3.5 eV and -4 eV (in the majority channel of both structures and correpondingly above
in the minority channel).

The bcc DOS exhibits compostional trends which can be considered relevant for the stability of this
phase. With increasing Pd-content, the high energy peak associated with the antibonding Fe states and the
pseudogap in the band center move simultaneously to lower energies. A similar tendency can be observed
in the minority channel, but here the gap fills up with the states originating from the hybridization between
the Pd and Fe d states. These are shifted with respect to each other according to the different atomic
magnetic moments associated with the respective species (2.7µB for Fe, 0.3 µB for Pd), since the atoms
must remain essentially charge neutral. On the other hand, the majority d channel is entirely filled for all
compositions and consequently retains this specific bcc feature. Consequently, the density of states at the
Fermi-level increases with decreasing Fe-content (with an exception for pure Fe for the reasons explained
above), while the small Pd bump moves right to the Fermi level.

This simple consideration yields a qualitative argument, why increasing the average valence electron
concentration e/a by alloying with electron-rich d-metals destabilizes the bcc structure in favor of an fcc
phase. This however, does not explain the occurrence of an additional intermediate fct phase, which is
essential to obtain large magnetic field induced strains which originate from a reorientation of twin variants.
Indeed, the fcc phase (Fig. 5.46, right) also exhibits a particular feature in the minority spin channel right
at the Fermi edge. In ferromagnetic fcc Fe, a marked peak shows up 0.2 eV above the Fermi level, which is
dominated by 3-fold degenerate t2g states. On alloying with Pd, this peak washes out and moves to lower
energies simultaneously, eventually crossing the Fermi level around 20at-% Pd. In analogy to ordered
Fe3Pt and the Ni-Mn-Ga Heusler alloys discussed before, the presence of degenerate electronic states right
at the Fermi-level can promote symmetry-lowering distortions, which split up the states in the spirit of the
Jahn-Teller effect. This supports the view of Opahle and coworkers [462], who argued that a tetragonal
distortion yields to a net gain in band energy as the the unoccupied part of the DOS is moved to higher
energies, while the energy of the occupied states is decreased.

5.5.2 Binding surface of the disordered alloys

The previous work on Ni2MnGa and Fe3Pt has demonstrated that a long-ranged tetragonal deformation of
the lattice might not be the only possibility to gain band energy by lifting the degeneracy of the t2g states
at the Fermi level. In fact, this requires comparatively large collective motions of the atoms (while residual
stresses induce lattice defects, such as twin interfaces). An alternative measure could be provided by local
distortions of the symmetry by individual movements atoms out of their high symmetry positions without
changing the average cubic lattice parameters. In ordered structures, this is realized in terms of a pre-
martensite lattice modulation, as discussed before for Ni2MnGa or the antiferro-distortive transformation
according to the M2 mode in Fe3Pt. The occurrence of modulated structures is here related to a marked
softening of the transversal acoustic phonon branch – again coinciding with the wave vector of the modu-
lation – in [110] direction. Indeed, just as in Fe3Pt, a likewise anomaly of the TA1 [110] branch is observed
in Fe70Pd30 austenite [369]. This is, however, not as pronounced as for the ordered alloy. Nevertheless, a



112 Chapter 5 Magnetic shape memory alloys

careful analysis of X-ray diffraction data to confirms the presence of a [100]-type displacement pattern of
the atoms [515] as it is expected according to the TA1 polarization of the soft phonon mode. Since such
displacements already reduce the symmetry, the cubic lattice is not a symmetry-distinguished configuration
anymore and corresponding changes of the lattice parameters and angles might follow – in close analogy
to the previous considerations for Ni2MnGa and Fe3Pt. Thus, while the Jahn-Teller instability could still
initiate the transformation process to the fct structure, the latter might not be its immediate consequence.

Since local distortions or modulations of the atomic positions can only have a relevant impact on the
lattice parameters on a (locally) flat energy landscape, all possible kinds of relaxation mechanisms apart
from the above mentioned one must be accounted for as well. This cannot be achieved by the CPA, which
relies on an average description of the electronic properties of an alloy and requires the atoms to be fixed
to the ideal, average lattice positions. Instead, one has to face the largely increased numerical demands
which arise if disorder is modeled explicitely by arranging Fe and Pd atoms randomly in a sufficiently
large supercell representing a proper statistical distribution.

In order to take care of the fact that in Fe-based MSM alloys the relevant phase is only observed in
a concentration window of a few atomic percent, supercell sizes in the order of one hundred atoms have
to be considered. For such large systems, systematic averaging over dozens of configurations calculated
within DFT is prohibitive, if at the same time the evolution of the properties upon variation of an external
parameter (e. g., the tetragonal distortion) is to be monitored. Thus, in this case, the careful selection of a
model configuration appears to be the only tractable possibility. One well founded way to obtain a better
and more efficient representation of statistical disorder within small unit cells is the generation of so-called
special quasi-random structures (SQS) [516, 517]. Here, the configurations are selected according to their
compliance to a given statistical distribution. Still, reproducing the statistical distribution of atoms and
retaining a small supercell are mutually exclusive conditions, but for many problems suitable compromises
can be found for fairly small system sizes. The selection process can be automated in a Monte Carlo
framework.

In this respect, another difficulty arises from the fact that a random distribution of atoms breaks the
given – in this case, cubic – symmetry of the supercell. This is especially severe in the case of small
cells, as generated by the SQS, while in the limit of large numbers symmetric properties are restored on
average. For instance, if structural energies (or other properties) are calculated as a function of a symmetry
breaking tetragonal distortion, the results will differ according to which of the initially equivalent cubic
directions the distortion was applied. It is not straight-forward to see, how (and whether) this can be
controlled in terms of pair (and triplet) correlation functions during the generation of an SQS. In this light
it is reasonable to generate configurations according to a simple statistical scheme (random distribution
of atoms) and “manually” check whether these configurations possess singular distributions which lead
to obviously artificial results. This, of course, does not guarantee the reliability of the absolute numbers,
but it will give us the correct trend in a a comparative study under variation of the constituting elements,
e. g., a third ternary component. In this case, the errors made due to a slightly improper distribution can be
expected to cancel to a large degree (see Sec. 5.6 for an example). A very recent investigation carried out
by S. G. Mayr [518], demonstrated that also for the pathological case of FePd an energy surface obtained
by taking advantage of carefully selected SQS cells [519] can indeed reach a comparable accuracy with the
108 atom statistical distribution presented here. Still, the selection of specific compositions is limited by
the choice of the SQS cell.

For systems in the order of 102 atoms the computational demands of fully fledged DFT calculations
also require compromises with respect to the technical parameters limiting the accuracy, in terms of re-
duced cut-off parameters, k-meshes and so on. Thus, the first effort should be dedicated to a comparison to
well known results obtained with maximum accuracy. The optimum benchmark to estimate possible errors
made in calculations of real Fe-Pd MSM systems offers the ordered Fe3Pd alloy, which was previously
introduced in Sec. 5.4. In this line of thought, the binding surface of the benchmark system was calculated
using a 108 atom super-cell, i. e., 3×3×3 L12 simple cubic primitive cells containing 4 atoms each. The
energy cutoff was set to Ecut = 335eV and the Brillouin zone was integrated over two meshes in recip-



5.5 MSM in disordered Fe-based alloys: Fe-Pd 113

0.7 0.75 0.8 0.85 0.9 0.95 1

c/a

-8

-6

-4

-2

0

2
T

ot
al

 E
ne

rg
y 

 (
m

ev
/a

to
m

)
108 atoms
2x2x2 k-points

4 atoms
20x20x20 k-points

108 atoms
4x4x4 k-points

BCC FCC

0.7 0.75 0.8 0.85 0.9 0.95 1

c/a

-40

-30

-20

-10

0

10

20

30

E
di

so
rd

er
ed

 -
 E

or
de

re
d  (

m
eV

/a
to

m
)

CPA (full potential SPR-KKR)
CPA (SPR-KKR ASA)
Supercell, unrelaxed (2x2x2 k-points)
Supercell, unrelaxed (4x4x4 k-points)
Supercell, optimized (2x2x2 k-points)
Supercell, optimized (4x4x4 k-points)

Fe75Pd25

108 atoms disordered
relaxed positions

108 atoms disordered
unrelaxed

SPR-KKR (CPA)

BCC FCC

Figure 5.47: Left: Benchmark total energy calculations calculations for ordered Fe3Pd along the Bain path from bcc
to fcc (constant volume of 13.08 Å3/atom; energetic reference is bcc, c/a=

√
0.5, for all curves) showing a comparison

between calculations with the primitive cell (4 atoms) and large k-point set, and a supercell (3×3×3 primitive cells)
with different k-meshes. The grey data points refer to a comparison between the full potential linearized augmented
plane wave method (FLAPW) implemented within the Wien2K package [520] (solid symbols) and VASP results
obtained with different PAW potentials and varying formulations of the GGA exchange correlation potential (open
and shaded symbols). Details can be found in Ref. 19. Supercell calculations with k-mesh of 4×4×4 reproduce the
benchmark results with reasonable accuracy. Right: Comparison of the (relative) ordering energies between KKR-
CPA calculations and plane wave supercell calculations. Static relaxations lead to a significant lowering of the energy
of the disordered system, which is non-uniform along the Bain path. Without taking into account atomic relaxations,
the explicit supercell description of disorder agrees well with the CPA results. Figures reprinted from [21]. Copyright
(2011) by the American Physical Society.

rocal space with 2×2×2 and 4×4×4 k-points in the full Brillouin zone, respectively. The corresponding
benchmark is shown in Fig. 5.47 (left) and consists of a comparison of the variation of the structural energy
with respect to tetragonal distortion obtained using the supercell and the primitive cell, respectively and
confirms that with a relatively inexpensive basis treating only the 3d74s1 and 4d95s1 as valence electrons in
combination with the PW91 exchange correlation functional reasonable accuracy can be obtained. The re-
sults compare well within a range of 2 meV/atom over the whole Bain path in comparison to high precision
full potential calculations obtained with the Wien2k code [520]. Furthermore, supercell calculations with
k-mesh of 4×4×4 reproduce the corresponding primitive cell results with a (relative) deviation of less than
1 meV/atom. With the smaller k-mesh, the accumulated energy difference along the Bain-path amounts
to 6 . . .8meV/atom, which can still be regarded as a reasonable compromise, keeping in mind that these
calculations are faster by a factor of eight.

As discussed above, generating a single cell with 108 randomly chosen atoms is in general not sufficient
to guarantee a perfect statistical distribution. In the present case, the fraction of Pd-Pd, Fe-Pd and Fe-Fe
nearest neighbor pairs in the sample served as a measure. For the Fe75Pd25 configuration to be used in the
further course of this study, values of 6.33 %, 56.33 % and 37.35 % were found for the three possibilities,
respectively, which compares well to the values 6.25 %, 56.25 % and 37.5 % of the perfectly random distri-
bution. Sufficient agreement was also reached with respect to the fraction of next-nearest and 3rd nearest
neighbor pairs. A further, more pragmatic verification is obtained from the comparison of the ordering
energy ∆Eord of the along the whole Bain path and compared with the results of analytical description of
disorder within the KKR-CPA scheme using the Munich SPR-KKR code developed in the group of Hubert
Ebert [102, 103]. The ordering energy is defined as the difference ∆Eord(c/a) = Edisord(c/a)−EL21(c/a)
between the disordered and L12 ordered configuration. In both cases, the atoms were placed on ideal lat-



114 Chapter 5 Magnetic shape memory alloys

tice positions as the KKR-CPA scheme does not allow for geometrical optimization. The KKR-CPA results
were obtained within the atomic sphere approximation and in addition in terms of a newly developed full
potential evaluation of the charge density. The results agree within 10 meV/atom along the Bain path; the
largest deviations are observed on the fcc side. The values obtained with the supercell approach lie in a
distance of a few meV/atom to both KKR-CPA results for all c/a ratios, confirming that a representative
distribution of the atomic species on the supercell sites was chosen for this comparison. Nevertheless, for
all calculations ∆Eord is positive, which suggests that the L12-type order should be preferred for fcc and,
correspondingly, for bcc structures and all tetragonal structures in between.

Surprisingly, this outcome changes completely if the atoms in the supercell are allowed to relax their
positions according to the interatomic forces (which, to mention this again, is not possible within the KKR-
CPA scheme). Now the energy of the disordered structure becomes at par with the L12 ordered one at the
fcc end and slips about 35meV/atom below it on the bcc side. Thus, since the disordered alloy benefits
from configurational entropy, it appears unlikely that a considerable degree of order might be achieved
in the thermodynamic limit, as the main thermodynamic driving force working in favor of the ordered
structures is absent. This is in accordance with most experimental reports on stoichiometric Fe3Pd. Indeed,
in the thermodynamic limit, Fe-rich Fe-Pd alloys are expected to decompose into bcc-Fe and L10 FePd, in
accordance with recent first-principles calculations [238]. Nevertheless, Buschow et al. noted in their large
survey of magneto-optical properties of more than 200 alloy compositions the appearance of order after
long-time annealing [521]. Thus this issue must be considered unresolved from the experimental point of
view and the appearance of partial and short-range order cannot be excluded entirely – although it appears
unlikely on the basis of the present results.

Considerable static relaxations are indeed expected when different atomic radii are associated with the
two atomic species (one 3d and one 4d element, in our case). These may indeed contribute significantly to
the energy landscape [516,517]. Similar static relaxations where also reported recently from 64 atom SQS
calculation of fcc Fe-Ni around the Invar composition by Liot and Abrikosov [522]. Here the net atomic
radii of the 3d elements are of similar size, but the effect was ascribed to different magnetic states of the
atoms.

The most striking feature of the right side of Fig. 5.47 is that the energetic contribution of these dis-
placements is not uniform and differs significantly on both sides of the Bain path. Before thinking about
the physical origin we can already draw the first conclusion that with respect to structural changes an an-
alytic descriptions of disorder like the CPA, which cannot take care of static relaxations, may not lead to
appropriate results if the effect of static displacements is comparable to the corrugation of the binding sur-
face. This is certainly the case for Fe-Pd MSM, partially disordered Heusler alloys and potentially other
transition metal systems close to a martensitic transformation.

A constant volume cross-section of the binding surface of Fe75Pd25 from a 108 atom supercell calcu-
lation is provided in the left panel of Fig. 5.48. The energies are given relative to the disordered case at
c/a = 1 (fcc) with atoms fixed at the ideal lattice positions. The latter has been used as the starting point for
the structural optimization. Afterwards the Bain path was sampled from the fcc to the bcc side, initializing
the calculation for the next c/a value with the optimized configuration of the preceding one. In a small
region close to fcc, this procedure leads to an irreversible behavior in terms of a small strain-energy hys-
teresis, which vanishes with increasing tetragonal distortion. This points out that especially in the vicinity
of the cubic austenite the elastic response might depend on the sample history. This leads to problems in
the precise determination of mechanical equilibrium properties such as elastic constants around c/a=1.
It might be worthwhile to note that a non-ergodic behavior showing a kind of memory of the deforma-
tion history is one indication of strain-glass behavior. The term strain-glass was coined in analogy to the
better known spin-glass, since similar temperature dependent anomalies are observed in the stress-strain
relation in contrast to the field-magnetization relation (like differences between field- and zero-field cooled
curves) in the conventional spin glass. Strain glass behavior is found in materials which also show – some-
times for slightly different compositions – premartensite phenomena like tweed, which is also reported
for FePd [475, 524–526]. The tweed state is then interpreted as an unfrozen disordered state – in contrast
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Figure 5.48: Total energy of relaxed and unrelaxed disordered and ordered structures of Fe75Pd25 (left) and Fe70Pd30
(right) along the Bain path. Reference for all curves is the disordered, unrelaxed fcc geometry at c/a=1. Calculations
with a mesh of 2x2x2 k-points are shown in black, with a k-mesh of 4x4x4 in blue. Relative energies are usually fine
even for a mesh of 2x2x2. All calculations were carried out for the same atomic volume (13.08 Å3/atom). For all but
two calculations the shortened c-axis has been chosen parallel to the x-axis of the fcc supercell (symbols as in Fig.
5.47). For comparison the calculation of the unrelaxed disordered structure has been repeated with the c-axis parallel
to the y-axis (downward triangles) and the y-axis (diamonds). This shows that the error due to insufficient statistics
is comparable to the error obtained with a small k-mesh (≈5. . .10 meV/atom along the Bain path). Figures reprinted
from [21]. Copyright (2011) by the American Physical Society.

Figure 5.49: Complete binding surface E(V,c/a) (left) and magnetization profile M(V,c/a) (right) of the
Fe70.4Pd29.6 alloy obtained by 108 atom supercell calculations including structural relaxations of the atoms (4×4×4
k-points). While the global minimum is found for the bct phase (close to the bcc state), no signature of a fct minimum
is encountered. Ground state magnetization and equilibrium volume stay nearly constant along the Bain path. Figures
reprinted from [21]. Copyright (2011) by the American Physical Society.

to the glass which exhibits static disorder below the glass temperature [527–529]. In the present case,
the effect is, however, small and inferior to other systematic sources of error, technical parameters as the
restricted k-mesh or the spatially inhomogeneous distribution of the atomic species across the super-cell.
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The comparison in Fig. 5.48 suggests that these inaccuracies must be expected to contribute in the order of
5. . . 10 meV/atom along the complete Bain path.

The stoichiometric composition provides firm grounds for a comparison with the ordered alloys, which
are much easier to handle. However, the technological interest is restricted mainly to compositions around
Fe70Pd30. The calculations show, in accordance with the experimental phase diagram, that the fcc struc-
ture becomes increasingly favorable with decreasing Fe-content. This trend is more pronounced for the
unrelaxed, ideal lattice. Here the energy difference between fcc and bcc, E ideal

bcc −E ideal
fcc , increases from

-10 meV/atom for Fe75Pd25 to +6 meV/atom in Fe70.4Pd29.6 as can be seen from the right panel of Fig.
5.48. For the relaxed structures, the change in binding energy, Erelaxed

bcc −Erelaxed
fcc , is decreasing accordingly

from -35 meV/atom to -24 meV/atom for Fe70.4Pd29.6. At the same time, the energy gain due to relaxation,
Erelaxed

fcc −E ideal
fcc , is considerably increased (29 meV/atom compared to 23 meV/atom in the stoichiometric

case). Furthermore, the location of the absolute minimum appears shifted slightly away from the bcc side
towards larger c/a ratios. However, the respective gain in energy is rather small compared to the techni-
cal uncertainties and rather related to the improper statistical distributions. Accordingly, later calculations
within a 500 atom cell exhibit a rather cubic ground state.

Also, the ground state spin magnetic moment depends solely on the volume per atom and is hardly
changing along the Bain path (c. f., Fig. 5.49, right). This is in nearly quantitative agreement with the
extrapolation of the experimental saturation magnetization to T =0 as shown in Fig. 5.5.2 and the concen-
tration dependent hyperfine field distribution obtained from Mößbauer experiments [530]. These indicate
a linear variation of the ground state moment with composition, which is accurately reproduced by the first
principles calculations.

All these results are obtained under the condition that the equilibrium atomic volume does not change
along the Bain path, which is a prerequisite for a thermoelastic martensitic transformation. Indeed, the
complete binding surface of Fe70.4Pd29.6, which is shown in Fig. 5.49 (left), demonstrates that the relative
variation of the equilibrium volume between the bct minimum and the fcc state at c/a = 1 is of the order
of ∆V/V = 0.75% and thus indeed comparatively small. As the variation upon tetragonal distortion is
rather smooth, the binding surface does not exhibit any features which can be related to the existence of
a fct phase. Thus, the central question emerging from this observation is, what – if not specific features
of the binding surface – is the stabilizing origin of the fct structure, which is the relevant phase for MSM
applications and found in experiment at finite temperatures. At this point it appears necessary to obtain
first a thorough understanding about the possible origin of the static displacements which are capable of
inverting the binding surface and shifting the ground state from fcc to bcc.
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5.5.3 Interplay of electronic structure and structural distortions in disordered alloys

Naturally, we do expect considerable static relaxations when different atomic radii are associated with the
two atomic species. Since we are considering an alloy of 3d and 4d elements, this is certainly the case here.
Size related relaxation may indeed lower the energy significantly, as first shown for Cu-Pd [516, 517], in a
magnitude which is comparable to thermal energies and thus to the corrugation of the ground state energy
profile in our case. Also for the case of fcc Fe-Ni around the Invar composition Liot and Abrikosov [522]
reported considerable static relaxations based on a DFT optimizations of 64 atom SQS cell. Here, the
net atomic radii of the 3d elements are of similar size and the effect was ascribed to different magnetic
states of the atoms. Although both, size effect and magnetoelastic coupling do play an important role for
Fe-Pd, it is worthwhile to focus on a third contribution, which establishes the close relation between the
disordered Fe-Pd and the phonon assisted modulations in the ordered Fe3Pt and Ni2MnGa MSM systems.
The analogy relies on the anomalous softening of the TA1 branch in [110] direction. This is also present
in the disordered Fe-Pd and Fe-Pt alloys [369, 372] and supports shear motions of atomic planes. In the
spirit of the ordered case described in Sec. 5.4.2 the anomaly can be assumed to be of electronic origin, as
well. Its smeared out manifestation, however, requires that the corresponding distortions appear on a larger,
statistically modified period. This can be motivated by the idea that the Fe-octahedra might be considered to
be statistically distributed within the bulk alloy and result finally in a rather broadened and less pronounced
anomaly. Such octahedra are characteristic for the L12 structure, but also other locally Fe-enriched cluster
configurations, which are more or less susceptible to deformations, may contribute.

In order to specify the importance of the above contributions for the final shape of the binding sur-
face, signatures of these effects must be identified at the various stages (bcc, bct, fct, fcc) along the Bain
path. Local distortions can be characterized conveniently in terms of the radial pair distribution function
g(ri − r j), which is a measure of the conditional probability (starting from lattice site i) to find another
atom at site j at the distance r = |ri − r j|:

g(r) = ∑
i, j

δ(r−|ri − r j|)
4πr2ρ

, (5.10)

where ρ is a normalizing factor representing the atomic density. Jahn-Teller like orthorhombic distortions of
Fe-octahedra show up in a threefold splitting of the nearest neighbor peak of the partial Fe-Fe distribution
function gFe−Fe(r). In a first attempt, this has been evaluated employing the same disordered 108 atom
supercell [22] and indeed, a considerable broadening of the nearest neighbor peak of gFe−Fe(r) has been
found. Its width is consistent with the spreading of the peak observed in the ordered alloy, but a clear proof
for a threefold splitting is missing, mostly because a 108 atom supercell does not provide sufficient statistics
to resolve fine features of g(r). It may also be too small to accommodate longer-ranged elastic interactions
mediated by the lattice strain fields, which may wash out characteristic distortion patterns. Therefore, the
structural optimization procedure was repeated with the VASP code within a 500 atom 5×5×5 simple
cubic supercell containing 160 Pd and 340 Fe atoms, yielding the nominal composition Fe68Pd32. Again,
the appropriate statistical distribution of the atoms was cross-checked by calculating the fraction of Pd-Pd,
Fe-Pd and Fe-Fe nearest neighbor pairs. We found probabilities of 9.77 %, 45.77 % and 44.47 % for the
three possibilities, respectively, which again agrees sufficiently well with the values of a perfectly random
distribution, which are 10.24 %, 46.24 % and 43.52 %, respectively.

The total and partial element resolved radial pair distribution function of three important stages along
the Bain path (bcc, c/a=

√

1/2, fct, c/a=0.93, and fcc ,c/a=1) obtained after relaxation of the 500
atom cell is depicted in Fig. 5.51. To improve the presentation, the δ-peaks have been smoothened by a
Gaussian distribution function with a variance of 0.01 Å2. The partial g(r) confirm once more, that the
nearest neighbor Fe-Fe peak is significantly wider compared to the mixed Fe-Pd as well as to the Pd-Pd
peak. This is true for the fcc and fct structure but not for the bcc case. More important, a threefold splitting
of the order of 0.05 Å is clearly visible. This is slightly smaller than the splitting predicted for the ordered
alloy, which originates from a Jahn-Teller-type relaxation pattern. This indicates that also in the disordered
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Figure 5.51: Pair correlation function G(r,r′) of a 500 atom supercells describing a disordered Fe-Pd alloy obtained
from ab initio structure optimizations and “simulated annealing” Monte Carlo runs with classical pair potentials.
Upper panels: G(r,r′) corresponding to the bcc (left) and fct structure (right) from ab initio calculations. Lower
panels: G(r,r′) for the fcc austenite structure(c/a = 1) from ab initio (left) and classical Monte Carlo calculations
(right).

alloy structural anomalies are present, which arise solely from interactions between Fe pairs, as shown
for ordered Fe3Pd and Fe3Pt. In close analogy to the discussion in Sec. 5.4.2 it is straight-forward to
expect that a relaxation pattern with long-range correlations lead again to a deviation from the effective
cubic symmetry of a system with averaged compositional and positional disorder, thus paving the way for
a tetragonal distortion of the lattice. In turn, the actual relaxation patterns of corresponding Fe clusters in
the disordered alloy will likely accommodate a tetragonal distortion of the lattice by changing their relative
orientation. The consequence might furthermore be a kind of memory of the sample history, corresponding
to the small hysteresis in Fig. 5.48.

For all tetragonal distortions, the Fe-Fe contribution marks the left end of the first peak in the total g(r),
while gFe−Pd(r) and gPd−Pd(r) peak at the center and at the right end. This, in turn, is owed to the different
atomic radii of the elements. It is accompanied by a large spread of 0.1 Å in the element-resolved average
nearest neighbor distances for the cubic lattice (the numbers are given together with the corresponding
values for next-nearest and third neighbors in Table 5.1). The second and third peaks are significantly
broader than the first one while the difference between the average contributions has become significantly
smaller. In contrast to the nearest neighbor case, where the Pd-Pd pairs experience the largest separation,
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r (Å) nearest next-nearest 3rd nearest
Fe-Fe 2.626 (0.092) 3.739 (0.165) 4.581 (0.112)
Fe-Pd 2.657 (0.059) 3.755 (0.126) 4.587 (0.107)
Pd-Pd 2.717 (0.049) 3.708 (0.151) 4.593 (0.099)
ideal 2.645 3.740 4.581

Table 5.1: Averages of the element resolved neighbor distances r =
∣
∣ri − r j

∣
∣ between nearest, next-nearest and

third-nearest neighbor pairs and the corresponding spacing for the ideal fcc lattice with the same lattice constant. The
numbers in parenthesis are the corresponding standard deviations. The average displacements from the initial ideal
lattice positions are 0.1764 Å (± 0.0730Å) for Fe and 0.1707 Å (± 0.0688Å) for Pd.

they are now found at closer distances than the Fe-pairs, which are on average one lattice constant apart
from each other; only the mixed contribution reflects the larger size of the Pd atoms. Interestingly, although
the Pd-Pd distances experience in both cases the largest deviations from the pair distances of the ideal
lattice, the average absolute shift of the atoms with respect to their ideal lattice positions is (slightly)
larger for the Fe-species. For the third neighbor peak, differences between the partial contributions are not
encountered and all partial contributions match the shape of the total g(r). This indicates that the atomic
size related displacements affect mainly nearest neighbor pairs and averages out over longer distances.
Still, the second neighbor peak is rather asymmetric and extends towards smaller distances. During the
transformation along the Bain path from fcc to bcc, the first and second neighbor peaks split up. Fractions
of both, i. e., four atoms of the first and two of the second neighbor peak, move closer to each other and
finally join to form the second neighbor peak of the bcc lattice. This feature can thus be interpreted as a
precursor for the onset of a tetragonal distortion, which is already present in the displacement pattern of
the cubic phase. This is verified by comparison with the g(r) of a slightly tetragonally distorted lattice with
c/a=0.93. Here, a similar asymmetry of the second neighbor peak is encountered. This is accompanied by
another satellite detaching from the third peak – which, however, is not clearly seen for fcc. The multimodal
splitting of the first peak of the partial Fe-Fe distribution function is preserved and the peak width is even
larger than in the cubic case. The latter is related to the splitting of the first neighbor peak originating from
the tetragonal distortion, which cannot be resolved due to the natural width of the peaks.

On the bcc side, the multimodal splitting of the first Fe-Fe peak has vanished while its width decreases
and becomes comparable to the mixed Fe-Pd peak. On the other hand, the spread between the pure Fe
and Pd partial contributions increases further. This indicates, that Pd takes advantage of the more open
body centered environment in order to adjust the Pd-Pd interatomic distance, which decreases only slightly
compared to fcc.

Finally, the pair correlation function of the relaxed cubic structure is compared with results obtained
from Monte Carlo structure optimization of a binary Lennard-Jones model with atomic radii chosen to
match the lattice constants of the pure metals:

VLJ = ∑
〈i> j〉NN

4ε

[(
di j

ri j

)12

−
(

di j

ri j

)6
]

. (5.11)

The access to an alternative model taking care of different atomic sizes, provides a measure to which extent
the anomalies in g(r) in the face centered cubic case should be ascribed to the size effect and which fea-
tures are genuinely related to the electronic instability. The parameters (dFeFe=2.307 Å, dPdPd=2.450 Å
and dFePd=2.441 Å and ε=0.25 eV) were selected to match the lattice constants of the elementary bulk sys-
tems as well as the observed large positive deviation from Vegard’s law at the relevant composition [252].
The binding energy parameter ε was chosen to yield a realistic Bulk modulus of about 160 GPa. The opti-
mized configuration is obtained after simulated annealing over 1.2×10−6 lattice sweeps with a continuous
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Figure 5.52: Electronic density of states of disordered Fe68Pd32 alloys obtained from 500 atom supercell calculations
carried out for different tetragonal distortions along the Bain path. The left panels refer to unrelaxed structures with
the atoms on ideal lattice positions, while the DOS for after full relaxation of the atomic positions are shown on the
right. Upper row: Face centered cubic structure (c/a=1). Center: Face centered tetragonal structure (c/a=0.97).
Bottom row: Body centered cubic structure (c/a=

√

1/2). Again, the total DOS are represented by the thick black
lines, thinner blue and brown lines refer to partial Fe and Pd contributions, respectively. For better comparison, the
minority DOS at the Fermi level of the unrelaxed disordered fcc configuration (upper left panel) is marked in all
figures by a broken horizontal line (orange color).

exponential decrease of temperature from T =100 K down to T =1 K. The technical setup is analogous
to [231, 531], however, without taking into account magnetic degrees of freedom. The peaks in g(r) ob-
tained from the Monte Carlo calculations are generally more confined than the optimized ab initio results
from both, ordered and disordered, structures. From this it is evident that a simple model according to Eq.
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(5.11) solely taking into account two different atomic radii is unable to explain the complex distribution
of inter-atomic distances induced by the static displacements from the ab initio structure optimization of
disordered Fe70Pd30 alloys.

We therefore conclude that the distortions in the face centered environment originate to a significant ex-
tent from a band Jahn-Teller mechanism and we should be able to confirm this by identifying characteristic
modifications in the electronic DOS. However, only a finely resolved DOS allows the interpretation of the
features related to a band-Jahn-Teller mechanism. Since the DOS is more susceptible to the convergence
with respect to the k-mesh than the structural quantities, it is evaluated with a mesh of 4×4×4 k-points
(instead of 2×2×2 for the structural relaxations). To achieve self-consistency imposes – apart from con-
siderable computational demands – huge requirements with respect to the main memory on the machines
and became only possibly on the specific environment of the Cray XT6m of the Center for Computational
Sciences and Simulation (CCSS) at the University of Duisburg-Essen. A comparison of the DOS with re-
spect to local lattice distortions, undistorted configurations and different tetragonal distortions is shown in
Fig. 5.52. For the face centered cubic case, the minority DOS corresponding to the unrelaxed configuration
exhibits a tiny but noticeable maximum just below the Fermi level. Through comparison with Fig. 5.46, it
is identified as the small t2g peak passing EF with decreasing Fe content, which we discussed previously as
the possible origin of a band Jahn-Teller instability. This hump moves to lower energies after optimization,
while the Fermi level comes to lie in a local minimum. Indeed, only Fe states contribute to this peak and
significant changes of the Pd partial contributions – apart from a hardly visible shift of a hybridization
hump close to EFermi – are not present after relaxation. This substantiates that the threefold multimodal
splitting of the gFe−Fe(r) originates from the band Jahn-Teller instability and is thus largely independent of
the interactions with the surrounding Pd atoms.

Further differences are found in the Fe partial DOS after relaxation. These are encountered in the
majority spin channel, where the typical fcc-type three peak structure extending from -0.5 eV down to -
3.5 eV is washed out to a large extent. This again has only minor effect on the Pd DOS, which is rather flat
below −1 eV. Significant changes in the Pd DOS, however, are found at the lower edge of the d band, which
is shifted towards the Fermi level. This is related to the different atomic radii of Fe and Pd as pointed out
for the disordered Cu75Pd25 alloy [517]: The bandwidth of 4d metals is naturally larger than for 3d metals
and thus the Pd 4d electrons dominate the lower edge of the d band, while 3d-4d hybridization drags Fe
states down. However, during relaxation, the distance between the Pd atoms increases with respect to the
overall average value, as demonstrated in Fig. 5.51. This reduces the interaction between the Pd d-electrons
and consequently the d band becomes narrower. The relaxation of the Pd atoms is larger on the bcc side,
since this is the more open structure, and thus we can also expect a larger contribution to the total energy,
here. This indicates in agreement with the above considerations that relaxation effects are dominated
by the tendency to restore the bulk elemental interatomic distance. According to this interpretation, the
relaxations are mainly emerging from the partial electronic pressure of the 4d electrons and only a fraction
can be accounted for by the band-Jahn-Teller mechanism which is only present on the fcc side and largely
independent of the other mechanism. Therefore we can conclude that it is the size related mechanism,
which is responsible for the inversion of the binding surface.

From the DOS at c/a=0.97, it becomes clear that both physical mechanisms remain active for slight
tetragonal distortions in the range of 3 % which is a typical value reported for fct MSM alloys. Especially
the density of states at the Fermi level, N(EF) hardly changes upon tetragonal distortion, neither for the
relaxed, nor the unrelaxed case. This picture changes if one proceeds along the Bain path entirely to the
bcc side. Here, indeed N(EF) of the unrelaxed lattice reduces in magnitude, comparable to the effect of
the local lattice distortions on the bcc side. However, this should not be mistaken as the consequence of a
band-Jahn Teller mechanism, since the overall shape of the DOS has entirely changed in both spin channels,
leading to completely differently structured band energy integrals. Thus, it is not possible to relate possible
gains in band energy solely to a redistribution of states in the vicinity of the Fermi level. Indeed, local
distortions lead only to a slight decrease in the absolute value of N(EF), while the distribution of states as
such in the vicinity of the Fermi level remains practically unchanged.
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Figure 5.53: Top: Film tetragonality c/a obtained
after growth on various substrate materials used in
Refs. 532 and 24, exhibiting different lattice spacing
dsubstrate. The volume per atom remains nearly constant
in the films. Bottom: Total energy of relaxed and
unrelaxed disordered Fe68Pd32 for tetragonal distortions
along the Bain path and beyond obtained with a 500
atoms supercell. The data points are connected by a
polynomial fit. Reference for all curves is again the
disordered, unrelaxed fcc geometry at c/a=1 with
atoms fixed to the ideal lattice positions. The tetragonal
axis c is parallel to the x-axis of the fcc supercell. For
two cases (filled blue and open green triangle), the
distortion has been applies to z-axis and y-axis of the
undistorted fcc cell in order to assess the finite size error
due to an inhomogeneous statistical distribution. The
corresponding inaccuracy is in the order of 2 meV/atom
along the Bain path and thus not exceeding other typical
sources of errors. Figure adapted from [24]. Copyright
(2011) by the American Physical Society.

Figure 5.54: View on the tetragonal simulation cell
(c/a=1.12, 500 atoms) obtained after structural
relaxations in direction of the elongated c-axis.
During the optimization process a twinned mi-
crostructure has emerged introducing two twin
boundaries oriented in [110] direction. To improve
visibility, the simulation cell is duplicated in a and b
directions. Fe atoms are shown as blue spheres, Pd
atoms in yellow. The twin boundaries are indicated
by broken red lines. Figure as published in [18].
Copyright (2014) WILEY-VCH Verlag GmbH &
Co. KGaA, Weinheim.
For a detailed animation which visualizes the
consecutive deformation and relaxation procedure
from which this structure evolves, see:

http://www.thp.uni-due.de/~me/Movies/AdaptiveTwinning.mpg

5.5.4 Straining beyond the Bain path: Adaptive twinning in Fe-Pd

The last section has demonstrated that large supercells containing 500 atoms are necessary to understand
the structural relaxation processes which determine the binding surface and thus the stability of phases in
Fe-Pd MSM alloys. Therefore, the previously introduced calculations for the 500 atom Fe68Pd32 supercell
were carried out for other tetragonal distortion along the Bain path and even beyond. The results obtained
for both, the ideal lattice and the relaxed system, corroborate the compositional trend previously obtained
for the 108 atom supercell. The energy difference between the bct ground state and the fcc martensite at
c/a=1 amounts to 14 meV/atom, only. This explains the successful epitaxial growth of thin strained Fe-Pd
films on substrates taking advantage of various buffer layers in order to introduce tetragonal distortions

http://www.thp.uni-due.de/~me/Movies/AdaptiveTwinning.mpg
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Figure 5.55: Verification of the coherent epitaxial growth and probing of relaxation mechanisms of Fe70Pd30 films
on a Cu (100) substrate with (a) 40 nm, (b) 300 nm and (c) 2 µm thickness. The fourfold symmetry of the (111) pole
figure at Ψ=57◦ of the 40 nm and 300 nm thick film indicate epitaxial growth while the satellites correspond to a
relaxation process perpendicular to the substrate normal. In 2000 nm thick films these peaks disappear and a (211)
fiber texture is visible which is consistent with conventional deformation twinning. The samples were produced
in the group of Sebastian Fähler, IFW Dresden. The measurements were carried out by Sandra Kauffmann-Weiß.
Figure reprinted from [24]. Copyright (2011) by the American Physical Society.

spanning nearly the complete Bain path, which was shown by the seminal experiment of Buschbeck et

al. [532]. This implies a relative distortion of enormous 40 % in contrast to values about 4 to 5 % which
are obtained in usual growth experiments.

The direct question emerging from this observation is, whether the ends of the transformation path
set up the limits of epitaxial growth, or whether it might also be possible beyond. For our total energy
calculations this translates to the question, how far the flat shape of the binding surface extends if one
crosses the boundaries of the classical Bain path marked by the cubic bcc and fcc lattices. The answer is
given in Fig. 5.53. For tetragonal distortions beyond bcc, both relaxed and unrelaxed binding curves exhibit
a marked increase indicating the termination of the flat region here. This, however, is different on the fcc
side, where the tetragonal c axis becomes longer than the in plane a and b axes. Such strains become again
increasingly unfavorable for the ideal lattice, in a similar fashion as at the bcc end, but the binding curve of
the fully relaxed system stays remarkably flat up to distortions of 10 % and larger. In addition, a shallow
minimum is encountered around c/a=1.08, which deserves further explanation. A close inspection of the
lattice configuration reveals that the configurations close to the minimum are characterized by a distinctive
twin structure as depicted in Fig. 5.5.4. The twin interfaces are sharp on the atomic scale and form along the
[101] planes of the tetragonal building blocks, likewise to the adaptive 14M structure of Ni2MnGa [426].
The twins appear in the calculations autonomously during the successive deformation-relaxation process
– without any kind of initialization. As the deformation steps are small (in the range of one percent) and
the structural relaxation is an energetic downhill process, this indicates the absence of a significant energy
barrier associated with the introduction of the twin interfaces.

These calculations accompanied recent experiments carried out by Sandra Kaufmann-Weiß in the group
of Sebastian Fähler at IFW Dresden [24]. This effort extended the prior investigation by Buschbeck and
coworkers [532], which was carried out on epitaxial Fe70Pd30 films grown on a MgO substrate. Through
the variation of the material of the intermediate buffer layer, from Au to Ir, epitaxial growth conditions with
fixed in-plane lattice constants have been achieved in thin films. Conservation of the atomic volume forces
the out-of-plane lattice constant to vary accordingly, thus leading to tetragonal structures covering nearly
the entire Bain path. These constitute intermediate transformation stages which can be investigated as a
function of temperature regardless of their lacking thermodynamic stability as a bulk phase. The respective
investigations covered apart from structural questions, in particular magnetic properties, as magnetization,
magnetic transformation temperature, and magnetocrystalline anisotropy. The consecutive work of Sandra
Kaufmann-Weiß addressed likewise questions after introducing a Cu buffer layer which induces an in-
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Figure 5.56: Contour plot of the radial pair dis-
tribution function g(r,c/a|box) as a function of the
interatomic distance r and the tetragonal distortion
c/a|box obtained from relaxations of the 500 atom
supercell. Tetragonal distortions not present in Fig.
5.53 were interpolated with cubic splines. The
solid lines refer to the neighbor distances of an
ideal tetragonal structure without lattice relaxations
(c/a|twin=c/a|box). This is an appropriate descrip-
tion for c/a|box<1, but fails beyond the Bain path.
Instead, g(r,c/a|box) is better described assuming
a relaxed nanotwinned structure (dotted lines) with
c/a|twin according to Eq. (5.12). The opacity of the
lines corresponds to the number of neighbor pairs in
the coordination shell. Figure reprinted from [24].
Copyright (2011) by the American Physical Society.

plane lattice constant which is considerably shorter than the bulk value of Fe70Pd30 and thus causes a
tetragonal distortion extending the Bain path far beyond fcc. The experimental X-ray diffraction pattern
shows four clear peaks in the (111) pole figure, confirming the epitaxial growth of the thin Fe-Pd film on
the Cu buffer. Taking into account the lattice parameter of the Cu buffer, this implies that a tetragonal
distortion of c/a=1.09 in the film [23–25]. For film thicknesses around 300 nm and below, the pole
figure (see an example for a 40 nm thin film in Fig. 5.55) exhibits a fourfold symmetry with four sharp
peaks located at an inclination angle of Ψ=57◦, which confirms a very good epitaxial growth of the film.
These peaks were accompanied by small but clearly visible azimuthal satellites. These indicate a rotational
motion of the atoms perpendicular to the substrate normal. Such a relaxation process is neither compatible
with the presence of usual stress relaxation mechanisms like misfit dislocations or deformation twinning
(which are observed for larger thicknesses, however) but with the evolution of nanotwinned regions in
parts of the sample. This has been confirmed by comparison with simulated (111) pole figures of twinned
configurations [23]. As indicated in Fig. 5.5.4, the c′ and a′ axes of the twins arrange apart from a small
angular deviation largely parallel to the (100) and (010) axis (or, respectively, a and b=a) of the simulation
cell while the third axis, b′ remains parallel to c, i.e., (001). Since c′<a<a′, this induces displacements,
which are mainly taking place mainly along the Cartesian axes, as reported previously for the bulk alloy
[515]. Along the twin interfaces the relaxation pattern is rotated by roughly 90◦, as c′ and a′ change
their orientation. The displacement pattern of the atoms close to the interface can thus be interpreted as a
rotational motion perpendicular to the a-b plane, which will be visible in the diffraction analysis, if the twin
density is sufficiently high. It is important to note at this point, that the shear along [110] planes involving
atomic motion in [100] directions is absolutely consistent with the softening of the transversal acoustic
phonon in [110] direction with TA1 polarization. The analogy to the phonon induced modulations in
Ni2MnGa – these involve atomic displacements along [110] according to the TA2 polarization of this mode
– imply a similar physical origin of both phenomena. Since these play the decisive role for the formation of
a nanotwinned microstructure, which – as laid out in detail in Sec. 5.2.3 – is responsible for the formation
of highly mobile twin interfaces, we may conclude that the propensity to form a nanotwinned structure
should be regarded as one central ingredient of a high-performance magnetic shape memory system across
all materials classes.

In order to give a quantitative account on this issue, we need to resolve the structure of the twins
themselves in detail. Again, the radial pair distribution function g(r) turns out to be a valuable tool for this
purpose. In the following, we introduce labels twin and box to distinguish between the (mesoscopic) lattice
parameters of the simulation box and the (microscopic) structure of the building blocks of the twins filling
the box. Fig. 5.56 contains a three dimensional representation of the pair distribution function g(r,c/a|box),
which depends on the interatomic distance r and the tetragonal distortion c/a|box. It was obtained from the
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Figure 5.58: Sketch of the twin
structure inscribed in the a-b plane
of the simulation box. Dashed lines
denote twin boundaries, green lines
the a-axis, blue lines the c-axis of the
twin. Please note, that in oder to im-
prove clarity, the figure is drawn for an
extreme distortion of c/a|twin = 0.5.

optimized configurations ranging from c/a|box=0.68 up to c/a|box=1.16. This smooth representation is
obtained from a polynomial interpolation of the g(r) with respect to all existing data points in Fig. 5.53.
The resulting pattern fits well to a single domain tetragonal structure below c/a|box=1, but not above.
This is indicated by the solid dark green lines, which correspond to the first to sixth neighbor distances
in an ideal unrelaxed tetragonal structure. The lines coincide with the maxima in g(r) in the lower part,
but for c/a|box>1, the discrepancies become large as the third-neighbors-line enters a deep minimum.
Instead, the features of g(r) appear similar on both sides of the fcc structure when we introduce a kind
of an approximate mirror plane close to c/a|box=1. This already yields a first glance indication that the
supercell for c/a|box>1 effectively contains tetragonal building blocks similar to the structures found for
c/a|box<1. We will quantify this below.

Assuming an infinitely sharp twin boundary between perfectly tetragonal structure twins, one arrives
by simple geometric considerations at the

condition that the simulation box should contain (at least) two twins of equal extension (minimizing
the twin interface area), as depicted in Fig. 5.58. The simulation box used in the DFT calculation is 5-fold
extended along each Cartesian axis (compared to two-fold in Fig. 5.58). This results in a widening of
the twin bands without affecting the geometry. From Fig. 5.58, one can directly obtain a simple relation
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Figure 5.59: Electronic density of states of disordered Fe68Pd32 alloys obtained from 500 atom supercell calculations
carried out for unrelaxed structures with the atoms on ideal lattice positions (left) and after full relaxation of the
atomic positions (center) both with a tetragonal distortion of c/a=1.12 in comparison to relaxed bct Fe68Pd32 with
c/a=0.86 (right). Symbols and colors as in Fig. 5.52.
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Introducing this relation between the box and twins in g(r) for c/a|box>1 yields a much better agreement,
as shown by the dotted lines in Fig. 5.56.

As it is easily visible from Fig. 5.58, this mapping induces a certain mismatch between the untwinned
and the twinned lattice, inducing an offset of atoms at the boundary of the box, ∆x, given by:

∆x =
afcc√

2

(

1− c

a

∣
∣
∣
twin

)2
+O

((

1− c
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∣
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box

)3
)

. (5.13)

The mismatch ∆x occurs only in second order in (1− c/a|box). For c/a|box = 1.09 we obtain a deviation of
1.7 % of the fcc lattice constant (0.064 Å), which is clearly superseded by the static displacements listed in
Table 5.1. Thus for small tetragonal distortions the epitaxial relation between substrate and twinned struc-
ture is sufficiently well described by Eq. (5.12), which becomes exact when approaching the austenite at
c/a=1. A larger mismatch ∆x may finally lead to an orthorhombic or monoclinic deformation of the twins
and also a finite extension of the twin interface which both deteriorate the corresponding pair distribution
function.

The combination of Eq. (5.12) and the smooth extension of g(r) to three dimensions as a function of
c/a|box, shown in Fig. 5.56, allow for an independent confirmation of the presence of tetragonal twins from
the simulation data in terms of a least mean square comparison to the best fitting g(r,c/a) at c/a|box<1.
The results agree reasonably well up to c/a|box=1.1 confirming that the condition of tetragonal twins and
a sharp twin interface is sufficiently fulfilled in the simulation.

In analogy to the similarity of the DOS of the adaptive (52)2 and (32)2 phases of Ni2MnGa with the
non-modulated L10 martensite (Fig. 5.21, left side in Sec. 5.2.4) the correspondence between the twinned
structure obtained for a box shape c/abox>1 and its pure building blocks obtained for c/abox<1 should
likewise show up in the electronic structure of nanotwinned Fe-Pd. This is verified by a comparison of
the electronic DOS obtained for c/abox=1.12 – for the ideal lattice as well as for the relaxed positions –
with the DOS of a single crystalline bct lattice with c/a=0.86, which is close to the value obtained for
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the building blocks of the twinned structure obtained by the least mean square fit and Eq. (5.12). The
total and partial DOS shown in Fig. 5.59 looks similar for all three cases in the minority spin channel.
This is consistent with the present interpretation since the shape of the minority spin DOS does not vary
considerably along the whole Bain path, either, as already shown by Fig. 5.52. On the other hand, the
majority spin DOS for c/abox=1.12 shows characteristic changes upon relaxation of the atomic positions.
The most remarkable is the emergence of a dip around −2.5eV. As discussed before, a pseudo-gap like
dip in the middle of the d-band is a typical feature of transition metals in a body centered environment.
It emerges gradually on the transition along the Bain path from fcc to bcc and is already clearly visible
in the DOS at c/a=0.86. Other features of the majority spin DOS of the twinned system agree as well,
including the position of the maxima close to −1eV, −3eV and −5eV. This agreement is not encountered
when considering the ideal atomic configuration with c/a=1.12.

Possessing a validated relation between the simulation box and the building blocks of the twinned
structure given by Eq. (5.12), it is now straight-forward to calculate the twin formation energy γtwin, which
is defined by the energy difference between the twinned and corresponding untwinned configurations as a
function of c/a, as given by the difference between the dashed and solid red line in Fig. 5.53. From this
one immediately obtains the defect energy of the twin boundary as a function of the tetragonality of the
twins, γtwin, which plays an essential role for the formation of a spatially extended adaptive nanostructure
(cf. Sec. 5.2.3):

γtwin = (E(c/a|box)−E(c/a|twin)) /ATB . (5.14)

Here, ATB refers to the area of the twin interface. Its value is fixed by the condition that the twin boundary
extends along the entire face diagonal of the a-b plane and that the box necessarily contains two of these
interfaces in order to match the periodic boundary conditions. Fig. 5.57 indicates that twin boundary
formation energy γtwin is vanishingly for small tetragonal distortions of the twins with c/a|twin>0.94. The
slightly negative values of γtwin found in this range are related to the shift of the saddle point of E to c/a

ratios slightly smaller than one. Since the numerical uncertainty of this approach must be considered in the
range of a few meV/Å2, which is clearly exceeding the magnitude of this feature, a physical interpretation of
the presence of negative values for γtwin may be misleading. For c/a|twin<0.94, γtwin is steadily increasing.
The relationship is approximately quadratic as expected from elastic theory. Deviations, however, arise
since the lattice parameters of the twins do not follow the ideal relationship given by Eq. (5.12) for large
distortions. The discrepancy may be compensated by distortions close to the interface being distributed
over more than just one interfacial layer or a reduction of γtwin can be achieved by a more or less uniform
(orthorhombic or monoclinic) distortion of the twins.

As discussed in depth in Sec. 5.2.3, a low value of γtwin is according to Khachaturyan’s model [424]
the essential prerequisite for the formation of macroscopically extended adaptive nanostructures, which we
consider responsible for the presence of highly mobile functional twin boundaries. Again, disordered Fe-Pd
stands here in line with the archetypical magnetic shape memory system Ni2MnGa and even conventional
NiTi [336]. In this light, the aforementioned [110] phonon anomaly might be interpreted as a strong
indication for a nanotwinned configuration fostering high twin mobility since the corresponding shear
decreases the formation energy of the twin defect, while the atomic shuffle supports the formation of the
nanotwinned configurations in both cases.

5.5.5 Magneto-elastic coupling and phase stability in disordered Fe-Pd

Continuing with the analogy to Ni2MnGa, we should now ask for the physical process finally stabilizing
the cubic Fe-Pd austenite.

The stable phonons of magnetically excited ferrimagnetic Fe3Pt (see Fig. 5.42 in Sec. 5.4.3) gave a
clear indication that for the ordered alloys magnetic excitations are responsible for the stabilization of the
austenite at finite temperatures. The origin is a pronounced magneto-elastic coupling mechanism that at
the same time suppresses the anomalous phonon softening, which supports kinetically the formation of
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Figure 5.60: Total energy as a function
of tetragonal distortion of Fe68Pd32 at dif-
ferent values of the magnetization. The
black squares refer to the ferromagnetic
case after optimization of the atomic po-
sitions as shown Fig. 5.53; for compari-
son the unrelaxed ferromagnetic results are
added as grey diamonds. The blue and
the red squares refer to ferrimagnetic con-
figurations which represent finite tempera-
ture states. Here, 25 (blue) and 50 (red)
of the 340 Fe-atoms in the 500 atom su-
percell were initialized with inverted mag-
netic orientation yielding fractions of 84 %
and 68 % of the saturation magnetization,
respectively. The orientation of the in-
verted spins remained largely stable along
the Bain path. Figure reprinted from
[18]. Copyright (2014) WILEY-VCH Ver-
lag GmbH & Co. KGaA, Weinheim.

nanotwinned adaptive structures. Thus, the natural way to proceed is to probe how finite temperature
magnetism affects the defect energy and the stability of the nanotwinned structures.

Unlike in Ni2MnGa, the fixed spin moment method is not applicable for the ferrous alloys. In Ni2MnGa
the structural instability of the austenite arises from two-fold degenerate eg states close to the Fermi level
belonging to the induced Ni moments, which may be represented by the FSM approach in a Stoner-like
fashion. In Fe70Pd30 solely the Fe states are responsible for the band-Jahn Teller instability, whereas Fe-
moments must be considered – like the Mn-moments in Ni2MnGa – of predominately localized nature.
As a further technical difficulty, constraining the total moment of the 500 atom simulation cell does not
necessarily result in a coherent average magnetization of all Fe atoms. Thus a more realistic representation
of finite temperature magnetism is required. The straight-forward solution is to select a fraction of Fe atoms
randomly and invert their magnetic moments during the initialization of the system. Since the calculations
are carried out with a collinear description of magnetism, i. e., the spin being a good quantum number,
spontaneous spin flips are unlikely and occur indeed only in a few cases for the samples with a large number
of flipped spins. In analogy to the SQS, this scheme may be improved by generating representative finite
temperature magnetic configuration within a Monte-Carlo scheme using magnetic exchange parameters
from ab initio calculations. This has not been attempted, yet, and is left open for future work.

In the present case, a random choice 25 and 50 of the 340 Fe-atoms in the 500 atom supercell were
initialized with inverted magnetic orientation yielding fractions of 84 % and 68 % of the saturation mag-
netization, M0 respectively. The distribution of the inverted spins was kept the same all for all tetragonal
distortions c/a and the volume was fixed to the value of the ferromagnetic ground state. In this way, energy
profiles comparable to those in Fig. 5.53 were obtained. The results are shown in Fig. 5.60 and exhibit
indeed strong magnetoelastic coupling over the entire Bain path. Already at M=0.84M0, the bcc mini-
mum has vanished, yielding an astonishingly flat energy profile along the entire Bain path. The landscape
remains practically flat also beyond c/a|box>1, starting to increase beyond c/a|box>1.06. This indicates
that the twin boundary energy between fct variants is still very low at enhanced temperatures. Decreasing
the magnetization further, eventually leads to a stable austenite minimum, as clearly shown by the data
for M=0.68M0. Accordingly, in reverse, a first effort to model the free energy along the Bain path from
first-principles without considering magnetic excitations carried out by S. G. Mayr [518] did not yield a
significant temperature dependence of the free energy profile below T =400 K and can thus not motivate a
martensitic transition at a realistic transformation temperature. This demonstrates, that – similar to the case
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of Ni2MnGa – finite temperature magnetism in combination with a strong magnetostructural coupling may
be regarded responsible for the stabilization of Fe-Pd austenite phase at ambient conditions.

However, it is important to point out that the energy profiles obtained at constant magnetization can-
not be interpreted as the free energy at constant temperature, since the entropy contributions associated
with finite temperature magnetic excitations are missing. As we argue below, these cannot be assumed
independent of structure and composition.

Unlike the ground state magnetic moment, which increases linearly with the Fe-content, the com-
positional variation of the Curie temperature exhibits a strong maximum around the equiatomic compo-
sition (see Fig. 5.61). The shape of the curve is asymmetric, it decreases more quickly at the Fe-rich
side and reaches zero at finite Fe-content. This is consistent with the assumption of an antiferromagnetic
ground state in hypothetical fcc-Fe which is supported by DFT calculations and experimental observations
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(e. g., [163, 534]). One common approach to model such a situation is by means of an effective localized
spin model (Ising- or Heisenberg-type) with competing antiferromagnetic exchange parameters. These are
predominately effective between pairs of Fe-atoms and may thus cause an significant decrease of TC on the
Fe-rich side culminating in an antiferromagnetic solution for pure fcc Fe in agreement with experiment.
Such a description with parameters obtained by an empirical fit to experimental data has been popular in
modeling the magnetic phase diagram of Fe-Ni Invar alloys [530,531,535–538]. However, the interatomic
exchange parameters calculated from first principles within the KKR-CPA scheme [102, 103] using the
approach of Liechtenstein [533], however, do not support the existence of significantly large competing
exchange parameters favoring antiferromagnetic order in Fe70Pd30 alloys (Fig. 5.62).

On the other side, pure bcc Fe is a ferromagnet with a rather large Curie temperature of 1043 K. This
raises the expectation that the bcc phase of Fe-rich Fe-Pd alloys possesses an intrinsically much larger affin-
ity for ferromagnetic order with a larger Curie temperature. Values in between, however, are hard to obtain
because the transformation temperature between the body centered martensite and the fcc austenite lies
below the magnetic transition temperature of the martensite and above the one of the austenite. However,
the aforementioned experiments with epitaxial Fe70Pd30 thin films grown on different substrates thereby
covering nearly the complete Bain path from fcc to bcc [532] indicate that the Curie temperature indeed
increases significantly when increasing tetragonality along the Bain path (c.f. Fig. 5.63). And, again, this
behavior is fully consistent with theoretical expectations from DFT calculations. Thus, magnetic entropy
certainly varies along the Bain path at a given temperature. And the flat energy landscape obtained at
constant magnetization M/M0=0.84 does not reflect the inner energy at constant temperatures, since the
magnetization at constant T varies significantly along the Bain path. Thus, one may speculate that mag-
netic entropy may then under certain circumstances stabilize a tetragonal minimum between fcc and bcc
along the Bain path. Another factor in favor of a dynamic stabilization of the fct phase could originate from
the Invar-specific softening of the alloys at finite temperature (e. g., [239]) on the fcc side, which again is
ascribed to the interplay of magnetic and elastic degrees of freedom.

Finally, it is worthwhile to point out, that the comparison of experimental results and theoretical mean
field data in Fig. 5.63 yields another indirect proof of the presence of a nanotwinned structure in strained
epitaxial films with c/a>1. Here, the experimental TC exceeds significantly the mean field prediction
obtained for the undistorted coherently strained lattice. In turn, the projection of the results obtained for
c/a<1 according to Eq. (5.12) yields again a reasonable agreement.
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5.6 Ternary Fe-Pd: Engineering improved MSM alloys

From the application point of view, it is desirable to cast the fundamental considerations of the previous
section into concrete design rules for improved MSM materials. For Fe-Pd alloys, the major issue is still to
extend the operating range. First, one must shift the transformation temperature of the thermoelastic fcc-fct
transformation considerably above room temperature. At the same time, the irreversible transformation to
the bcc ground state should be suppressed, as this would kill the device. The comparison of the phonon
assisted displacement patterns in the ordered and disordered alloys suggests that the fcc-fct instability
related to the band Jahn-Teller distortions is originating from the highest lying electronic states of clusters
of Fe atoms present in the statistical distribution of elements. In consequence, the thermoelastic transition
is in first line determined by the Fe content. On the other hand, we need a flat energy landscape, thus a
suitable e/a ratio must be maintained to keep the alloy close to the martensitic instability.

In a binary system, both quantities, e/a and Fe-concentration, are directly related. This is not the
case in a ternary alloy system, which possesses another compositional variable and this allows to treat
e/a and Fe-content independently. One further has the possibility to consider magnetic elements (ferro-
and antiferromagnetic), which can alter the magnetoelastic coupling responsible for the stabilization of the
austenite as well as non-transition metal elements.

The strategy to improve the properties of Fe70Pd30 by forming ternary alloys has inspired a number
of experimental investigations on various systems over the years. The importance of the valence electron
concentration as a central parameter has been noticed early. Tsuchiya et al. [539] characterized the influ-
ence of Co and Ni on the transition temperatures of ternary Fe-Pd alloys in terms of e/a as later on also
Vokoun et al. [540] and Sanchez-Alarcos et al. [541, 542]. However, their work did not yield a uniform
relation between impurity concentration and thermoelastic transformation temperature. Further investiga-
tions were for instance concerned with the structural mapping of the ternary Fe-Pd-Ga system and detailed
transmission electron microscopy investigation on Fe-Pd-Rh samples [543–546].

The first systematic theoretical attempt to predict suitable ternary compositions on the basis of DFT
calculations was made by Opahle et al. [462]. In addition to their fundamental discussion of the band Jahn-
Teller effect leading the formation of the fct phase already summarized in Sec. 5.5.1, the authors pointed
out that increasing the minority spin DOS at the Fermi level should destabilize the fcc austenite and thus
lead to a premature formation of the fct martensite (i. e., at higher temperatures). Consequently, Opahle
et al. proposed to optimize the Fe-content, and indeed the comparison of experimental transformation
temperatures of Ni, Co and Pt enriched Fe-Pd suggests that a direct link to the Fe-content can be established.
Increasing the Fe-content decreases e/a and thus also stabilizes the body centered phase. This, however,
fosters the undesired irreversible transformation from fct to bcc. Therefore, the authors looked for a third
element, which enhance the DOS at the Fermi level potentially making the fcc phase more susceptible
to the band Jahn-Teller instability. An extensive comparison of changes in the DOS at the Fermi level
throughout large portions of the transition metal series lead Opahle and coworkers in particular to W, Au,
and Pt as promising impurities [462].

From the discussion in Sec. 5.5.1 we arrive at a similar strategy to increase the transformation tem-
perature between the fcc and the fct phase through bringing the Fe-content as close as possible to 80 at-%
which shifts the antibonding minority spin Fe peak close to EF and destabilizes the austenite in this way.
As a side effect, this increases the stability range of the bcc phase, such that the fcc-bcc transformation
occurs at higher temperatures, before the band Jahn-Teller instability might take effect. Thus, one must
simultaneously destabilize the bcc structure, possibly by substituting Pd with suitable elements, e. g., those
that raise e/a, as Cu.

Indeed, a recent high-throughput characterization of combinatorial ternary thin film libraries involving
Cu as third element strongly supports this view [26, 27]. As shown in Fig. 5.64, a characterization in
terms of e/a or the Fe-content makes a significant difference, here. Raking together the ternary data with
old literature values for the binary system a nearly perfect proportional correspondence is only encountered
between the fct-fct transformation temperature and the Fe-content but not with respect to e/a. Unfortunately,
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Figure 5.64: Three dimensional view of the experimental martensite start temperatures, Ms, of ternary Fe-Pd-Cu as
a function of e/a and the relative Fe-content. The Cu content is specified by the color coding. Binary compositions are
indicated by black symbols. The data were obtained in high throughput measurements on thin film libraries (circles)
carried out by Sven Hamann at Ruhr-University Bochum (group of Alfred Ludwig) and bulk splat samples (diamonds)
produced by Iris Kock at University of Göttingen (group S. G. Mayr). For comparison, literature data for binary
alloys are included as well: Open squares refer to bulk data [322], filled triangles to thin film experiments [547].
For clarity, only projections of the 3D data onto three different planes are depicted in the main diagram on the left.
An impression of the distribution of the data points in space can be obtained from the small diagram on the right.
The black lines visualize the general compositional trends. The compositional borderlines beyond which the more
Cu-rich single phase solid solutions have found to decompose are indicated by dotted lines in red. Figure reprinted
from 27. Copyright (2010), with permission from Elsevier.

Cu is not well soluble in the Fe-Pd system, such that only fractions of up to 4% can be introduced without
provoking micro-segregations, which are difficult to detect by conventional X-ray analysis. Therefore,
the highest Fe-content realized was 72 at-% which was showing a martensite start temperature of roughly
360 K. This is considerably above room temperature as requested, however, obtained in a thin film setup.
Thus the sample is subject to strains related to the presence of a substrate which lead to a systematic shift
of the transformation. The general compositional trend, however, can be regarded as robust. Thus, Fe-
Pd-Cu is a hot candidate for a state-of-the-art MSM system. Epitaxial films containing a few percent of
Cu furthermore exhibit the same ability to form nanotwinning, while the relevant magnetic properties are
not affected adversely [25]. Since the amount of Cu in the films is limited, for a commercially relevant
system one has to find further ways of improvements which potentially require to take into account a fourth
component.

We learned from Sec. 5.5.3 that the band Jahn-Teller instability can directly induce local relaxation
processes within the cubic phase. Thus, a look at the energy gain from relaxation processes provides a
complementary approach to monitor the effect of third elements on the binding surface in the vicinity of
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the austenite due to electronic instabilities. This was done systematically by comparing impurity elements
belonging to the second half of the 3d transition metal series plus Pt, Ga, and Ge.

The respective trend is shown in Fig. 5.65 in terms of the energy difference between the ideal lattice
and fully relaxed atom positions for a cubic supercell containing 108 atoms (76 Fe, 27 Pd, and 5 of the
third element) using the VASP code in the same fashion as described in Ref. 21. The cell volume and
the distribution of the atoms was kept constant and consequently in all cases the same five atoms were
exchanged, which minimizes the systematic statistical finite size errors. Fig. 5.65 distinguishes between
elements which possess a rather localized spin moment (Cr, Mn, Fe, Co and Ni), an induced moment (Pd
and Pt) or no significant spin polarization at all (Cu, Zn, Ga, and Ge). The elements of the first group
may couple ferromagnetic to the Fe-Pd matrix (as Fe, Co, and Ni) or anti-ferromagnetic (Cr and Mn).
For Fe we considered additionally an anti-parallel alignment of five Fe atoms embedded in an otherwise
ferromagnetic Fe-Pd matrix, in analogy to the approach followed in preceding section.

The magnitude of relaxation is not affected considerably if the late 3d elements (Fe, Co, Ni, and Cu)
are exchanged against each other. The contribution from relaxation increases significantly, however, if the
additional elements carry local moments that are arranged anti-parallel to the Fe-Pd matrix. This is in
agreement with the aforementioned relaxation effects found by Liot and Abrikosov in Fe-Ni Invar [522].
A considerable effect is furthermore achieved, if the additional element is considerably larger than the
components of the matrix, which is the case for Pt, or a main group element as Ga and Ge. In the latter
case, the relaxations may be influenced, apart from an atomic size effects, also from directional sp-type
bonding.

Another important aspect is the temperature of the fcc-to-bcc phase transformation which is related to
the relative stability of the body centered ground state with respect to the austenite phase. Again, we use
DFT total energy calculations of the same atomic configurations to indentify primary trends of how E(c/a)
changes under variation of the third component X . This is demonstrated in Figure 5.66 at the example of
X=Mn,Cu,Ge [21,23,26]. It is obvious that – apart from details which are close to the accuracy limit of the
present calculations – the energy landscape along the Bain path for all ternary system looks rather similar.
The most significant difference to ferromagnetic binary Fe75Pd25 is that the energy landscape becomes
flatter. The energy of the fcc austenite decreases uniformly by about 12 . . .14 meV/atom with respect to
the bcc ground state, which is again the same change as obtained from a 5% reduction of the Fe-content
in the binary alloy. This applies to Mn as well as to Cu and Ge. Another stunning observation is that also
the reversal of five Fe spins yields a significantly flatter energy profile along the Bain path compared to the
ferromagnetic case. The result is – again within the accuracy limit of our calculations – identical to the
addition of Mn.

Again the comparison of the electronic density of states between different ternary systems offers an
explanation for this striking similarity. In Fig. 5.67 we concentrate again on the case, where five Fe atoms
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are replaced by Cu, Fe and Mn, the latter two with reversed spin moments. Elements with reversed moments
act similar on the minority channel on the host as elements at the end of the transition metal series: Minority
and majority spin states are exchanged with respect to the polarization of the host, which offers a full d-
channel to the occupied minority spin orbitals of the host. This increases the partial minority spin valence
electron concentration and - - as discussed in Sec. 5.5.1 – fills up the remainders of the pseudo-gap at
the Fermi level (see also Ref. 548 for elemental bcc iron) which we consider as a destabilizing process
specific for the bcc structure. The impurity states residing at the d-band center hybridize less effectively
with the remaining Fe states and are thus rather confined. This leads to the characteristic enhancement of
the minority spin DOS at -2.5 eV and a slight decrease below the Fermi level around -1 eV in combination
with a reduction of the (unoccupied) anti-bonding peak at +2 eV. These observations are in good agreement
with the changes in the DOS arising from finite temperature magnetic excitations in the disordered Fe3Pd
Invar alloy as previously modeled within the disordered local moment approach [459].

In Fig. 5.67 we consequently find that the minority spin density of states for the ternary systems are
rather similar, while larger differences to the case of “pure” ferromagnetic Fe75Pd25 persist. This is different
for the majority spin channel. Here, the atoms with antiparallel alignment contribute in the vicinity of the
Fermi level leading to larger discrepancies in the shape of the DOS. Relaxation does not diminish this
accumulation of states at the Fermi level in the majority channel for the antiferromagnetic admixtures.
This excludes that a majority spin band-Jahn-Teller mechanism is responsible for the enhanced energy gain
from displacive disorder (which is encountered along the entire Bain path) in Fe-Pd-Mn as compared to
Fe-Pd-Cu. On the other hand, a redistribution of anti-bonding majority spin electrons to non-bonding states
in the minority spin channel is regarded at the heart of the Invar anomaly, i. e. the (over-)compensation of
thermal expansion commonly observed in ferrous alloys with Ni-group elements [456]. Thus, once again,
we are lead to the conclusion that changes to the majority spin channel are not of similar importance for
the structural stability.

As pointed out in Sec. 5.5.5, flipped Fe-spins represent rather an excited finite temperature configura-
tion; they are – as opposed to antiparallel Mn-spins – not present in the ground state. However, impurities
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the ternary alloys Fe70.4Pd25X4.6 with
X=Fe,Mn,Cu,Ge,Pd. All ternary configu-
rations are decrease the slope of E(c/a)
and its shape becomes similar to the pure
ferromagnetic case Fe70.4Pd29.6. A likewise
result is obtained for Fe75Pd25 with magnetic
excitations (five flipped Fe spins). Mn moments
were found to couple antiferromagnetic to
the surrounding Fe-Pd matrix. For X=Fe
both spin configurations are (meta-) stable.
Technical details as described in Ref. 21.
Full optimization of the atomic positions was
carried out in a 108 atom supercell. Energy
reference is the bcc structure in all cases. The
volume was kept fixed for all compositions
and tetragonal distortions. The figure reprinted
from Ref. 23; part of the data were taken from
Ref. 26. Copyright (2012), with permission
from Elsevier.
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Figure 5.68: Three dimensional repre-
sentation of the experimental martensite
start temperatures, Ms as a function
of e/a ratio and Fe-content from a
combinatorial thin film study carried
out by Sven Hamann at Ruhr-University
Bochum [23, 26, 549, 550]. The color
coding color-coded Mn content. A
linear decrease of Ms with e/a yields
the best description of the data, while
the two projections do not reveal a clear
trend. Figure reprinted from Ref. 23.
Copyright (2012) WILEY-VCH Verlag
GmbH & Co. KGaA, Weinheim.

have a similar effect on the electronic structure as increasing e/a through alloying, and this has a similar
impact on the energy landscape. This motivates why the stability of the austenite phase – with respect to
the body centered as well as the fct martensite – depends so decisively on the magnetic state (which in turn
depends on temperature). Anti-parallel spins do not only affect the minority spin electron count, they also
interact with the surrounding ferromagnetic matrix. This usually leads to a lower magnetic transformation
temperature, and thus a lower magnetization at a given temperature even among the elements associated
with the Fe-Pd host. Such magnetic excitations help to stabilize the austenite with respect to the low tem-
perature martensite as the total energy variation in Fig. 5.60 clearly implies. Thus, the addition of Mn
could suppress the destructive irreversible transformation to the body centered ground state. In fact, this
has been suggested by Sanchez-Alarcos et al. [551] by comparing the transformation behavior of ternary
Fe-Pd-Mn bulk samples. On the other hand, if the content of Fe with ferromagnetic alignment is kept large
enough, the band-Jahn-Teller instability might persist at a sufficiently high temperature. This would extend
the area of the triangle in Fig. 5.29 which marks the appearance of the required fct phase. Indeed, the
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thin film experiments of Hamann and coworkers [23, 26, 549] indicate also a beneficial influence of Mn
on the temperature of the fcc-fct transformation, which increases – similar to the case of copper – up to
about 380 K for the specific composition Fe64.3Pd29Mn6.7 (see Fig. 5.68). Since, again, surface induced
strains persist, which originate from the different thermal expansion behavior of substrate and film, the
absolute values may be less favorable in a technologically relevant environment. Nevertheless, we must
expect – although the ground state properties are similar, regardless whether we introduce a nonmagnetic
or antiferromagnetic impurity – that the relationship between martensitic transformation temperature and
composition might be different and probably more complex in the latter case. This also becomes visible in
Fig. 5.68, since the transformation temperature now correlates much better with the valence electron ratio
e/a than the Fe-content. The main trend, a decrease of Ms with e/a is opposite to the observation made in the
Fe-Pd-Cu system (cf. Fig. 5.64). This, however, supports once more our conjecture, that the transformation
behavior is controlled mainly by the minority spin electron count, since this increases in both cases ac-
cordingly with Ms. In order to give a quantitative explanation from theory a full thermodynamic treatment
involving dynamic changes in the electronic structure arising from changes in the magnetic configuration
will be necessary. This is – so far – beyond the scope of the present possibilities but will become available
in foreseeable future, if the available computing power sticks to its exponential expansion behavior.

In order to achieve further improvements in the functional properties, one may have to go beyond
adding just one single component. This certainly complicates both, fabrication and understanding but also
provides a likely escape from the solubility limits of the ternary compositions. We can already conclude on
the basis of our present knowledge that, since Cu and Mn allow manipulating the transformation behavior
by making use of two different physical mechanisms, it will be particularly promising to combine these
admixtures in order to drive the operating range of the MSM system beyond the currently reached limits.



Chapter 6

Summary

The central concern of the present work is to convince the reader, how the exponential availability of
high-performance computing power, will open another complementary branch concerning the selection,
understanding and improvement of novel nanostructured functional materials. The consequence of this
fulminate dynamics is that most of the calculations presented here, which were at their time possible only
on the largest academic computing systems present in the world, could become a kind of standard – possibly
within less than a decade, since corresponding hardware will become affordable for an average university’s
average budget. Thus it is not far-fetched to expect that the computational design and characterization of
functional materials will become one essential step in this quest – on par with experimental techniques, like
high-throughput characterization on combinatorial materials libraries, transmission electron microscopy or
synchrotron based x-ray analysis methods. All these approaches can yield only in their combination a
complete picture ranging from the electronic structure of an individual atom to the macroscopic functional
properties, which will provide us with what we call understanding and – derived from this – heuristic
guidelines for the development of better materials.

The present survey demonstrates at the case of three examples of nanostructured materials characterized
by different degrees of complexity, how modern electronic structure theory can take part in this common
work and lead to new insights of immediate technological relevance.

6.1 Elemental nanoclusters: Understanding the interplay of structure and mag-
netism

The structure of Fe-clusters in the range of a few ten to a few thousands of atoms has been a matter of
debate for more than two decades. The work summarized here (see Refs. 3–5 and also [154] for further
details) corroborates that iron clusters from around N≈100 atoms upwards have a bcc structure in the
ground state. Close packed morphologies, like icosahedra and cuboctahedra with fcc coordination are in-
stable against a partial transformation along the so-called Mackay-path, which is a continuous, diffusionless
transformation pathway between both arrangement. In iron clusters, this transformation proceeds from the
core to the surface in a varying degree, leaving the complete geometric shells of the clusters intact. This
unusual structural modification was first discovered by Georg Rollmann and Alfred Hucht in the magic
number isomers up to N=55 atoms. For this size, the shell-wise Mackay-transformed structure is a good
candidate for the ground state. The large scale DFT calculations carried out by the author contributed by
corroborating the building principle and by revealing the origin of this process: While retaining an icosahe-
dral outer shape, this structure is characterized by an fcc-like coordination of the cluster core and bcc-like
coordination of the sub-surface atoms, which can be verified through structural analysis techniques like
the common neighbor analysis, CNA, or by comparing the shell resolved electronic density of states with
bcc bulk iron, while the pair distribution function exhibits typical features of amorphous systems. Other
elemental nanosystems, like Co and Ni, do not exhibit this instability. For our investigation larger cluster
with sizes of N=309 or 561 atoms were necessary, as these possess a sufficient amount of shells to form
this environment, without larger distortions imposed by size restrictions. Correspondingly, bcc structures
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and shellwise Mackay-transformed structures are competitive, as the latter lies within the range of thermal
energies for these sizes. Thus, both might be expected in experiment, and indeed, the new morphology
provides a possible explanation for the particularly pronounced oscillatory variation of the moment with
the cluster size, arising from to the ferrimagnetic alignment of the spins in the face centered cluster core,
which is in much better agreement with the experimental data than the magnetically rather homogeneous
bcc isomers. An important methodological landmark was provided by the full structural optimization of
a ferromagnetic bcc Fe641 cluster [3], which superseded other related computational attempts of this time
in size and complexity and demonstrated already at this comparatively early stage that large-scale density
function theory calculations carried out on 103 processors are a valuable and practical tool experiment in
the quest for solutions to important open problems in nanoscience.

6.2 Binary nanoparticles: Tuning FePt for recording applications

Over the years, large expectations were put into self-assembled arrays of Fe-Pt and Co-Pt nanoparticles
as a future, commercially relevant ultra-high density medium for magnetic recording applications. This
is owed to the very large magnetocrystalline anisotropy of the respective bulk materials, which would al-
low producing extremely fine grains on the nanoscale, still being are capable of storing information for
decades. This is not possible with conventional recording materials, since comparatively fine structures of
these would become superparamagnetic, thus losing their information in short time simply due to thermal
fluctuations. So far, the hopes to obtain nanoparticles with diameters in the range of 3 to 5 nm with stable
ferromagnetism at room temperature have not come true. The central difficulty lies in the realization of a
single crystalline, well ordered L10 phase which should by present in the largest fraction of the particle,
without disturbing defects as grain or antiphase boundaries. In literature, two central reasons are discussed,
why this aim might not be achieved in experiments: First, the presence of surfaces, which implies a lower
coordination of the respective atoms, disturbs the thermodynamic ordering process, since the driving force
for ordering comes from the interatomic interaction. Second, the competition of single crystalline particles,
with morphologies which contain internal structural defects, like twin or grain boundaries. These might be
there “by accident”, due to the formation kinetics, or “on purpose”, since they belong to the formation prin-
ciple of a structure which is energetically preferred. This is the case for the so-called “multiply twinned”
particles, which are characterized by a regular arrangement of twin defects, which typically obey a five-fold
symmetry which cannot be present in bulk. The author’s work was in particular dedicated to the latter as-
pect, while some indication about the importance of the former was obtained as well. This discussion was
based on massively parallel first-principles calculations of nanoscale transition metal cluster containing up
to 1415 atoms or 12 792 valence electrons, respectively. The calculations include the full relaxation of the
geometric structures which is important to provide a realistic estimate of the relative stability of different
paradigmatic morphologies. Again, such calculations belong (even now) to the most demanding with re-
spect to computing power and memory requirements, which can only be completed on the world’s largest
machines.

These calculations show that for ordered stoichiometric Fe-Pt particles a crossover between hard mag-
netic single crystalline bulk-like structures and multiply twinned morphologies at smaller sizes will take
place for energetic reasons. The latter are furthermore favored through the segregation of Pt to the sur-
face, which reduces the surface energy significantly. The calculations indicate that this crossover should
be expected at particle diameters in the range of about 4 nm. The systematic comparison with possible hy-
brid structures, with Pt-segregation in the outermost layers and different types of order in the particle core,
demonstrate that also these may become competitive. This reduces the “active” particle volume and con-
sequently increases the required particle diameter. This can help to explain the experimental difficulties to
form ferromagnetic particles in this size range exhibiting a sufficiently large magnetocrystalline anisotropy
energy which is required for ultra high density data recording purposes. One possible strategy to circum-
vent twinning, is alloying of the material which forms the cluster core with an element which suppresses
the formation of such defects. From the electronic structure, one can derive as a heuristic guideline that a
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reduced electron count in the minority spin 3d states could solve the problem. Indeed, substitution of Fe
by Mn turns out as a suitable measure in this respect. However, due to its inherent tendencies towards an
antiferromagnetic coupling to its neighbors, Mn acts adversely on the magnetic properties in a direct way
and can only be used in small amounts, which is – at best – a compromise.

The segregation of one species to the surface naturally affects the composition in the particle core,
which is likely to be shifted away from the optimum. The consequences are presumably more severe for
Co-Pt than for Fe-Pt since in the latter case, the diffusion of Pt atoms into the subsurface shell is energeti-
cally suppressed, as was also shown recently in a more thorough fashion by a combined DFT-Monte Carlo
study [46]. The extent of this effect depends on the size of the particle as well as its constituting elements
and thus probably requires increased attention from the experimental side. On the other hand, Fe-Pt and
Co-Pt nanoparticles with a Pt-enriched surface, which have been identified experimentally in high resolu-
tion transmission electron microscopy, may be of use for catalytic purposes [552, 553] taking advantage
of their magnetism as another degree of freedom for further manipulation. Indeed, such bimetallic core-
shell structures receive increased attention as they provide new opportunities to optimize their functional
properties [156,554]. It should be noted for the sake of completeness that the employed method only com-
pares ground state properties. These allow only an approximate view on the sDiffusion assisted processes
as Ostwald ripening which can lead to an inhomogeneous distribution of the atoms [555], oxidation re-
lated segregation processes [217] or the presence of surfactants which change the energetic relation of the
surfaces have not been taken into account so far. Future investigations should explore the importance of
electronic correlation effects, either on a simplified basis within the GGA+U scheme or in a more elaborate
fashion using dynamical mean field theory, which is currently extended to the nano-world but still limited
to very small system sizes [556]. Another important issue arises from the use of standard GGA functionals
which exhibit a systematic underestimation of surface energies [557]. These effects are minimized in the
present study by keeping the number of surface atoms with decreased coordination fixed. Thus the corre-
sponding errors can cancel to some extent since only differences in surface energies enter the comparison.
Other limitations arise from the insufficient description of the van der Waals interaction within LDA or
GGA. Improved functionals were shown recently to solve the above mentioned problems with respect to
bulk properties, surface and adsorption energies [92, 557] but certainly at the expense of a significantly
increased computational demand.

All these considerations concern free floating nano-particles either obtained from the gas-phase or in
solution. For building a functional device, the particles need to be arranged on a surface and, possibly, to
be covered by a protective layer to avoid long-term chemical degradation, like oxidation. The impact of the
presence of surface-particle interfaces or the interaction with protective layers on the magnetic properties
of the particle remains thus another important concern for technological purposes. These affect the particle
directly through hybridization of the electronic states at the new interface or indirectly through the interface
stress. This induces relaxations and alters the local lattice spacing which is important for the hard magnetic
behavior as well. In the present survey, this was paradigmatically investigated for the case of monolayer
capping with Al, Cu and Au, explicitly including orbital magnetism being responsible for the magnetocrys-
talline anisotropy. In the case of Al, likewise trends in spin and orbital moments were encountered, in close
correspondence to simultaneous synchrotron experiments using X-ray magnetic circular dichroism to de-
termine the spin-to-orbital moment ratio, which was found to remain essentially constant. However, the
hybridization of Al-sp and Fe-d states leads to a degradation of the magnetic properties. Thus, protec-
tive layers of late transition metals appear to be a much better alternative. Here, in both cases, the hard
magnetic properties of the free particle could be largely maintained. The result, however, depends on the
type of surface termination, which should preferably be Fe in case of a Cu-capping and Pt for a gold layer.
Especially the latter case shows that again hybridization also between d-states may have a large influence,
if a heavy element with a large spin-orbit-coupling constant is involved. From the inspection of the orbital
moment anisotropy, it becomes clear that in particular the surface moments of the heavy component makes
the largest contribution to the anisotropic behavior. Thus the coverage of specific facet with carefully se-
lected elements may give the magnetocrystalline anisotropy a further boost, which effectively increases the
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hard magnetic volume per particle and thus the integration density.
As the central result of a joint theoretical and experimental effort (with the groups of Heiko Wende and

Michael Farle, in particular, Carolin Schmitz-Antoniak), we could condense the essence of the comparison
between the three different protective layers into three fundamental observations [13]: First, in accordance
with the specific choice of the protective element also the appropriate termination of the particle interface
must be selected in the fabrication process since the right combination can have major impact on the MAE.
Second, since the hybridization of the 5d states with the strongly spin polarized 3d states of Fe is essential
for a large magnetocrystalline anisotropy, a large spin magnetic moment at the Pt sites must be preserved
– in particular at the interface to the substrate or protective layer. Third, structural modifications arising
from the additional interface can be of similar impact on the hard magnetic properties as the changes in
the electronic environment. These compact observations allowed us to formulate guidelines for the pre-
diction and design of nanoparticle systems with well tailored magnetic properties: Hard magnetic FePt
nanoparticles should be protected by an element of the late 3d series, if the termination consists predomi-
nately of the 3d component and of 5d elements in case of a 5d termination, in order to maintain the large
MAE comparable to the corresponding uncovered nanoparticles. An interesting alternative may also be
Ag; this, however, has been left open for future investigation. In turn, if one wants to obtain comparatively
soft magnetic FePt nanoparticles with large saturation magnetization, which are for instance of potential
use as magnetic contrast agents, Fe-terminated surfaces should be capped with heavy elements with large
spin-orbit coupling like Au. These yield – in contrast to Al – largely unchanged magnetic moments with
respect to the uncapped particles, but the MAE is significantly decreased. Finally, one may obtain soft
magnetic FePt nanoparticles with reduced saturation magnetization if elements with a large contribution sp

electrons like Al are involved. Here, we find a significant reduction of both MAE and magnetic moments.
Main group elements may be helpful to produce magnetic dead layers, which could be helpful to decouple
the magnetic elements in an array. Light main group elements like C, however, will find their way to oc-
cupy interstitial sites inside the particle which may lead to a far-reaching breakdown of the magnetization.
Again, it is important to stress, that these practical guidelines have emerged in the course of a collaborative
effort, combining complementary state-of-the-art theoretical and experimental methodology, which once
more underlines the central concern of this work.

6.3 Magnetic shape memory alloys: Ingredients for a cooking recipe

Concerning the prototype Heusler system Ni2MnGa, the essential milestones leading to the understand-
ing of this material starting from the break-through discovery of Ullakko and coworkers, were essentially
experimental. Nevertheless, electronic structure theory provided strong support modeling the microscopic
aspects of the transformation on the electronic scale, which are decisive for the systematic search of im-
proved compositions. These came from the early work of Andres Ayuela et al. [341], Jussi Enkovaara et

al. [344], Lee et al. [376], Claudia Bungaro et al. [436] and – certainly not at least – Alexey Zayak and
co-workers [558], to make a rather incomplete list. Their predictions fitted exceptionally well to the exper-
imental findings, as shown before. The present work builds up on their pioneering efforts and completes
them as far as necessary, taking advantage of the computational possibilities which meanwhile increased by
orders of magnitude. This clearly demonstrates, that the impact of the theoretical background would have
been even bigger and the progress faster, if the same computational methods would have been available
ten years ago. Meanwhile, computing power has become sufficient to investigate microstructural aspects
on the nanoscale, which are responsible for the high twin boundary mobility and are thus at the heart of
the shape memory effect. Understanding the adaptive austenite-martensite interface and the mobile inter-
face between the modulated martensites with electronic resolution, which gives access to the interplay of
magnetism and transition kinetics may thus become a major work goal for the next years. Obtaining full
control of the transformation kinetics may open new possibilities for these materials, since the functional
structures are not necessarily equilibrium phases as they evolve from a non-equilibrium martensitic process
assisted by a competing electronic instability.
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To address the mobility of twin interfaces in Ni2MnGa shape memory alloys in its various phases, the
author proposed a simulation scheme, which allows to get microscopic insight into a stress induced marten-
sitic reorientation process by means of ab initio molecular statics calculations. Relating the results of the
quasi-static simulations of shear-induced twin boundary motion in the L10 phase with c/a≈1.25 to previ-
ous calculations of the magnetocrystalline anisotropy energy, we see that the energy scales encountered in
the coherent reorientation processes of twins and magnetization are not of the same order of magnitude. So
far, the simulations are restricted to – still – comparatively small system sizes and defect-free interfaces.
Also the experimentally observed modulation in the so-called pseudo-tetragonal and orthorhombic phases
with c/a<1, which are the relevant ones for the MSM effect, should be taken into account. All of these
amendments are connected with increased numerical demands and thus left open for future investigations.

Despite their immobility with respect to shear deformation, the perfect L10 interface plays a decisive
role since they can be introduced at practically no cost in energy. This allows the formation of a periodic
(52)2 nanotwinned structure (described by a double stacking of twins of five L10 layers oriented in one
direction and two in the other) which is identical to the experimentally observed 14M modulated phase
and consequently nearly degenerate to the L10 ground state. According to the concept of Khachaturyan
[424, 426] the formation of an nanotwinned (“adaptive”) structure minimizes the energy of the austenite-
martensite interface. The formation of the monoclinic 14M can evolve downhill in energy through the
formation of sinusoidal modulations in austenite, which are recognized as premartensite. The origin of
these modulations in an electronic instability related to Ni-eg states close to the Fermi level [50] which is
connected with extended nesting sheets on the Fermi surface. These sheets can be connected through a wave
vector, which corresponds to the vector of a soft phonon mode [376,436]. Its eigenmode, in turn, relates to
modulation observed in experiment, which is consequently stabilized by the removal of the respective parts
of the Fermi surface in the spirit of a Kohn anomaly. The presence of modulations lowers the symmetry and
tetragonal, orthorhombic or monoclinic changes of the lattice parameters are then a natural consequence. In
a tetragonal approximation, the corresponding lattice parameters are found in opposite direction (c/a<1)
from the austenite (c/a=1) than the low temperature martensite (c/a>1).

In turn, magnetoelastic coupling is pivotal for the stabilization of the austenite. The reduction of
the magnetic moment according to finite temperature excitations decreases the energy difference between
austenite and non-modulated martensite such that the higher vibration entropy of the austenite can finally
stabilize the cubic phase. Also the stability of modulated premartensite is subject to finite temperature
magnetism and disappears already at a moderately reduced value. At this point, we can finally name the
central ingredients for a working magnetic shape memory material:

• A flat energy profile along the transformation pathway representing a strong elastic anisotropy of
the material, which will be supported by electronic instabilities such as a band-Jahn-Teller effect or
extended nesting features of the Fermi surface.

• A phonon anomaly which arises from these instabilities introducing a periodic modulation, which
eventually supports the shear mechanisms leading to the formation of periodic nanotwinned repre-
sentations of the non-modulated ground state. This is connected with a very low interface energy
between two adjacent non-modulated twins.

• The presence of complicated nanotwinned or modulated structures requires the formation of extended
higher-order twin boundaries, which, finally, are the interfaces between the mobile variants, which
can be shifted in the very low energy supplied by a magnetic field.

• The stabilization of the cubic austenite through an effective magnetoelastic coupling mechanism.

• Last but not least, the coupling between the variant orientation and magnetization direction is realized
through a sufficiently large magnetocrystalline anisotropy energy.

Since this picture claims generality, it must suit other materials classes as well. An appropriate test
ground form the Fe-based MSM alloys, in particular ordered Fe3Pt and disordered metastable Fe70Pd30.
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Figure 6.1: Illustration of the close analogy between disordered Fe-Pd and ordered Ni2MnGa MSM alloys with
respect to the relation of energy landscape, phonon softening and adaptive nanotwinning: Both systems exhibit a
relatively flat energy landscape with a small energy difference between the austenite (fcc for Fe-Pd and L21 for Ni-
Mn-Ga) and the martensitic ground state (bcc for Fe-Pd and L10 for Ni-Mn-Ga). In both cases, the energy difference
between both states corresponds roughly to the martensitic transformation temperature, without any significant energy
barrier in between. The cubic austenite is subject to an electronic instability arising from a symmetry-related accu-
mulation of states in the minority spin channel close to the Fermi level. This actuates the anomalous and anisotropic
softening of the phonons of one transversal acoustic branch in [110] direction. This soft mode corresponds to lat-
tice shears which are beneficial for the formation of nanoscale periodic variants with twins aligned along the [110]
directions and sharp and essentially costless twin interfaces, which can easily accommodate the martensite-austenite
habit plane. The building blocks are tetragonally deformed along the direct transformation path from austenite to
martensite (fct in case of Fe-Pd and L10 in case of Ni-Mn-Ga), while the final lattice parameters corresponding to
the adaptive superstructures rather imply a strain beyond the conventional transformation path. Their exact relation,
however, may – in particular for Fe-Pd – depend on the boundary conditions and can thus not be directly inferred from
the calculations. Possibly, if long-range periodicity is absent, such a superstructure may not be recognized properly
in diffraction experiments. The transformation strain in the third direction requires higher order interfaces between
nanotwinned structures. These are by construction less sharp and of higher energy and may exhibit sufficient mobility
to allow for field induced reorientation of the variants. The final step to the low temperature martensite involves the
removal of twin interfaces in a potentially irreversible coarsening process.
The phonon dispersions appearing in the upper diagrams were published in [369] and [356], while the center diagrams
as well as twin structures in the bottom part are adapted from [24] and [15]. Copyright by the American Physical
Society and WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.
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Although not as pronounced as for Ni2MnGa, both exhibit large magnetic field induced strains, the latter
also fairly close to ambient conditions. There are marked differences with respect to the Heusler alloys.
The Fe-based alloys and compounds do not contain main group elements and instead of a body centered
average coordination of the atoms in the Heusler case, the austenite is rather characterized by a face centered
coordination.

But, still, this analogy apparently works: As the Ni2MnGa prototype, Fe3Pt and Fe70Pd30 possess
an essentially flat binding surface without a significant energy barrier separating the austenite state from
the martensite. Both exhibit a soft phonon which appears only in [110] direction, which supports shear
movements of corresponding [110] planes with the specified periodicity. The polarization of the mode is in
the Fe-based case TA1 corresponding to atomic shuffle in [100] direction as opposed to TA2 (corresponding
to [110] shuffle) in the Heusler case. This is consequent since these directions are the rather “open” ones,
offering more space for displacements, in both cases. In ordered Fe3Pt, it is again possible to relate the soft
phonon to extended nesting fractions of the minority spin Fermi surface. These result in a large electronic
density of states at the Fermi level. The states are redistributed to energies above and below if the phonon
is condensed, supporting its creation through the gain in band energy in the spirit of the band Jahn-Teller
mechanism. The resulting distortion pattern can be characterized as the orthorhombic deformation of
Fe-octahedra in a simple cubic Pt matrix. The lowered symmetry of the atomic arrangement leads to a
tetragonal distortion of the lattice parameters, which is corroborated from experiment. Also for ideal, face
centered cubic Fe70Pd30 an enhanced minority spin density of states is present right at the Fermi level.
This can be exploited by a band Jahn-Teller mechanism either to stabilize a tetragonal distortion on the
essentially flat binding surface, as proposed by Opahle et al. [462], or to pay for static displacements in
the cubic structure [21]. The corresponding pair distribution function shows then a trimodal pattern in the
Fe-Fe nearest neighbor peak, which we would expect from the orthorhombic deformation of Fe-octahedra
in the ordered alloy. Again, a tetragonal distortion may result now as a consequence.

The key stone result is the prediction of adaptive nanotwinning in the Fe-Pd system from both large
scale DFT calculations and experiments on coherently strained epitaxial films [24]. These occur if the
transformation path (“Bain path”) starting at the low temperature martensite (bcc, c/a<1) is extended
beyond the austenite (fcc, c/a=1) towards c/a>1. The simulation box then fills autonomously with
a twinned pattern consisting of slightly tetragonal fct twins oriented in [110] direction. The diffraction
analysis of the films indicate a rotational movement of the atoms which occurs at the [110] twin boundaries
and the resulting satellites are consistent with the introduction of fct twins with c/a<1 [23]. The respective
lattice shear is supported by the soft phonon in [110] direction.

Taking advantage of the knowledge of the energy landscape and the geometric relation between simula-
tion box and twins we can derive that the formation energy of the twin interface is, just as for Ni2MnGa [15]
and NiTi [336], extremely low if the tetragonality of the twins is not too large, i. e., in the range correspond-
ing to the experimentally observed fct phase. This finally leads to the conjecture that – exactly as in the
case of the Ni-Mn-Ga based Heusler systems – a higher order twin interface between two extended nan-
otwinned regions with sharp primary interfaces, form the highly mobile martensitic twin boundaries which
can be shifted easily in external magnetic fields [430]. The final correspondence to the Heusler based alloys
is the presence of a strong magnetoelastic coupling which contributes to the stabilization of the austenite
phase: In Fe3Pt a ferrimagnetic spin arrangement makes the soft phonon branch behave normal, while in
Fe70Pd30 the order of the minima on the binding surface is inverted through magnetic excitations, modeled
by a constant number of inverted Fe-spins.

Having now a list of ingredients, we can try to design a recipe for a better magnetic shape memory
material. For the Fe-based materials the primary concern is in particular the thermal stability range of the
fct phase with respect to the transformations to the austenite and the low temperature martensite. This
requires fostering the band Jahn-Teller instability while keeping the energy surface sufficiently flat. For the
case of Fe70Pd30, it makes sense to follow the suggestion of Opahle et al. [462] and increase the Fe-content
to values as close as possible to 80 %. At this concentration the electronic instability crosses the Fermi level
and thus the largest effect should be expected. At the same time the average electron count e/a needs to
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be adapted, since the higher Fe-content decreases e/a, and this increases the stability of the undesired low
temperature martensite. A close collaboration between experiment and theory identified Cu as a suitable
candidate to fulfill this goal [27]. However, the solubility of Cu in a Fe-Pd matrix is limited to a few
percent. For the optimum effect one might exploit at the same time a second mechanism. One possibility
is the magnetoelastic stabilization of austenite, which can be affected by deliberately introducing magnetic
inhomogeneities, for instance in terms of elemental moments which couple antiferromagnetically to the
matrix. This essentially changes the equilibrium configurations at finite temperatures (thus our present
ground state calculations can only give a limited account, here). Again, recent experiment revealed that
Mn, which essentially couples antiferromagnetic to the ferromagnetic Fe-Pd matrix yields very promising
results in terms of a significantly higher martensitic transformation temperature and extended range of the
fct phase [26, 549, 551]. The combination of these two improvements in a quaternary alloy is thus only a
logical consequence, which should be tackled in near future.

6.4 Concluding remarks

The physics explained in this work was essentially derived on the basis of computational results. This was
done on purpose. Many of the above conclusions could have been inferred from experimental studies alone.
And in some cases this was also the case. However, the main intent of the present study is to demonstrate the
predictive capabilities of this rather new approach which is evolving with exponential dynamics – parallel to
the evolution of the computing capacities. The correspondence between experiment and theory has shown
to be very good. This is owed to the fortuitous fact that for the systems under consideration, standard
DFT with local spin density and generalized gradient approximation to the exchange-correlation functional
provided already an excellent description of the fundamental structural properties. This is – of course –
not always the case and must be considered appropriately, for instance in terms of higher level description
of exchange and correlation, in a truly predictive study of other materials classes (as, for instance, oxides).
This will charge its price in terms of increased computing power.

The main advance of this work is the successful practical demonstration of how the predictive power of
massively parallel first-principles calculations could be of use as an independent method for the heuristic
search of materials and their characterization in the development of nanoscale functional magnetic materials
and in the long run help to predict improved structures with novel functionalities. Despite all limitations,
the calculations presented in this work might be taken as a blueprint for future research projects, especially
after the necessary hard- and software resources have become available to model an improved setup. In
this respect the development of a DFT approach, which can solve the problem for metallic systems in
order-N computing time (and main memory) while allowing for relaxation of atomic positions (or ab initio

molecular dynamics) is highly desirable. The Green’s function based multiple scattering schemes currently
appear – among others – to be on a good track to become such a tool. The systematic investigation of
hybrid structures in the order of thousands or ten-thousands of atoms, requires the use of world-leading
super-computer hardware, which is steadily approaching the Exaflop performance range. However, only
those disciplines, which can make efficient use of tens-to-hundreds of thousands (or, in future, millions) of
cores simultaneously while solving their most outstanding problems can benefit disproportionally from this
development. Other applications requiring large amount of computing time but a smaller amounts of cores
at the same time – for instance statistical averaging – might have to wait until the corresponding hardware
becomes mainstream equipment in average universities before they can enter the competition. Due to the
numerical complexity of the approach, electronic structure methods in materials science and chemistry
are in a more difficult position, here, and thus in a potential danger to fall behind. A close cooperation
between scientific code development, hardware experts and users maintaining the close link to problems
of technological relevance can help to claim our share, ensuring that electronic structure methods remain
a central showcase application demonstrating the benefits of massively parallel computing to the scientific
community in the Exaflop age.
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